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Abstract: The densification characterization, phase constitution, precipitation evolution and mechanical performance of 
Al−Mg−Sc−Zr alloy processed by laser powder bed fusion (LPBF) were systematically investigated. Moreover, the 
evolution of phase constitution and precipitation behavior after heat treatment were characterized by using X-ray 
diffraction (XRD) and transmission electron microscope (TEM) analysis. The ultimate tensile strength (UTS) of as-built 
samples ranged from 396.8 to 414.6 MPa as the scanning speed decreased from 1600 to 1000 mm/s. After post heat 
treatment, the yield strength (YS) increased to (513.1±1.3) MPa, while the UTS increased from (414.6±5.1) to 
(539.2±1.5) MPa. The significant improvement of mechanical performance was ascribed to the formation of secondary 
Al3(Sc,Zr) precipitates. 
Keywords: additive manufacturing; laser powder bed fusion; Al−Mg−Sc−Zr; precipitation behavior; microstructure; 
mechanical performance 
                                                                                                             

 
 
1 Introduction 
 

Laser powder bed fusion (LPBF) is widely 
used in many fields such as aerospace, medical 
equipment, and automobile owing to its significant 
merits in fabricating complex structure parts [1]. 
Due to their low density, LPBF fabricated 
aluminum (Al) alloys with outstanding mechanical 
performance are strongly expected, particularly in 
aerospace and military fields [2,3]. However, only  
a small amount of castable Al alloys is suitable  
for additive manufacture process because of their 
small solidification window and low hot-cracking 

susceptibility. Up to now, 2xxx, 6xxx and 7xxx 
series Al alloys are usually fabricated by traditional 
techniques, i.e., cast, wrought and welding, while 
they exhibit intensive hot-cracking susceptibility 
during LPBF process [4,5]. Thereby, investigations 
on the LPBF fabricated Al alloys majorly 
concentrate on the castable Al−Si series alloys (e.g. 
Al7Si, AlSi10Mg and Al12Si) [6]. The Al−Si series 
alloys with near-eutectic composition indicate that 
they exhibit a narrow freezing range during 
solidification, resulting in the low susceptibility of 
hot-cracking. 

Though LPBF fabricated Al−Si series alloys 
demonstrate excellent processability, they cannot 
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compete with the extensively used high-strength 
2xxx and 7xxx Al alloys owing to their limited 
strength. This dilemma cannot satisfy the ever- 
growing strength requirements of aerospace fields. 
Now, only simple and small-size 2xxx and 7xxx Al 
alloy counterparts can be directly fabricated by 
LPBF [7,8]. Additionally, LPBF fabricated Al 
alloys exhibit the potential to substitute titanium  
(Ti) alloy and steel to meet the aim of lightweight 
and energy saving [9]. Thereby, LPBF fabricated  
Al alloys with excellent printability and high 
performance are significantly desirable and 
expected. 

A promising alternative to 2xxx and 7xxx Al 
alloys is Al−Mg−Sc−Zr alloy. With moderate 
strength, its strength mainly depends on the solid- 
solution and precipitation strengthening [10,11]. 
Notably, with the modification of Sc and Zr, the 
Al3(Sc,Zr) phase could be produced, promoting 
significant grain refinement and precipitation 
strengthening [12]. In recent years, extensive 
studies have concentrated on cast and wrought 
Al−Mg−Sc−Zr alloy, which demonstrates excellent 
room temperature mechanical performance and 
significant resistance to recrystallization [13]. 
Thereafter, investigations concentrated on LPBF 
fabricated Al−Mg−Sc−Zr alloy have become a 
research hotspot in recent decades. SHI et al [14] 
investigated the printability of Al−Mg−Sc−Zr alloy 
and fabricated dense and crack-free samples, 
identifying that Al−Mg−Sc−Zr alloy was suitable 
for LPBF additive manufacturing. SPIERINGS   
et al [15] studied the microstructural features     
of Al−Mg−Sc−Zr alloy fabricated by LPBF, 
demonstrating that fine equiaxed grains formed 
near the melt pool bottom and coarse columnar 
grains grew towards the building direction. 
Importantly, the tensile performance could be 
further improved after aging treatment because of 
the nano-scale Al3(Sc,Zr) precipitation formation, 
promoting considerable precipitation strengthening. 
Moreover, the static mechanical performance in 
various orientations was studied by SCHMIDTKE 
et al [16], identifying that the tensile strength of 
heat-treated samples can exceed 500 MPa for all 
directions. SPIERINGS et al [17] focused on the 
mechanical performance of LPBF fabricated 
Al−Mg−Sc−Zr alloy and identified outstanding 
tensile performance of ~400 MPa for as-built 
samples. Furthermore, the strength of heat-treated 

samples can exceed 500 MPa, demonstrating that 
heat treatment is an important post-process 
technique to improve the mechanical performance 
of Al−Mg−Sc−Zr alloy. Nevertheless, the process 
efficiency of the LPBF technique is still relatively 
low which is proportional to the laser scanning 
speed [18]. The reason could be attributed to the 
fact that current LPBF technology is a layer-by- 
layer deposition process with the use of low laser 
power (50−400 W) coupled with low scanning 
speed (80−1400 mm/s), limiting the efficiency of 
processing large-scale engineering components [19]. 
Considering the ever-increasing strength and cost 
requirements of aerospace fields, it is worth further 
studying the microstructural feature and mechanical 
performance of Al−Mg−Sc−Zr alloy especially 
fabricated at different laser scanning speeds. 
Moreover, the precipitation behavior of Al−Mg− 
Sc−Zr alloy corresponding to different laser 
scanning speeds also needed to be elucidated. 

In this study, the densification behavior and 
microstructure evolution of samples fabricated at 
different laser powers and scanning speeds were 
studied, and the underlying mechanisms were also 
analyzed. The influence of laser scanning speeds on 
microstructure evolution and mechanical properties 
was also systematically studied. Furthermore, the 
tensile performance of as-built and heat-treated 
samples was identified to reveal the precipitate 
behavior of secondary Al3(Sc,Zr) nano-precipitates. 
 
2 Experimental 
 
2.1 Raw powders 

Argon gas atomized pre-alloyed powders with 
the particle size ranging from 30 to 72 μm were 
used as raw materials, as shown in Fig. 1. The 
chemical composition of raw materials and as-built 
samples were measured by inductively coupled 
plasma atomic emission spectroscopy (ICP-OES) 
and the corresponding results are summarized in 
Table 1. To eliminate the moisture, the original 
powder feedstocks were dried at 120 °C for 12 h 
before LPBF processing. 
 
2.2 Sample preparation and post heat treatment 

Sample preparation experiment was conducted 
in a commercial EOSINT M280 powder-bed 
instrument, including a Yb-fiber laser with 400 W 
maximum power (spot size of around 100 μm, and  
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Fig. 1 (a) Morphology of Al−Mg−Sc−Zr pre-alloyed powders revealed by scanning electron microscopy (SEM);     
(b) Powder size distribution 
 
Table 1 Chemical compositions of original feedstocks and as-built specimens (wt.%) 

Material Mg Mn Sc Zr Si Cu Ti Fe O Al 

Original feedstock 4.84 0.50 0.66 0.33 0.055 0.001 0.004 0.31 0.038 Bal. 

As-built specimen 4.33 0.48 0.66 0.33 0.030 0.001 0.003 0.080 − Bal. 

 
wavelength of 1064 nm). For process parameter 
optimization, test samples (9 mm × 9 mm × 7 mm) 
were processed at different combinations of laser 
power and scanning speed ranging 221−370 W and 
500−3000 mm/s, respectively. The powder layer 
thickness and hatch distance were kept at 30 and 
100 μm for all the processes. All samples were 
fabricated with a 67° rotation angle alternating 
strategy as presented in Fig. 2. The LPBF process 
was conducted in an argon protective atmosphere 
under a controlled minimum oxygen content 
(0.1 vol.%). Archimedes law was used to determine 
the densification of the specimens. Ten tests were 
 

 
Fig. 2 Schematic graph of building direction and laser 
scanning strategy 

carried out for each sample. To obtain the fully 
dense and crack-free samples, the optimized laser 
power (P) and scanning speed (V) were 370 W and 
1200 mm/s, respectively. 5083 Al substrate was 
used and preheated to 180 °C before the LPBF 
processing. During the LPBF processing, deposition 
was opposite to the protective gas flow direction  
in order to minimize splashing. The heat-treated 
specimens were first aged for 325 °C for 4 h and 
then cooled to room temperature in air. 
 
2.3 Microstructure characterizations and 

mechanical performance tests 
Pore characterization investigations were 

carried out by optical microscopy (OM, Leica 
DMI5000 M). For OM observation, the metallo- 
graphic sample was first mechanical ground and 
then polished. A Nova Nano SEM 430 scanning 
electron microscopy (SEM, FEI, Holland) was  
used in this study. Moreover, energy dispersive 
spectroscopy (EDS) and electron backscatter 
diffraction (EBSD) detectors were included in the 
SEM. For SEM characterization, the specimens 
were first mechanical ground and polished. Keller 
reagent (2.5 mL HNO3, 1.5 mL HCl, 1 mL HF and 
95 mL deionized water) was used to reveal the 
microstructural feature. X-ray diffraction (XRD, 
PANalytical, Holland) with Cu Kα radiation was 
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conducted to complete the phase analysis at a 
working voltage of 40 kV. The scanning rate of 
12 (°)/min was used for the XRD patterns in the  
2θ range from 20° to 120°. For EBSD tests, the 
mechanically polished specimens were further 
ion-polished at a working voltage of 3.5−5.5 kV for 
1 h. The nanoscale microstructure analyses were 
carried out via transmission electron microscope 
(TEM, JEOL JEM−2100F) coupled with EDS at an 
operating voltage of 200 kV. For TEM observation, 
the lamina was cut to 0.5 mm thick slices via 
electric discharge machining (EDM). Ion polishing 
system (Gatan 695) was used to further process the 
TEM slices. 

Before the microhardness tests, all specimens 
were mechanically ground and polished to the 
surface roughness of 1 µm surface. Vickers micro- 
hardness identifications were conducted via a 
DHV−1000Z Vickers microhardness instrument 
under a 200 g load and a 15 s dwell time. To 
minimize the error, 15 tests were carried out     
for each condition. Tensile experiments were 
performed along the horizontal direction of each 
specimen with the gauge size of 14 mm × 3 mm ×  

2 mm, as presented in Fig. 3. For all tests, a 
crosshead speed of 0.5 mm/min was used in a 
Shimadzu AGXplus tester at room temperature. 
Three specimens were measured to ensure statistical 
consistency. Then, the tensile fracture morphologies 
were observed by SEM. 
 

 
Fig. 3 Drawing of tensile sample (Unit: mm) 
 
3 Results 
 
3.1 Relative density and processability 

The relative density of the as-built specimens 
by different processing parameters is shown in 
Fig. 4. Figure 4(a) presents the relative density 
varied with laser powder at the constant scanning 
speed of 1600 mm/s. Obviously, the relative density 
raised continually from 95.2% to 98.1% as the laser 

 

 
Fig. 4 Relative density of as-built specimens obtained at different process parameters: (a) Laser power (constant 
scanning speed of 1600 mm/s); (b) Energy density (constant scanning speed of 1600 mm/s); (c) Scanning speed 
(constant laser power of 370 W); (d) Energy density (constant laser power of 370 W) 
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power increased, viz., increasing the laser energy 
density (Fig. 4(b)). The result shows that the pores 
could be eliminated and there was a tendency that 
the proportion of pore reduced as the laser power 
increased. Generally, with the increment of laser 
energy density, the melt pool enlarged, contributing 
to lower porosity and higher relative density [20]. A 
high energy density increased the melt pool size, 
thus the overlap portion between adjacent scanning 
tracks and deposition layers was enhanced and   
the pore was reduced. For the track-by-track and 
layer-by-layer deposition manner of LPBF, an 
adequate overlap proportion is important for high 
densification. 

In contrast, for the constant laser power 
(370 W), the densification primarily increased and 
then dropped with the increment of scanning speed, 
viz., decreasing the laser energy density. Thereby, 
the lowest porosity and the highest relative density 
were achieved at 1200 mm/s (Fig. 4(c)). It is worth 
noting that the high reflectivity intrinsic to 
aluminum alloy powders might contribute to the 
insufficiency of laser energy input, resulting in 
insufficient melt of raw powders. However, the high 
laser power (370 W) guaranteed an adequate laser 
energy input, resulting in high temperature within 
the melt and promoting the break of oxide film and 
decrement of liquid dynamic viscosity (μ) [21]. 
Generally, a smaller μ ensured an adequate spread 
of melt on the former deposited layer, promoting 
the wettability and densification. The wettability of 

liquid, which was dependent on the interaction of 
powders and laser, had a significant influence on 
the inter-layer integrating level. 

The corresponding optical micrograph images 
also reveal the pore types and densification 
behavior of samples fabricated with different 
scanning speeds. The optical images of as-built 
specimens fabricated at various scanning speeds are 
presented in Fig. 5. 

Obviously, large-sized spherical pores and 
large cavities appeared at a relatively small 
scanning speed (500 mm/s), indicating poor 
densification of as-built samples. As the scanning 
speed was relatively small, the laser beam dwelling 
lifetime became longer, stimulating the melt 
superheating. This intensified the element 
vaporization, inducing pore defects and decreasing 
the densification. Additionally, the gap between 
melting and solidifying became longer at a low 
scanning speed, leading to a more marked growth 
of trapped hydrogen pore and a low densification 
level [22]. As the scanning speeds rose to 
1600 mm/s, the large-size pores transformed to 
some small-size pores. Specially, the as-built 
sample was nearly fully dense and free of big pores 
at 1200 mm/s. This identified that a threshold of 
scanning speed existed to yield a maximum relative 
density. While the scanning speeds raised from 
1600 to 2400 mm/s, the pore size and portion 
increased again. Notably, the capillary instability 
within the melt pool intensified when the scanning 

 

 
Fig. 5 Optical micrographs revealing densification behaviors of samples fabricated at various scanning speeds:       
(a) Horizontal and vertical images of all specimens; (b−d) Magnified images at various scanning speeds of 500 mm/s, 
1600 mm/s and 2400 mm/s, respectively 
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speed was relatively high, contributing to the 
balling effect due to the splashing of liquid droplets 
[23]. The balling effect led to the rough surface, 
preventing the adequate spread of liquid on the 
former deposited layer. As a result, the densification 
lowered. However, the cracks were not found 
within the current samples. The above relative 
density data and the corresponding optical 
micrograph images identified that Al−Mg−Sc−Zr 
alloy demonstrated excellent processability, and 
fully dense and crack-free specimens could be 
processed at a wide process window. 
 
3.2 Phase constitution 

The XRD patterns of raw powders and as-built 
samples are depicted in Fig. 6. The diffraction 
peaks of the α(Al) phase were observed in the 
whole XRD patterns. However, Al3(Sc,Zr) and 
other new phases were not detected owing to    
the limited phase fraction and XRD detection 
limitation. 
 

 
Fig. 6 XRD patterns of raw powders and as-built 
samples fabricated at various scanning speeds 
(2θ=20°−120°) 
 

It can be deduced that periodic rapid melting 
and solidifying of LPBF suppress the precipitation 
of secondary phase and increase the solubility 
limitation of solutes within the matrix. The XRD 
pattern of raw powders demonstrated an obvious 
(111) texture. In contrast, the XRD patterns of 
as-built samples illustrated intensive (200) 
diffraction peaks compared with raw powders, 
indicating a marked texture transformation owing  
to the rapid cooling feature intrinsic to LPBF.   
The (200) texture is ascribed to the preferred 
solidification direction of 〈100〉 in aluminum [24]. 

This characteristic of obvious (200) texture can also 
be found in AlSi10Mg and Al−12Si alloys [25]. 

To further analyze the XRD diffraction peaks, 
the XRD patterns within a narrow 2θ range of 
37.5°−39.0° and 44.0°−45.0° are shown in Fig. 7. 
 

 
Fig. 7 Magnified view of XRD patterns showing 
variation of diffraction peaks at various scanning speeds: 
(a) (111) peak; (b) (200) peak  
 

As depicted in Fig. 7, the XRD patterns 
revealed that the 2θ position of diffraction peaks 
shifted with the increment of scanning speed. Here, 
the reference α(Al) diffraction peaks (JCPDS Card 
No. 04-0787, 2θ=38.472° and 2θ=44.738°) were 
used as a comparison. Compared with the reference 
diffraction peaks, the location of the 2θ deflected  
to a lower angle, implying the lattice distortion   
of α(Al) phase. However, the 2θ values of as-built 
samples processed at all laser scanning speeds 
considerably increased compared with the original 
powders. The corresponding results of the identified 
XRD diffraction peaks are summarized in Table 2. 

According to the Bragg’s law [26], there is  
2dsin 𝜃𝜃=nλ (n=1, 2, 3, …)                  (1)  
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where λ represents the XRD diffraction wavelength; 
d and θ are the lattice plane distance of (hkl) and  
the angle of diffraction peak, respectively. The 
diffraction peak deflected to a smaller value 
indicating a greater d, which was attributed to the 
solid solution of Mg [27]. Compared with the raw 
powders, the 2θ values of as-built samples were 
much higher, which might be produced by the Mg 
volatilization. The dramatically high temperature 
within the melt pool led to a significant evaporation 
loss of Mg due to the higher vapor pressure, 
decreasing the Mg content within the matrix. 
Thereby, Mg content in as-built specimens 
decreased compared with raw powders, resulting in 
the decrease of d value (Table 2). 
 
3.3 Microstructure of as-built samples 

Figure 8 shows the backscattered SEM images 
of melt pool morphologies in the building direction. 
Obviously, the configurations of melt pool were 
significantly influenced by the scanning speeds. 
Specially, typical fan-shell microstructure was 
found, which included two distinct regions in each 
melt pool: coarse columnar grain within the center  

Table 2 XRD results revealing location and intensity 
variation of α(Al) diffraction peaks 

Specimen 2θ/(°) d/Å a/Å Intensity 
Standard card  
(No. 04-0787) 38.472 2.3380 4.0495 − 

Raw powder 38.191 2.3546 4.0783 3161 

As-built (1000 mm/s) 38.337 2.3459 4.0632 8363 

As-built (1200 mm/s) 38.297 2.3483 4.0674 8971 

As-built (1600 mm/s) 38.323 2.3468 4.0648 7312 
a−Lattice parameter 
 
of molten pool and fine equiaxed grain near the 
molten pool bottom. The fine equiaxed grain 
formation was ascribed to the introduction of 
Al3(Sc,Zr) nucleating agents, refining the α(Al) 
grains [28]. In contrast, the columnar grain 
formation was ascribed to the thermal behavior of 
LPBF and the absence of nucleating agents during 
solidification [15,26]. Notably, bright contrast 
particles could be observed near the molten pool 
bottom (Fig. 8(d)). Moreover, only a few of bright 
contrast particles could be found within the molten 
pool center, identifying an uneven distribution of 

 

 
Fig. 8 Backscattered SEM micrographs revealing melt pool morphologies of samples fabricated at different scanning 
speeds: (a, b) 1000 mm/s; (c, d) 1200 mm/s 
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particles within the melt pool. Generally, the LPBF 
fabricated Al−Mg−Sc−Zr alloy majorly contains 
two kinds of phase: Al−Mg oxide and Al3(Sc,Zr) 
[28]. In backscattered SEM images, elements with 
greater atomic number would exhibit brighter 
contrast, and thereby above bright contrast particles 
might be Al3(Sc,Zr) precipitates, produced during 
the solidification. These Al3(Sc,Zr) phases 
demonstrate a similar lattice structure with α(Al), 
stimulating the heterogeneous nucleation. By 
comparing the melt pool morphologies and grain 
distribution of various specimens, the fine-grain 
areas of specimens fabricated at 1200 mm/s were 
greater than those at 1000 mm/s, which might be 
attributed to the various solidification rates and 
precipitation behaviors [26]. 

To further reveal the grain feature, the inverse 
polar figure (IPF) map of sample fabricated at 
1200 mm/s is presented in Fig. 9. A significant 
bimodal or heterogeneous grain microstructure was 
observed, fine equiaxed grains aggregated along 
melt pool bottom and coarse columnar grains grew 
toward building direction. The transformation of 

grain morphology could be ascribed to various 
temperature distributions and precipitate behaviors 
of secondary phase particles within the melt pool 
[12,15]. Notably, the proportion of secondary phase 
particles in the fine equiaxed grain regions is much 
greater compared with columnar grain zones, as 
presented in Fig. 8(d). EBSD results also identified 
that no distinct texture existed in the fine equiaxed 
grain regions due to disordered fine grains, while 
significant 〈001〉 solidification fiber texture was 
observed in columnar grain zones (Fig. 9(a)). 

The grain size distribution is plotted in 
Figs. 9(c, d). Obviously, the grain size in columnar 
grain zones ranged from 1 to 10 µm, while the grain 
size in equiaxed grain bands ranged from 1 to 7 µm. 
Notably, the proportion of the equiaxed grains was 
about 23% retrieved from the EBSD statistical 
results, which was smaller than that of LPBF 
fabricated Al−Mg−Sc−Zr alloy (~42%) in the work 
of WANG et al [12] and Al−Mn−Mg−Sc−Zr alloy 
(~60%) reported by JIA et al [5]. The variation in 
the proportion of equiaxed grain might be due to 
various alloy compositions and process parameters. 

 

 
Fig. 9 Microstructure feature of LPBF sample fabricated at 1200 mm/s: (a) Inverse polar figure; (b) Illustration of 
building direction; (c, d) Grain size distributions of fine grain bands and columnar grain zones, respectively 
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The microstructure and major element 
distributions were further revealed via TEM and 
EDS mapping, as presented in Fig. 10. HAADF- 
STEM image reveals detailed grain microstructure 
and key element distributions of Al, Mg, Mn, Sc 
and Zr. The STEM image presents an uneven 
distribution of secondary phase particles, namely, 
their abundance in equiaxed grain areas and their 
absence in coarse columnar grain zones. These 
secondary phase particle sizes ranged from 
nanometer to submicron. The EDS mappings 
showed that Al and Mg had uniform distribution in 
the matrix (Figs. 10(b, c)). 

In contrast, the secondary phase particles 
demonstrated a distinct Sc and Zr aggregation, 
attributing to primary Al3(Sc,Zr) precipitates. These 
primary Al3(Sc,Zr) particles were majorly located  
in the equiaxed grain zones and tended to be 
distributed within the grains. For the rapid cooling 
rate of LPBF, the primary Al3(Sc,Zr) precipitates 
concentrated at the boundaries of melt pool or 
remelt zones, promoting the fine equiaxed grain 
formation. Additionally, the rapid solidification 
rates produced a non-equilibrium solidification and 
supersaturated matrix. From the EDS results, the 
α(Al) matrix contained about 3.95 wt.% of Mg and 
1.70 wt.% of Mn. 

The SAED in Fig. 11 further identifies that 

above secondary phase Sc and Zr enriched particles 
demonstrated a cubic ordered L12 structure. The 
SAED pattern was carried out along [110]Al, 
revealing the (100) type superlattice reflection 
which could be ascribed to Al3(Sc,Zr) phase. Thus, 
primary L12-Al3(Sc,Zr) phase could be confirmed, 
as presented in Fig. 11(b). Moreover, a high lattice 
coherent interface was also confirmed between 
Al3(Sc,Zr) phase and the neighboring α(Al) matrix. 
Generally, primary Al3(Sc,Zr) particles could be 
produced from the α(Al) matrix under equilibrium 
condition. Whereas, the precipitate behavior of 
Al3(Sc,Zr) in LPBF would rely on the non- 
equilibrium solidification and temperature of 
molten pool [12,15]. During LPBF, primary 
Al3(Sc,Zr) particles tend to be significantly 
suppressed due to the ultrafast solidification rate 
(106−107 K/s). However, the residual primary 
Al3(Sc,Zr) phase could form near the melt pool 
bottom, in which the temperature is lower than  
the liquid temperature [15], acting as seed crystals 
due to the low energy barrier and promoting the 
grain refinement. In contrast, within the molten 
pool center, in which the temperature is higher  
than that at the bottom, the Al3(Sc,Zr) particles 
would be significantly suppressed owing to high 
temperature and the absence of residual Al3(Sc,Zr) 
substrate. 

 

 

Fig. 10 (a) HAADF-STEM micrograph of sample fabricated at 1200 mm/s; (b−f) EDS mappings of Al, Mg, Mn, Sc and 
Zr, respectively 

(b) 
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3.4 Mechanical performance in as-built condition 
The engineering stress−strain curves of 

different specimens are plotted in Fig. 12(a) and the 
corresponding data are summarized in Table 3. As 
shown in Table 3, the yield strengths (YS) of the 
as-built specimens ranged from 327.8 to 357.5 MPa. 
The corresponding elongation to fracture was 
measured to be 24.79%, 24.05% and 22.60%, 
respectively. Therefore, the scanning speeds 
demonstrated a considerable effect on the tensile 
performance. Notably, all the tensile curves 
presented serrated flow, attributing to the Portevin–

Le Chatelier (PLC) effect [29]. The PLC effect is 
ascribed to dynamic strain aging (DSA) interaction 
of Mg atoms and moving dislocations. 

Additionally, it can also be observed that all 
specimens presented an obvious yield point with   
a subsequent yield plateau (Fig. 12(a)). This is 
different from traditional wrought Al alloys with 
nonlinear stress−strain curves [30]. The potential 
mechanism is the absence of moving dislocations  
in the fine grain zones, promoting the dynamic 
recovering through stimulating dislocations 
annihilating [31]. Table 3 also depicts the results of  

 

 
Fig. 11 (a) BF-TEM micrograph of fine grain zone: (b) Selected area electron diffraction (SAED) pattern of L12- 
Al3(Sc,Zr) precipitate 
 

 
Fig. 12 Mechanical properties of samples fabricated at various scanning speeds: (a) Engineering stress−strain curves;  
(b) Tensile performance 
 
Table 3 Mechanical performance of LPBF fabricated specimens at various scanning speeds 

Scanning speed/ 
(mm·s−1) 

Yield strength/ 
MPa 

Ultimate tensile strength/ 
MPa 

Elongation (El)/% 
Microhardness 

 (HV) 
1000 327.8±16.5 400.6±13.6 24.79±2.52 106.7±3.0 

1200 357.5±12.5 414.6±5.1 24.05±3.59 116.8±3.5 

1600 338.9±23.7 396.8±18.6 22.60±1.42 116.7±3.2 



Xiang LI, et al/Trans. Nonferrous Met. Soc. China 36(2026) 337−354 347 

microhardness at various scanning speeds. The 
most dense sample (v=1200 mm/s) demonstrated  
a microhardness value of HV0.2 117, which was  
larger than that of the other samples. Notably,   
the microhardness was dependent on the scanning 
speeds. The average microhardness value identified 
an obvious enhancement from HV0.2 (106.7±3.0) to 
HV0.2 (116.8±3.5) as the scanning speed increased 
from 1000 to 1200 mm/s. The increment of 
microhardness could be ascribed to Al3(Sc,Zr) 
particle formation [26]. Meanwhile, the limited 
fluctuation of microhardness might be attributed to 
the pore defects. It was summarized that both 
tensile properties and microhardness were strongly 
based on the precipitate behavior, which was 
majorly controlled by the scanning speeds. The 
fracture morphologies of as-built samples are 
presented in Fig. 13, elucidating the plastic 
deformation behavior and fracture mechanism. 
Dimples were found in all specimens, showing a 
ductile rupture mode. 

Furthermore, the fracture morphology images 
at low and high magnification were very similar. 
Numerous fine dimples could be found on the 
fracture surface, indicating excellent elongation to 

break. Notably, when the scanning rate increased to 
1200 mm/s, the number of uniform and submicron 
dimples decreased while the proportion of smooth 
planes increased, indicating a reduction of 
elongation to break, which is consistent with the 
elongation data in Table 3. Moreover, some pores 
could be found on the fracture surface (Fig. 13(a)), 
which might come from enlarged pores formed by 
gas entrapped in the matrix or by small-sized 
invisible pores during deformation [32]. These 
pores could become the origin of cracks during 
tensile deformation and extend to the surrounding 
area, contributing to fracture. It is noteworthy that 
no visible pores were found on the fracture surface 
of sample manufactured at a scanning rate of 
1200 mm/s. This further confirms that 1200 mm/s  
is the optimum scanning rate for fabricating   
high-density and high-performance samples in   
the current study. 

 
3.5 Microstructure and mechanical performance 

evolution after heat treatment 
Figure 14 depicts XRD patterns corresponding 

to the different specimens before and after heat 
treatment. It can be found that, within the resolution  

 

 

Fig. 13 Fracture characteristics at different scanning speeds: (a, b) 1000 mm/s; (c, d) 1200 mm/s 



Xiang LI, et al/Trans. Nonferrous Met. Soc. China 36(2026) 337−354 348 

 

 

Fig. 14 XRD patterns of different samples (AT−As-built; 
HT−Heat-treated) 
 
of XRD detection, the only detectable phase      
is α(Al) in as-built samples based on JCPDS   
Card No. 04-0787. Whereas, a small proportion   
of Al3(Sc,Zr) phase could be recognized in 
heat-treated samples, as the diffraction peaks of 
Al3(Sc,Zr) were observed. This indicated that the 
secondary Al3(Sc,Zr) phase precipitated out during 
the heat treatment. Thus, the heat-treated sample 
majorly consisted of some α(Al) and Al3(Sc,Zr) 
phases, which have also been identified in previous 
works [10]. 

Generally, the rapid cooling promoted non- 
equilibrium solidification and solubility of Sc   
and Zr, etc [33]. During the non-equilibrium 
solidification of LPBF, some primary Al3(Sc,Zr) 
phases also formed. However, the content of these 
Al3(Sc,Zr) phases in as-built specimens was limited 
owing to the rapid solidification rate (106 K/s), 
resulting in the invisible diffraction peaks attributed 
to Al3(Sc,Zr) phase. In contrast, the solubility 
reduced accordingly during heat treatment, 
producing numerous secondary Al3(Sc,Zr) particles 

while maintaining high coherency with the α(Al) 
matrix. The diffraction peaks of Al3(Sc,Zr) in the 
heat-treated specimens could be detected due to the 
content increase of Al3(Sc,Zr). Figure 14(b) further 
presents a magnified view of the (311) diffraction 
peak. From the magnified image, the (311) 
diffraction peak of heat-treated sample deflected to 
a lower angle compared with as-built sample. Due 
to the high solidification rate, large residual stresses 
were accumulated inside the part, which in turn 
contributed to the lattice distortion. As a result, the 
lattice distortion led to a shift of the diffraction 
peaks. However, the residual stresses were 
effectively released during heat treatment [34]. 
Thereby, the diffraction peak shifted to the left 
owing to the effective reduction of residual stress 
within heat-treated specimens. 

The microstructural feature of heat-treated 
sample was further studied via high-magnification 
TEM (Fig. 15). Figures 15(a−c) present dark-field 
micrographs of fine and columnar grain zones.  
The heat-treated specimen was characterized by 
many secondary phase particles and high-density 
dislocations that were similar with the as-built 
specimen. After heat treatment, numerous nano- 
particles with mean size of (3.55±1.12) nm were 
formed from the supersaturated α(Al) matrix. The 
phase structure identification of these nanoparticles 
was further carried out by SAED analysis and the 
result is depicted in Fig. 15(d). The SAED pattern 
was recorded along [001]Al and the superlattice 
spots could be ascribed to fcc structure of 
Al3(Sc,Zr). It was further confirmed that the 
Al3(Sc,Zr) phase showed a high coherency with the 
α(Al) matrix. Generally, Sc and Zr were trapped  
in the supersaturated matrix of as-built samples 
attributing to a non-equilibrium solidification 
process. Because of the limited solubility, Sc     
and Zr solutes would precipitate out from the 
supersaturated matrix during heat treatment, 
producing Al3(Sc,Zr) phase and promoting 
precipitation strengthening. This is also in line with 
the above XRD results, demonstrating the 
formation of secondary Al3(Sc,Zr) phase within 
heat-treated specimens. 

Figure 16 plots the tensile engineering stress− 
strain curves of samples before and after heat 
treatment and the tensile data are presented in 
Table 4. Obviously, the tensile performance of 
as-built samples could be further enhanced by post 
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Fig. 15 (a) HAADF-STEM micrographs of heat-treated sample fabricated at 1200 mm/s; (b, c) HAADF-STEM 
micrograph at high magnification; (d) SAED pattern demonstrating high coherency between Al3(Sc,Zr) phase and α(Al) 
matrix 
 

 
Fig. 16 Tensile engineering stress−strain curves of as- 
built and heat-treated samples fabricated at 1200 mm/s 
 
heat treatment. Notably, the room temperature  
yield strength (YS) raised from (357.5±12.5) to 
(513.1±1.3) MPa, and ultimate tensile strength 
(UTS) from (414.6±5.1) to (539.2±1.5) MPa after 
heat treatment. Meanwhile, the elongation to  
break (El) reached (21.27±1.23)% even after heat  

Table 4 Mechanical performance of samples under 
various conditions 

Condition Hardness 
(HV0.2) 

YS/MPa UTS/MPa El/% 

As- 
built 116.8±3.5 357.5±12.5 414.6±5.1 24.05±3.59 

Heat- 
treated 152.0±2.6 513.1±1.3 539.2±1.5 21.27±1.23 

 
treatment, indicating its potential to process 
high-performance Al−Mg−Sc−Zr parts. The present 
Al−Mg−Sc−Zr alloy demonstrates outstanding 
strength and sound ductility that is much better than 
Sc-free Addalloy (Al−Mg−Zr, UTS=(382±5) MPa) 
[24]. Furthermore, its tensile performance is equal 
to commercialized high-strength 2××× and 7××× 
series Al alloys processed by traditional wrought 
techniques (UTS=(393−538) MPa) [30,35]. In 
addition, the work hardening ability of Al−Mg− 
Sc−Zr alloy was moderate and the PLC effect of 
heat-treated sample was less significant, as 
presented in Fig. 16. The reason could be the 
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depletion of solute and the formation of secondary 
phase particles during heat treatment. 

The significant mechanical performance 
enhancement of heat-treated samples could be 
ascribed to the following mechanisms. The first is 
the high printability and the elimination of hot 
crackings. Generally, the hot crackings were 
considered to be the most serious threat to the 
LPBF fabricated parts. They could rapidly 
propagate and thus lead to sudden and premature 
break under tensile loading. The production of a 
refined heterogeneous microstructure also resulted 
in the strength improvement owing to grain 
boundary strengthening. Additionally, the extent of 
solid solubility in rapid solidification of LPBF led 
to strength enhancement, while the precipitation 
strengthening would be attributed to either 
dislocation shear of fine precipitates or dislocation 
bypassing via larger precipitates. 
 
4 Discussion 
 
4.1 Thermal behavior at different scanning speeds 

As revealed by ZHANG et al [18], the 
densification and microstructure features of LPBF 
manufactured samples primarily relied on the 
thermal behavior and temperature gradients within 
the melt pool. And the mechanical performance was 
further determined by the microstructure features. 
Based on their finite element results, the size and 
temperature in the melt pool changed with various 
scanning speeds. As a result, the highest 
temperature and lifetime of molten pool both 
decreased with the increment of scanning speed. 
Meanwhile, the depth of molten pool was 
significantly decreased. Therefore, the temperature, 
lifetime and depth of melt pool are all decreased 
with the increment of scanning speed. Notably, the 
solidification microstructure of Al−Mg−Sc−Zr alloy 
(grain morphologies and precipitation behavior) is 
governed by following factors: (1) thermal gradient 
(G) direction and magnitude, and (2) the 
solidification rate (R). G can be calculated as [36]  

  T T TG
x y z

∂ ∂ ∂
= + +
∂ ∂ ∂

i j k                    (2) 
 
where T represents temperature; i, j and k are the 
unit vectors at three directions, respectively. 

R is correlated with scanning speed (V) [37]:  
R=|V|cos θ′                              (3) 

where θ′ represents the angle of heat flow and laser 
scanning direction. The G reached a maximum 
value at the bottom of molten pool and reduced 
rapidly with the continuity of solidification. 
However, the R demonstrated the opposite tendency, 
the value was 0 at the bottom of molten pool and 
increased rapidly as the solidification continued. 
This difference in thermal behavior at various 
scanning speeds played a significant role in the 
microstructure formation. 
 
4.2 Bimodal grain microstructure formation 

Generally, equiaxed grains microstructure  
can decrease the strain concentration, providing   
a strategy to significantly enhance the strain 
accommodation ability during deforming [38]. The 
classical theory of solidification identifies that the 
production of equiaxial grain is stimulated by low 
thermal gradients (G) and high growing rates (R), 
which is a small G/R value [39]. Whereas, the level 
of G is usually too large to satisfy the critical 
situation of equiaxial grain formation during 
solidification of LPBF. This in turn contributes to 
large G/R values and thereby promotes epitaxial 
growth of columnar grains, as presented in Fig. 9(a). 
Notably, a high density of nucleation sites within 
melt pool was not considered in the above analysis. 
According to the theory of columnar-to-equiaxed 
transition (CET) [40], if molten pools contained 
sufficient nucleation sites, heterogeneous nucleation 
ahead of solid/liquid interfaces could be stimulated, 
expressed as follows:  

[ ]
03

4π 1   
3ln 1 1

n
n NG a

V nφ

′
′  − ′= ⋅ ′− +  

              (4) 

 
where a′ and n′ represent constants; N0 and ϕ are 
nucleation particle density and equiaxed grain 
volume fraction, respectively. Generally, the 
precipitate behavior of Al3(Sc,Zr) was dependent  
on scanning speed. The solidification rates and 
precipitation behavior might be various under 
different scanning speeds. During the solidification 
of current Al−Mg−Sc−Zr alloy, the large amount  
of primary Al3(Sc,Zr) phase demonstrates a    
small lattice mismatch with α(Al), providing    
low energy-barrier nucleating sites ahead of 
solidification interfaces and promoting the equiaxed 
grains formation [35]. Thus, when more nucleation 
agents were introduced to the molten pool, the 
value of N0 rose and adequate nucleation sites 
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promoted the CET, contributing to equiaxed grains 
structure formation, as presented in Fig. 9(a), 
despite large G/R ratio. 

Actually, precipitation behavior of primary 
Al3(Sc,Zr) phase relies on the temperature [39]. As 
revealed by the numerical simulation results of 
SPIERINGS et al [41], the temperature at molten 
pool center regions can surpass 1500 °C during 
melting process, contributing to the full dissolution 
of Al3(Sc,Zr) particles. Based on the equilibrium 
phase diagram, the primary Al3(Sc,Zr) particles in 
molten pool center areas will be suppressed during 
subsequent solidification because of the high 
solidification rate [12], leading to epitaxial growing 
of columnar grains. Meanwhile, equiaxed grains 
can form near molten pool boundaries in which  
the temperature is lower than that in molten pool 
center and Al3(Sc,Zr) particles can survive as 
heterogeneous nucleation sites. Therefore, the 
intrinsic features of LPBF commonly contribute  
to a bimodal grain microstructure. Notably,     
the influence of other secondary phases on 
columnar-to-equiaxed transition can be neglected 
owing to greater lattice mismatch compared with 
Al3(Sc,Zr) phase. 
 
4.3 Strengthening and toughing mechanism 

As grain boundary strengthening potential is 
limited, the further strength increment of heat- 
treated samples should be attributed to the 
precipitate strengthening of secondary Al3(Sc,Zr) 
particles. Firstly, the number density of secondary 
Al3(Sc,Zr) particles would be dependent on the heat 
treatment because the rapid solidification could 
only effectively suppress primary Al3(Sc,Zr) phase 
during LPBF process. Additionally, due to the 
depletion of Sc and Zr near the melt pool bottom, 
remelting would reduce secondary Al3(Sc,Zr) phase 
during the building of adjacent scanning track and 
deposition layer [42]. Thereby, secondary Al3(Sc,Zr) 
phase might mainly come from the heat treatment 
process. Secondly, the supersaturated matrix would 
undergo a repetitive thermal cycle in building 
process, promoting the formation of limited 
secondary Al3(Sc,Zr) phase. This is also identified 
by the TEM result as presented in Fig. 11(a). 
Limited pea-like secondary Al3(Sc,Zr) nano- 
particles can be found. A similar result was     
also revealed at low scanning speed [43]. As 
demonstrated by WANG et al [44], secondary Al3Sc 

and Al3Zr precipitates in Al−5Mg−2Li−0.2Sc− 
0.2Zr (wt.%) alloy started to precipitate during the 
isochronal aging at 250 and 450 °C, respectively. 
Generally, the precipitation strengthening mainly 
relies on the square root of particle number. Owing 
to the high number of secondary Al3(Sc,Zr) phase 
formation during heat treatment, the precipitation 
strengthening of heat-treated samples is expected to 
be improved. 

Moreover, the most primary Al3(Sc,Zr) phase 
was effectively suppressed owing to the rapid 
solidification of LPBF technique [12,15,43], and 
only a small amount of residual Al3(Sc,Zr) phase 
could be produced near molten pool boundary 
zones with the lower temperature than the liquid 
temperature (Fig. 8(d)). This can effectively inhibit 
the microvoids formation due to the stress 
concentration from secondary phase and matrix, 
benefiting for absorbing more energies during 
cracking initiation and propagation. Furthermore, it 
is worth noting that strain accommodation ability 
between equiaxed grain and columnar grain is 
excellent [45]. Thereby, the strain gradients could 
produce a beneficial hardening effect, improving 
strain hardening ability and inducing more energy 
absorption during deformation. Additionally, the 
excellent strain hardening ability of columnar 
grains can also significantly prevent the further 
propagation of microvoids and bear more plastic 
deformation. 
 
5 Conclusions 
 

(1) The densification behavior of Al−Mg− 
Sc−Zr samples was dependent on laser power, 
scanning speed and resultant energy densities. The 
highly dense and crack-free parts could be 
processed in a wide printing window, identifying 
excellent printability of Al−Mg−Sc−Zr alloy. 

(2) The XRD diffraction peaks of as-built 
samples demonstrated an obvious (200) texture in 
comparison with (111) texture within raw powders, 
identifying a marked texture transformation. 
Furthermore, a prominent shift of diffraction peak 
to a lower angle and an increase of lattice plane 
distance were observed in as-built samples. And the 
Mg volatilization in as-built samples contributed  
to the decrease of lattice plane distance compared 
with raw powders. 

(3) LPBF process provided a promising 
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technique for obtaining fine grain microstructure 
owing to heterogeneous nucleation of Al3(Sc,Zr) 
precipitates, which can effectively prevented the 
cracking initiation and propagation. The precipitate 
behavior of Al3(Sc,Zr) particles was dependent on 
the scanning speed. 

(4) The effects of scanning speed on tensile 
performance were distinct. The ultimate tensile 
strength of Al−Mg−Sc−Zr alloy ranged from 396.8 
to 414.6 MPa before heat treatment. After post heat 
treatment, the YS increased to (513.1±1.3) MPa, 
while the UTS increased from (414.6±5.1) to 
(539.2±1.5) MPa. The significant improvement in 
YS and UTS of heat-treated samples could be 
majorly ascribed to the formation of the secondary 
Al3(Sc,Zr) nanoparticles. 
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激光粉末床熔融 Al−Mg−Sc−Zr 合金的显微组织和力学性能演变 
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摘  要：采用激光粉末床熔融(LPBF)增材制造工艺制备 Al−Mg−Sc−Zr 合金，系统研究成形试样的致密化特      

征、物相组成、析出相演变和力学性能。此外，通过 X 射线衍射(XRD)和透射电子显微镜(TEM)分析热处理后的

物相组成和析出相的演变。结果表明，当激光扫描速率由 1600 mm/s 降至 1000 mm/s，试样的极限拉伸强度(UTS)

在 396.8~414.6 MPa 之间。经进一步热处理，屈服强度(YS)增加，达到(513.1±1.3) MPa，而 UTS 则从(414.6±5.1) MPa

增加到(539.2±1.5) MPa。合金力学性能的明显改善归因于二次 Al3(Sc,Zr)析出相的形成。 

关键词：增材制造；激光粉末床熔融；Al−Mg−Sc−Zr；析出行为；显微组织；力学性能 
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