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Simultaneously enhancing mechanical properties and electrical
conductivity of TiB,/Cu composites via submicron laminated structure
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Abstract: Copper matrix composites prepared via traditional methods face mechanical property and electrical
conductivity trade-off problems. In this study, TiB,/Cu—Cu heterogeneous laminated composites with submicron
lamellar thicknesses were prepared via flake powder metallurgy (FPM) using gas-atomized in situ composite powders as
raw material. By thermal mismatch strengthening, and the geometrically necessary dislocations (GNDs) generated by
mechanically incompatible deformation between adjacent heterogeneous lamellae and their interaction with statistically
stored dislocations (SSDs), the as-prepared TiB,/Cu—Cu submicron laminated composites (SLCs) exhibit significantly
enhanced mechanical properties. At the same time, the interaction and propagation of multimode cracks provide
extrinsic toughening for SLCs. The pure Cu lamellac with low density grain boundaries and dislocations and no TiB,
particles provide a channel with little electron scattering for the rapid transport of carriers, thereby ensuring high
electrical conductivity.

Key words: submicron laminated composites; thermal mismatch strengthening; incompatible deformation; hetero-
deformation induced strengthening; crack propagation

greatly reduced the ductility and damage tolerance

1 Introduction

TiB, ceramic particles have a high elastic
modulus (574 GPa) and high hardness (30 GPa)
[1,2], and consequently have been widely used as
reinforcements for the preparation of high-strength
Ti [3], Fe [4], Mg [5], Al [6] and Cu [7] matrix
composites. However, for the TiB, particle-
reinforced Cu matrix composites used for power
transmission applications, on the one hand, the
elastic-plastic deformation between the micron-
scale TiB, particles and the Cu matrix led to local
stress concentration and strain localization, which

of the Cu matrix composites [8]. On the other hand,
although the Cu matrix can be strengthened by
introducing a variety of defects, heterogeneous
particles and composite interfaces, the electrical
conductivity is greatly reduced because of the sharp
increase in the number of electron scattering centers
[9]. Therefore, TiB, particle-reinforced Cu matrix
composites face trade-offs among strength, ductility
and electrical conductivity [10,11].

To improve the synergistic relationship among
strength, ductility and electrical conductivity,
copper matrix composites are achieved through size
refinement, dispersion distribution and composite
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interface regulation of the reinforcement [12—15].
At present, in situ preparation technology has been
proven to be an effective means of preparing
reinforcements with better wettability at the
composite interface [7,12]. The research by CAO
et al [13] revealed that in situ TiB, particles
generated by casting can prevent interface pollution
between the particles and the matrix. JIANG
et al [14] reported that in situ powder metallurgy
can achieve the size refinement and dispersion
distribution of TiB, particles. However, the low
cooling rate of conventional casting leads to large
TiB, particles, and the segregation and
agglomeration of particles easily occur during the
solidification [15]. The conventional powder
metallurgy always involves introducing impurities
and reducing the ductility and electrical
conductivity of composites [16].

In recent years, researchers have gradually
realized the important role of biomimetic laminated
construction in achieving synergy among the
strength, ductility and electrical conductivity of
copper matrix composites [17—-19]. CAO et al [17]
prepared Gr/Cu nanoscale laminated composites
by in situ growth of high-quality graphene on the
surface of copper sheets, which significantly
improved the strength without sacrificing ductility
and electrical conductivity. HAN et al [18] achieved
CuCrZr/Cu laminated composites with a high
matching index of strength, ductility and electrical
conductivity by designing an alternating laminated
arrangement between hard CuCrZr components
and soft pure Cu components. Thus far, laminated
structures can achieve strengthening and
toughening while ensuring excellent conductivity.
The design of submicron or even nanometer
heterogeneous interface spacings has been proposed
based on the existence of heterogeneous interface-
affected zones, which can help to achieve
significant strengthening and toughening [20—22].
However, the low solidification rate during
traditional casting, the Cu—Ti micromolten pool and
the diffusion of B during traditional powder
metallurgy make the distribution of in situ TiB;
particles in the Cu matrix uncontrollable [8,15,23].
Therefore, the preparation of TiB,/Cu laminated
composites with a small heterogeneous interface
spacing via traditional in situ technology faces great
challenges.

Recently, an in situ metal matrix composite
powder prepared by rapid gas atomization
solidification has been developed [24,25], which
provides the possibility for the preparation of
laminated metal matrix composites with a small
heterogeneous interface spacing. In this study, an in
situ TiB,/Cu composite powder was used as the raw
materials, and a TiB,/Cu—Cu laminated composite
with a submicron heterogeneous interface spacing
was firstly prepared via flake powder metallurgy
(FPM). The mechanical properties, -electrical
conductivity and incompatible tensile deformation
of the TiB,/Cu—Cu submicron laminated composites
(SLCs) were subsequently analyzed. Finally, the
synergistic mechanism among the strength, ductility
and electrical conductivity of the SLC was revealed.
The FPM based on in situ composite powders
provides an effective way to prepare high-
performance laminated copper matrix composites
with submicron heterogeneous interfaces spacings.

2 Experimental

Spherical in situ TiB,/Cu composite powders
(2 wt.% TiB», 20—75 um) and commercial spherical
pure Cu powders (99.9 wt.%, 20—75 um) were
selected as the raw materials. Figure 1 shows the
preparation process of the TiB,/Cu—Cu submicron
laminated composites, which involves four steps:
(1) The in situ TiB»/Cu composite powders were
prepared by rapid solidification of Cu—B and Cu—Ti
master alloy mixed melts atomized by high-
pressure Ar gas flow (99.9 wt.%, atomization
pressure of 5 MPa) (Fig. 1(a)). (2) The initial
powder was subjected to flake treatment (Fig. 1(d)).
The spherical in situ TiB,/Cu composite powder
and the spherical pure Cu powder were mixed and
milled at a mass ratio of 1:1, which can easily yield
a mixed powder of flake TiB,/Cu and flake pure Cu.
The milling environment and process control agent
were Ar gas and C;HsOH, respectively. The milling
frequency and time were 50Hz and 2.5h,
respectively. (3) The flake powder was subjected to
hot-pressing consolidation (Fig. 1(e)). TiB»/Cu—Cu
laminated composites were prepared via hot-press
sintering of mixed flake powders. Sintering was
carried out at 1020 °C for 40 min, and the samples
were pressed at 35 MPa in a nitrogen atmosphere.
(4) Rolling deformation densification was performed
(Fig. 1(f)). The rolling deformation process includes
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Fig. 1 Microstructures of TiB,/Cu—Cu SLCs at each preparation stage: (a) Schematic diagram of in situ TiB,/Cu

composite powder prepared by gas atomization; (b) Surface of TiB»/Cu composite powder; (c¢) Cross-sectional
microstructure of TiB,/Cu composite powder; (d) Mixed powders of flake TiB,/Cu and flake pure Cu; (e) Micro-
structure of sintered laminated composite; (f) Microstructure of SLC after rolling

first high temperature rolling at 900 °C with a 50%
reduction and then room temperature rolling with a
30% reduction. The TiB,/Cu—Cu SLCs after rolling
were annealed at 300, 360 and 420 °C for 1h,
which are referred to as SLC-300 °C, SLC-360 °C
and SLC-420 °C, respectively, for convenience.
For comparison, homogeneous 2 wt.% TiB,/Cu
composites (TiB»/Cu for short) and pure Cu were
prepared via the same process as the SLC and
referred to as TiB,/Cu-300 °C, TiB,/Cu-360 °C and
TiB2/Cu-420 °C, and Cu-300 °C, pure Cu-360 °C
and Cu-420 °C, respectively.

To ensure the relative density of the composite
sample after rolling deformation, the sample surface
was firstly polished with sandpaper to be clean and
free of impurities, and then the actual density of the
sample was measured via the Archimedes drainage
method with an electronic balance (accuracy:
0.0001 g, FA1104J). Finally, the ratio of the actual
density to the theoretical density was calculated,
that is, the relative density of the sample. The
microstructures of the in situ TiB,/Cu composite
powder and the tensile fracture and fracture cross
section of the SLC were characterized via optical
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microscopy (OM; GX71), scanning electron
microscopy (SEM; JSM6700F) and scanning
transmission electron microscopy (TEM; FEI
TECNAI G2 F20). The OM and SEM samples were
electrolytically etched in a chemical etching solution
(HsPOs+ C;HsOH) for 15s after mechanical
polishing. The TEM samples were initially thinned
by mechanical grinding and then thinned with a
Gatan 691 ion thinner. The microstructure evolution
of the SLC was characterized by electron back-
scattered diffraction (EBSD) with a step length of
60 nm. The EBSD samples were vibrationally
polished in a dilute solution of colloidal silica for
2 h after mechanical polishing. All SLC samples
were observed on the ND—RD plane.

The SLC samples were subjected to both
normal and unloading-reloading tensile tests via a
tensile testing machine (AG-IC 100 kN) with a
tensile rate of 0.6 mm/min at room temperature.
The tensile samples were cut along the rolling
direction on the TD—RD plane. The dimensions
of the gauge part were 12 mm x 3 mm X 1 mm. The
electrical conductivity was measured on the
TD—RD plane of the sample by an eddy current
instrument (Sigma 2008B) and expressed according
to the International Annealed Copper Standard
(IACS). The tensile and electrical conductivity tests
were repeated for at least three samples to ensure
data reproducibility.
3 Results
3.1 Microstructural evolution

processing

The microstructures of the TiB,/Cu—Cu SLCs
at each preparation stage are shown in Fig. 1. The
reinforcement particles in the in situ TiB,/Cu
composite powder prepared by gas atomization
form microclusters at the grain boundaries (black
arrows in Fig. 1(b) and white arrows in Fig. 1(c)),
which should be the TiB, particles formed by the
reaction of the Ti and B atoms during the mixing of
the Cu-Ti and Cu—B master alloy melts. The
average size of the reinforcement particles is
approximately 270 nm. As shown in Fig. 1(d), the
as-prepared flake TiB./Cu composite powders or
flake pure Cu powders have a 2D planar
morphology with an average diameter of
approximately 395 um and a large aspect ratio
(ratio of diameter to thickness) of 172. Owing to the

during FPM

use of ethanol as a process control agent during ball
milling, the as-prepared flake powders tend to be
individual platelets, which is helpful for the
alignment and consolidation of the flake powders.
The optical microstructure of as-sintered laminated
composites is an alternating wavy structure with
TiB,/Cu lamellae and pure Cu lamellae (Fig. 1(e)).
After rolling deformation, the TiB,/Cu—Cu
composites achieved a high relative density (>99%)
and laminated structure. The average thickness
of the pure Cu lamellac was less than 1 um,
approximately 700 nm (Fig. 1(f)). These findings
indicate that FPM can be used to construct a
submicron heterogeneous laminated structure.

3.2 Heterogeneous microstructures of SLCs
Figure 2 shows the EBSD maps of the
TiB,/Cu—Cu SLCs after annealing at different
temperatures. A heterogeneous microstructure of
fine-grained lamellae (the areas within the white
circles in Fig. 2), alternating sequentially with
coarse-grained lamellae, is formed in all of
the SLCs after annealing (Figs. 2(ai, bi, ¢1)). The
inverse pole figures (IPFs) of the SLCs reveal
the fully recrystallized microstructure of pure
Cu lamellae (Figs. 2(ai, b1, ¢1)). As the annealing
temperature increases from 300 to 420 °C, the
grains of the pure Cu lamellae significantly coarsen,
and the average grain size increases from 530 nm to
1.1 pm. The grain boundaries in pure Cu lamellae
migrate mainly in the RD direction because the
grain growth is hindered by reinforcements in
adjacent TiB,/Cu lamellae. The grain size of the
TiB,/Cu lamellae does not change significantly, and
the lamellae are still nanograins. This is mainly
because TiB, particles increase the stacking fault
energy of the Cu grains [26], thereby improving
their thermal stability. In addition, after annealing,
the TiB»/Cu lamellae always maintain a random
orientation. However, the (101) orientation of the
pure Cu lamellae is enhanced as the annealing
temperature increases (Fig. 2(c1)). A comparison of
the pole figures reveals that the (100) basal planes
of SLC-300 °C and SLC-360 °C have the strongest
texture intensities (Figs. 2(az, b2)), whereas the (111)
basal plane of SLC-420 °C has the strongest texture
intensity (Fig. 2(c2)). The texture intensity of the
basal plane gradually increases with increasing
annealing temperature, which is mainly because the
growth of grains in pure Cu lamellae is constrained
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Fig. 2 EBSD maps of TiB»/Cu—Cu SLCs after annealing at different temperatures: (ai, b, ¢i) Inverse pole figures and
grain morphologies of SLC-300 °C, SLC-360 °C and SLC-420 °C, respectively; (a2, b, ¢2) Pole figures corresponding

to (ai, by, ¢1), respectively

by the adjacent TiB,/Cu lamellae in the direction
perpendicular to the RD direction [27]. The
difference in grain size and crystal orientation
between the TiB,/Cu lamellae and pure Cu lamellae
indicates the difference in mechanical properties
between the adjacent heterogeneous lamellae,
which can contribute to a significant hetero-
deformation induced (HDI) strengthening effect
during plastic deformation [28].

Figure 3 shows the Schmid factor distribution
of the {111}(1 10) main slip system in the TiBy/Cu—
Cu SLCs after annealing. The grains with a low
Schmid factor in SLC-300 °C are dispersed in the
TiB,/Cu lamellae and pure Cu lamellae (Fig. 3(a)).
In SLC-360 °C and SLC-420 °C, only the smaller
equiaxed grains in the pure Cu lamellae have a
relatively low Schmid factor, whereas the grains
with a low Schmid factor in the TiB»/Cu lamellae

still exhibit a more discrete distribution (Figs. 3(b, ¢)).
Moreover, as the annealing temperature increases,
the proportion of grains with a lower Schmid
factor (<0.35) in the SLC gradually decreases
(Figs. 3(d—1)), which is beneficial to increasing the
stability and duration of plastic deformation.
Notably, the proportion of grains with a higher
average Schmid factor is slightly lower in
SLC-360 °C (Fig. 3(e)), which may be attributed to
the local crystal misorientation caused by thermal
mismatch in pure Cu lamellae, limiting the number
of slip systems [29].

Figure4 shows the TEM images of
SLC-360 °C. The fine-grained lamellae are
separated by coarse-grained lamellae of pure Cu
with an average thickness of approximately
570 nm (Fig. 4(a)). Compared with the pure Cu
lamella, there are TiB, particles with an average size
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of approximately 270 nm in the fine-grained
lamella (Fig. 4(b)), which are dispersed at the grain
boundaries and within the grains (Figs. 4(d—f)).
The particles in the TiB,/Cu composite powders,
as the only source of reinforcement, are TiB;
(Figs. 1(b, ¢)). However, compared with that of the
TiB, particles in the composite powders, the
distribution of TiB; particles in the SLC is more
uniform. This is attributed mainly to the flattening
or stretching of the TiB»/Cu composite powders
during ball milling and rolling deformation, which
promotes the separation of the TiB; particle clusters
at the grain boundaries. Moreover, the TiB./Cu
lamellae are still elongated deformation grains, and
there are many dislocations and substructures
around the TiB; particles (Fig. 4(c)). In addition,
there are no obvious defects in the high-resolution
TEM image of the TiB,—Cu interface (Fig. 4(g)),
which indicates strong bonding at the interface
between TiB; and Cu. The interplanar spacing of
0.204 nm on the (101) plane of the reinforcement
particles again confirms that the particles are TiB,
(Fig. 4(h)). Obvious dislocations are observed in
the inverse fast Fourier transform (IFFT) pattern
of the Cu matrix near the TiB,—Cu interface
(Fig. 4(1)). This is mainly because, on the one hand,
rolling deformation can significantly increase the

dislocation density in the composite, even if
annealing recovery causes the absorption of a large
number of dislocations, on the other hand, there is
thermal mismatch between the Cu matrix and the
TiB, particles because of the difference in the
coefficients of thermal expansion (CTE), resulting
in the generation of geometrically necessary
dislocations (GNDs) near the TiB,—Cu interface
during cooling after annealing [30,31]. Notably,
TiB, particles hinder the movement of dislocations,
and the dislocations generated by thermal mismatch
improve the yield strength of the SLC.
3.3 Mechanical properties and electrical
conductivity of SLCs

Figure 5 shows the tensile properties and
electrical conductivity of the TiB,/Cu—Cu SLCs,
homogeneous TiB»/Cu composites and pure
Cu materials after annealing. Table 1 lists the
mechanical properties of the samples prepared in
this study. With increasing annealing temperature,
the ultimate tensile strength (UTS) of TiB»/Cu and
pure Cu decreased gradually, whereas the fracture
elongation (FE) increased gradually (Fig. 5(a) and
Table 1). This is attributed mainly to the reduction
in the number of deformed dislocations and the
growth of grains caused by annealing. However,
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Fig. 4 TEM images of SLC-360 °C: (a) Bright-field TEM image of submicron laminated microstructure; (b) Selected
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when the annealing temperature increases from 300
to 420 °C, the SLCs exhibit extraordinary strength
and ductility. Compared with homogeneous TiB,/
Cu composites, SLC-360 °C can improve the UTS
without sacrificing the FE, and SLC-420 °C can
improve the FE without sacrificing the UTS
(Figs. 5(a, b) and Table 1). These findings indicate
that the submicron laminated structure overcomes
the trade-off between strength and ductility.
Moreover, the yield strength (Y'S, 092) of the SLC
was predicted via Eq. (1) based on the rule of
mixtures (ROM):

092,R0M ~902,TiB, /Cu VTiB2 icu T002.cu Ve (1)

where oo2rom 1s the predicted YS of the SLC;

00.2,TiBycu and oo2,cu are the YS of the homogeneous
TiB,/Cu composite and pure Cu components,
respectively; Vrisyou and Vey are the volume
fractions of the homogeneous TiB,/Cu composite
and pure Cu components, respectively. Surprisingly,
the Y'S of the SLC is not only much greater than the
oo2rom predicted by the ROM but also comparable
to or even greater than that of homogeneous
TiB,/Cu composites (Fig. 5(c)). The strength
increments  (Aco2=002—002rom) of SLC-300 °C,
SLC-360 °C and SLC-420 °C are approximately 36,
88 and 51 MPa, respectively. The construction
design of submicron laminates tends toward the
full exploitation of the “I+1>2” mechanical
performance advantage.
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Table 1 Mechanical properties of samples prepared in

this study
Yield Ultimate Fracture
Material strength/ tensile elongation/

MPa  strength/MPa %
SLC-300 °C 38445 41947 11.3+0.8
SLC-360 °C 37249 41448 13.6£1.1
SLC-420 °C 25146 363+7 18.7£1.0
TiB»/Cu-300 °C 39847 45149 10.6+0.9
TiB»/Cu-360 °C 32548 389+11 13.8+0.9
TiBy/Cu-420 °C 25447 3616 14.9+1.3
Pure Cu-300 °C  297+9 32148 3.7+0.7
Pure Cu-360 °C  223+8 28349 28.4+2.2
Pure Cu-420 °C  136+10 235+12 50.9+1.9

Figure 6 shows the relationships among the
ultimate tensile strength, strengthening efficiency
and electrical conductivity of the TiB; particle-
reinforced Cu matrix composites. The strengthening
efficiency () of the reinforcement was calculated

via Eq. (2) [17]:

®=(0, ~0,)/(V;0,,) (@)

where o. and om are the tensile strengths of the
composite and the matrix, respectively; Vr is the
volume fraction of the reinforcement. Compared
with the prepared TiB./Cu homogeneous composites
and copper matrix composites reported in the
literature [32—40], the SLC not only results in
greater electrical conductivity without sacrificing
strength, but also promotes the reinforcement and
yields a higher w (Fig. 6). Although the addition of
Ti, Fe, and Cr alloying elements or Al,O3 particles
helps to improve the @ of TiB,/Cu composites, it
always comes at the expense of electrical
conductivity. In particular, with the addition of
Ti alloying element, the decrease in electrical
conductivity is the most significant [39,40]. The
simultaneous improvement in @ and electrical
conductivity can be achieved by designing
submicron laminates rather than adding alloying
elements or reinforcement particles.
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4 Discussion

4.1 Thermal mismatch strengthening of SLCs

The CTE of the TiB,/Cu lamellae (CTE 5, )
in the SLCs is calculated via the ROM model in
Eq. (3) as follows [41]:

CTETiBz /Cu :CTETiB2 Viis, +CTEq, Ve, (3)

where CTEq; and CTEc, are the CTEs of the
TiB, particles ( CTE;; =8.3x10°K™) and the
Cu matrix (CTEc=16.6x10°K™), respectively;
Vyip, and Ve are the volume fractions of the TiB,
particles  ( Vi, =3.89%) and the Cu matrix
(Vcu=96.11%), respectively. Therefore, the CTE
of the TiB,/Cu lamellae is approximately
16.3x10°°K™!, which is lower than that of the pure
Cu lamellae. The difference in the CTE can lead to
a normal stress effect near the TiB,—Cu interface
and the lamellar interface during annealing. The
normal stress leads to lattice distortion and crystal
misorientation in the matrix, which hinders
dislocation movement and produces thermal
mismatch strengthening.

Figure 7 shows the distribution of TiB;
reinforcements, local misorientation and dislocation
density in the SLCs after annealing at different
temperatures. There are large kernel average mis-
orientations (KAMs) and high-density dislocations
in the fine-grained TiB,/Cu lamellae of SLC-300 °C
(black arrows in Figs. 7(a;—a3)). However, large

KAMs and high-density dislocations are present
mainly in the coarse- grained pure Cu lamellae of
SLC-360 °C and SLC-420 °C (pink arrows in
Figs. 7(bi1—b3) and (ci—c3)). This finding indicates
that the contribution of pure Cu lamellae to thermal
mismatch strengthening is significant during
annealing at relatively high temperatures. The
contribution of thermal mismatch strengthening
(002,cte) to the YS of the SLC can be estimated via
Eq. (4) [42,43]:

Gorcre =BGabPy (4)

where f is the strengthening coefficient (f=1.25),
Gm is the shear modulus of the matrix (Gn=
45.5 GPa), b is the Burgers vector magnitude of Cu
(b=0.255nm), and p, is the average dislocation
density inside the matrix. The dislocation density
(p) can be calculated via Eq. (5) [44]:

P=2y/(ub) (5)

where 7 is the local misorientation and u is the unit
length (¢=60 nm). Therefore, the p. values of
SLC-300 °C, SLC-360°C and SLC-420°C are
1.0x10%, 1.09x10" and 1.17x10" m™2, respectively.
Compared with those of the TiB,/Cu lamellae, the
average dislocation densities of the pure Cu
lamellae in SLC-300 °C, SLC-360°C and SLC-
420 °C are increased by approximately —0.78%10'3,
0.59x10" and 0.53x10m™, respectively. Thus,
compared with homogeneous TiB»/Cu composites,
the additional contribution (Ao cte) of the thermal
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mismatch strengthening of pure Cu lamellae in the
SLCs to the YS can be estimated via Eq. (6):

Aoy, ctE =p Gmb\/ Ap, (6)

where Ap, represents the difference in the average
dislocation densities of pure Cu lamellac and
TiB,/Cu lamellae. The calculation shows that the
Ao cte values of SLC-300 °C, SLC-360 °C and
SLC-420 °C are approximately —36, 26 and 22 MPa,
respectively. The internal stress caused by the
thermal mismatch between adjacent heterogeneous
lamellae is an important factor leading to the super-
normal strength of SLC-360 °C and SLC-420 °C.

4.2 HDI strengthening and hardening of SLCs
The excellent mechanical properties of the
TiB/Cu—Cu SLCs are due to the synergistic
deformation mechanism between heterogeneous
lamellae. The crystal orientation and substructure
evolution of SLCs at different strains under uniaxial
tension help to reveal the deformation behavior
between heterogeneous lamellae. Figure 8 shows
the crystal orientation and substructure of

SLC-360 °C by the EBSD at different strains. When
the strain is 14%, the pure Cu lamellae of
SLC-360 °C are still equiaxed grains with high-
angle grain boundaries (HAGBs, 15°<HAGBs)
(Fig. 8(a1)), and there are a small number of
subgrains with low-angle grain boundaries (LAGBs,
2°<LAGBs<15°) (black arrows in Fig. 8(b1)). The
KAM near the subgrain boundary is greater
(Fig. 8(c1)). However, there are almost no subgrain
boundaries or KAM in the fine grains of the
TiB»/Cu lamellaec (Figs. 8(bi, ¢1)). This finding
indicates that the deformation of pure Cu lamellae
and TiB,/Cu lamellae during uniaxial tension is
not synchronized. The asynchronous deformation
behavior led to the generation and accumulation of
GNDs in pure Cu lamellae (Fig. 8(di)). Notably,
compared with the dislocation density of
SLC-360 °C  without strain (Fig. 7(bs)), the
dislocation density during tensile deformation is
significantly lower, which is mainly because the
compressive residual stress caused by thermal
mismatch is released soon after yielding [45]. With
increasing strain, the equiaxed grains in the pure Cu
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001 101
Fig. 8 EBSD maps of SLC-360 °C at various strain levels

lamellae are gradually elongated along the tensile
direction (Figs. 8(as, a3)), whereas the deformation
of the fine grains in the TiB,/Cu lamellae along the
tensile direction is not significant. This is mainly
related to the reinforcement particles that pin the
grain boundaries in the TiB,/Cu lamellae. Moreover,
with increasing strain, the number of subgrain
boundaries and dislocation density in the pure Cu
lamellae increase (black arrows in Figs. 8(by, b)),
and a small number of subgrains and dislocation
accumulation gradually appear in the fine grains
of the TiB»/Cu lamellae (Figs. 8(dz, d3)). These
findings indicate that plastic deformation of the
TiB,/Cu lamellae also occurs at high tensile strains.
Therefore, the coarse-grained pure Cu lamellae
experience greater plastic deformation, whereas the
fine-grained TiB»/Cu lamellae play a leading role in
bearing the load. Forest dislocations and GNDs are
generated during the tensile deformation of the
TiB,/Cu and pure Cu lamellae. Forest dislocations
are a product of traditional strengthening and strain
hardening. GNDs are generated to adjust the strain
gradient caused by incompatible deformation [46,47],
which is beneficial to generating an extra hardening
effect and improving the mechanical properties of
SLCs.

The improvement in the strain hardening of
metal materials is closely related to the complex

= == B
: [Tl Sy T T e
L dz)." !:9 ., T . :

L#

KAM/(°)

0 2.5 5
Dislocation density/m

—Pure Cu

5.7x1013 1.7x10"3 3.4x10%

dislocation configurations. Figure 9 shows the
TEM microstructures near the tensile fracture in
SLC-360 °C, which finely characterizes the
evolution of the dislocation configuration between
the TiB,/Cu lamellac and pure Cu lamellae.
Compared with that of SLC-360 °C without strain
(Fig. 9(a)), there is a gradient change in the GND
near the lamellar interface in the pure Cu lamellae
at a small strain (Fig. 9(b)), which is the result of
incompatible deformation between the TiB,/Cu
lamellae and the pure Cu lamellae. Because of the
higher Schmid factor and preferentially activated
intragranular slip, the coarse-grained pure Cu
lamellae deform before the fine-grained TiB,/Cu
lamellae deform. This incompatible deformation
needs to be adjusted by GNDs, which contributes to
extra strain hardening [48,49]. GNDs accumulate
near the lamellar interface in pure Cu lamellae and
exhibit a gradient decrease in density (Fig. 9(b)),
which confirms that the slip strain in pure Cu
lamellae gradually decreases with increasing
distance from the lamellar interface. Moreover,
dislocations are also generated and accumulate at
the twin boundaries (Fig. 9(c)), which is a typical
manifestation of twin-enhanced strain hardening in
traditional Cu materials [50,51]. The lamellar
interface acts as an effective barrier for GNDs and
slip dislocations, which helps to increase the local
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Fig. 9 TEM images near tensile fracture in SLC-360 °C: (a) Laminated microstructure without tensile strain;

(b) Accumulation and gradient distribution of GNDs near lamellar interface; (c) Enlarged microstructure of white-dotted

rectangle in (b); (d) Formation of subgrains and occurrence of disentanglement and annihilation of existing dislocations;

(e) Distribution of dislocation cells

strength. At a higher strain, the equiaxed grains and
twins in the Cu lamellae disappear, and many
subgrains caused by dislocation entanglement are
formed (Fig. 9(d)). The dislocation density at the
subgrain boundaries is greater, whereas the
dislocation density inside the subgrain boundaries is
lower. This confirms the activation of a large
number of intragranular slip events in pure Cu
lamellae. Therefore, the contribution of the
interface plasticity in pure Cu lamellae gradually
decreases with loading. Moreover, disentanglement
and annihilation of existing dislocations occur near
the lamellar interface in the TiB,/Cu lamellae
(Fig. 9(d)), which contribute to the toughening of
the TiB/Cu lamellae. In the high-strain stage,
the multiple slip events of a large number of
dislocations make it difficult to distinguish between
grain boundaries in pure Cu lamellae, and
dislocation cells develop well (Fig. 9(e)), which
proves that dislocation slip in pure Cu lamellae
prolongs plastic deformation. Moreover, many
dislocation cells reappear near the lamellar interface
in the TiB,/Cu lamellae, which is the result of the
partial recovery of forest hardening during tensile

deformation [52,53].

The extra strengthening caused by the
incompatible deformation in the TiB,/Cu—Cu SLCs
can be estimated through loading—unloading—
reloading (LUR) tests. Figure 10(a) shows the
results of LUR tests on the SLC. The remarkable
mechanical hysteresis loop indicates that the SLC
exhibits Bauschinger effect during the tensile
deformation (Fig. 10(b)), which contributes to the
generation of extra HDI stress. The mechanical
hysteresis loop of SLC-360°C is the largest,
indicating that it produces the strongest
Bauschinger effect and the highest HDI stress. The
extra HDI stress (oupr) of the SLC is calculated via

Eq. (7) (Fig. 10(c)):
oupr=(ortay)/2 (7)

where o; and o, are the reloading and unloading
yield stresses, respectively. Based on the yield
strain in Fig. 10(a) and the growth rate of HDI
stress with strain in Fig. 10(c), the contribution of
HDI stress to the YS (Acoonupi) of the SLC was
predicted (inset in Fig. 10(c)). The Aocozupr values
of SLC-300 °C, SLC-360 °C and SLC-420 °C are
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89, 84 and 59 MPa, respectively (Fig. 10(d)). The
extra strengthening (Aco.2) of the SLC is lower than
the sum of AO‘o,z,CTE and AO‘o,z,HDI (Fig. 10(d)) This
is mainly because the YS of composite materials
usually results from grain refinement strengthening
(0o2.man-petch), dislocation  strengthening due to
differences in the coefficients of thermal expansion
(002,c1E), load transfer strengthening (co2,00ad) and
Orowan strengthening (6o.2,0rowan) [30]. The coarse-
grained pure Cu lamellae of the SLC reduce
00.2,Hall-Petch, 00.2,L0ad aNd G02,0rowan. In particular, the
decrease in oo maipech 1S the most significant,
which is due to the obvious grain coarsening of
pure Cu lamellae caused by the increase in
annealing temperature (Fig. 2).

4.3 Fracture characteristics of SLCs

The fracture characteristics in the uniaxial
tensile process are helpful for revealing the
toughening mechanism of TiB,/Cu—Cu SLCs.
Figure 11 shows the crack propagation and fracture

morphology of the SLCs. Both SLC-360 °C and
SLC-420 °C  exhibit mainly crack deflection
(Figs. 11(ai, b1)), which is caused by the uneven
distribution of strain between the TiB,/Cu lamellae
and pure Cu lamellae. Many discrete microcracks,
delamination cracks and tunnel cracks are found in
the TiB,/Cu lamellae (Figs. 11(az, b2)). Microcracks
exist near the TiB, particle interface, which are
attributed to the stress concentration caused by the
dislocation pile-up near the particle interface.
Discrete microcracks help to alleviate the stress
concentration around the particle interface and
delay the initiation of cracks and the propagation of
main cracks. Delamination cracks are parallel
to the lamellar interface, which are the result
of incompatible deformation between adjacent
heterogeneous component lamellae in a coordinated
manner perpendicular to the tensile direction.
Delamination cracks promote the bifurcation of the
main crack and reduce its propagation rate. The
tunnel cracks are the result of the further propagation
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Fig. 11 Tensile fracture characteristics of SLCs: (ai) Tensile fracture cross-sectional microstructure of SLC-360 °C;

(a2) Microstructure near fracture in (ai); (as) Enlarged microstructure of white dotted rectangle in (az); (bi) Tensile

fracture cross-sectional microstructure of SLC-420 °C; (by) Microstructure near fracture in (bi); (bs) Enlarged
microstructure of white dotted rectangle in (b2); (c1, c2) Tensile fracture morphologies of SLC-360 °C and SLC-420 °C,

respectively; (c3) Local enlarged microstructure in (cy)

and interconnection of discrete microcracks, which
penetrate into the TiB»/Cu lamellae and terminate at
the lamellar interface because of the passivation of
their tips by the adjacent high-plasticity pure Cu
lamellae. The blunting of tunnel crack tips confirms
the important role of pure Cu lamellae in the
synergistic deformation of low-plasticity TiB./Cu
lamellae. However, no microcracks are found in the
pure Cu lamellae. The ubiquitous slip bands in pure
Cu lamellae indicate uniform plastic deformation
caused by dislocation slip (Figs. 11(as, bs)). The
results indicate that the pure Cu lamellae experience
severer tensile deformation, which is consistent

with the EBSD (Fig. 8) and TEM (Fig. 9) results.
There are many unstable shear bands in the TiB,/Cu
lamellae of SLC-360 °C (Fig. 11(a3)), indicating
that the dislocation activity in the TiB,/Cu lamellae
is limited and difficult to release. The existence of
shear bands confirms the strain localization in the
TiB»/Cu lamellae. The main slip bands in the
TiB»/Cu lamellaec and pure Cu lamellae of SLC-
420 °C are consistent, which indicates sufficient
activity of the dislocations and weak strain
localization in the TiB,/Cu lamellac. Moreover,
many tearing grooves are present in the fracture
morphology of the TiB»/Cu lamellae in SLC-360 °C
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(Fig. 11(c1)), whereas the fracture morphology of
SLC-420°C is smoother (Fig. 11(cz)). This
indicates that there are greater incompatibility
deformation and stronger interface constraint effect
between adjacent heterogeneous lamellae of
SLC-360 °C, which is consistent with the stronger
Bauschinger effect and higher HDI stress observed
in the LUR test results (Fig.10). In addition,
the fracture morphologies of SLC-360 °C and
SLC-420 °C are alternately distributed with small
and large dimples (Figs. 11(ci, ¢2)). There are no
defects, such as debonding or cracking at the
lamellar interface, which confirms good bonding

between the TiB,/Cu lamellae and pure Cu lamellae.

The well-bonded lamellar interface ensures the
stable and persistent generation of HDI stress [54].

For homogeneous TiB,/Cu composites [55,56],
cracks usually appear in the low-strain shear region,
and there is only a single microcrack at the TiB»
particle interface, which leads to very limited
fracture toughness. In contrast, for the main crack
deflection fracture, many discrete microcracks,
delamination cracks and tunnel cracks were
observed during tensile deformation of the SLCs,
which indicated that the strain-induced cracks
played a lasting role in strain regulation during the
whole deformation process. The interaction and
propagation of multimode cracks are the main
method of damage accumulation, especially when
the plastic deformation capacity is exhausted, which
can significantly improve the fracture toughness of
composites [57,58].

In summary, the advantage of SLCs in
balancing mechanical properties and electrical
conductivity lies in the structural effect of
heterogeneous microstructures  (Fig. 12). The
thickness of pure Cu lamellae with a developed
slip system in SLCs is only submicron structure,
which results in interactions between GNDs
and statistically stored dislocations (SSDs). The
interaction beneficial to
improving the storage rate of dislocations and the
work hardening ability of SLCs. Moreover, the
submicron configuration provides
external toughening for SLCs through the synergy
between multiple crack propagation modes. In
addition, according to Matthiessen’s law, the pure
Cu lamellae with low grain boundary scattering
resistance, low dislocation scattering resistance and
no TiB, particle interface scattering resistance

of dislocations is

laminated

provide the conditions for the rapid transport of
carriers, and the close interface between the
TiB,/Cu lamellaec and the pure Cu lamellae can
minimize the interfacial impedance stemming from
electron-boundary scattering alongside the lamellar
interface. Therefore, SLCs achieve a significant
improvement in electrical conductivity while
obtaining mechanical properties of “1 + 1 > 2”.

P S A
3 AT Sy TV AaT,
- 3

(>
3‘ €S

N
<« Loading direction L —
e TiB, particle 1 SSDs Crack
Twin boundary L GNDs %z Carrier

Fig. 12 Schematic illustration of dislocation behavior,
crack propagation and carrier transport in SLCs

5 Conclusions

(1) The as-prepared TiB»/Cu—Cu laminated
composites have an alternating heterogeneous
structure of fine-grained TiB,/Cu lamellae and
coarse-grained Cu lamellae. The thickness of a
single-component lamella is approximately several
hundred nanometers, and the TiB,—Cu interface and
lamellar interface are firmly bonded.

(2) The difference in the CTEs of the TiB,/Cu
and Cu lamellae is beneficial to thermal mismatch
strengthening. Moreover, a lamellar thickness of
submicrons promotes the interaction between
GNDs and SSDs, which significantly improves the
mechanical properties of SLCs.

(3) The interaction and propagation of
multimode cracks provide extrinsic toughening for
SLCs. In addition, pure Cu lamellaec with low
electron scattering resistance provide a channel for
the rapid transport of carriers, which ensures the
high electrical conductivity of SLCs.
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