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Abstract: A combination of casting and laser remelting was employed to develop a high-strength and heat-resistant 
Al−Si−Fe alloy suitable for powder bed fusion using a laser beam (PBF-LB). By clarifying the effects of the 
incorporated elements and their contents on the microstructure and mechanical performance of Al−Si−Fe alloys, the 
composition was optimized as Al−11Si−2.5Fe−2Mn−1.2Ni−0.4Cr (in wt.%). The optimized alloy was subsequently 
validated using PBF-LB, which exhibited favorable machinability, achieving a density of 99.8%. The room-temperature 
tensile strength of the PBF-LB manufactured Al−Si−Fe alloy reached (512.76±3.26) MPa, with a yield strength of 
(337.79±2.36) MPa and an elongation of (2.98±0.07)%. The enhanced room-temperature mechanical properties could 
be mainly attributed to the combined effects of fine-grain strengthening, solid solution strengthening, and precipitation 
strengthening. At 300 °C, the high-temperature tensile strength of the developed alloy reached (222.47±6.41) MPa, with 
a yield strength of (164.25±11.40) MPa and an elongation of (8.88±0.33)%, outperforming those of existing alloys 
documented in the literature. The improved high-temperature mechanical performance was primarily provided by the 
three-dimensional network comprising cellular heat-resistant Al17(FeMnNiCr)4Si2 and α-Al(FeMn)Si phases. 
Key words: Al−Si−Fe alloy; laser powder bed fusion; alloy composition optimization; heat-resistant phase; 
strengthening mechanism 
                                                                                                             

 
 
1 Introduction 
 

Known for their lightweight, high specific 
strength, good corrosion resistance, and easy 
processing characteristics, aluminum alloys have 
potential applications in the aerospace and 
automotive industries [1]. The utilization of powder 

bed fusion using a laser beam (PBF-LB) in the 
manufacturing of aluminum alloys enables the 
reduction of manufacturing lead time through 
replacing a series of production processes with a 
single-step process [2]. Extensive research has been 
conducted on the PBF-LB of Al−Si alloys, such as 
Al−12Si and AlSi10Mg [3]. These eutectic or 
hypoeutectic Al−Si alloys have been proved to be 
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particularly well-suited for PBF-LB printing due to 
their low melting point, narrow solidification 
temperature range, and low shrinkage rate. The 
room-temperature mechanical performance of the 
Al−Si alloy has been repeatedly reported to be 
better than that of the conventionally processed 
counterpart. The improved strength is attributed   
to the presence of sub-grain boundaries and 
inter-dendritic Si, which inhibit dislocation 
movement [4−8]. However, these alloys exhibit 
inferior high-temperature performance due to the 
fracture of silicon-rich grain boundaries [9]. 

The heat resistance of aluminum alloys can be 
enhanced through the introduction of alloying 
elements [10]. It is essential that the selected 
elements possess the capacity to form thermally 
stable phases and exhibit low diffusivity [11]. 
Furthermore, the mobility of grain boundaries and 
dislocations can be greatly reduced by forming a 
high volume fraction of heat-resistant phases [12]. 
By adding Fe and Ni elements into the cast Al−Si 
alloy, interconnected intermetallic compounds can 
be formed, thereby improving the high-temperature 
performance of the alloy [13]. However, the 
presence of coarse needle-like or plate-like β-Fe has 
a detrimental effect on the strength and elongation 
of the alloy. To mitigate the adverse effects of β-Fe, 
elements such as Ni, Mn, and Cr are commonly 
incorporated with the objective of converting the 
β-Fe phase to α-Fe phase. WANG et al [14] 
investigated the influence of Mn and Cr elements 
on the formation of Fe-rich intermetallic 
compounds in Al−Si−Cu alloys, and the results 
indicated that the addition of Mn and Cr reduced 
the size of the Fe-rich phase and changed the 
structure of the Fe-rich phase from β phase to α 
phase, eventually improving the mechanical 
properties of Al−Si−Cu alloy. LIN et al [15] 
investigated the influence of Cr on the 
microstructure and mechanical properties of a 
heat-resistant Al−12Si−3.5Cu−2Mn (wt.%) alloy. 
The results showed that the addition of Cr 
significantly altered the morphology of the Mn-rich 
primary phase, evolving from elongated rod-like 
structures to dendrites and subsequently to star- 
shaped particles, thereby enhancing its high- 
temperature strength. Numerous studies [11−14,16] 
have been conducted on the development of cast 
heat-resistant Al−Si alloys, with fewer studies on 

alloy produced through PBF-LB. Besides, though 
the shape of the heat-resistant phases can be 
controlled by alloying during the casting process, 
these phases remain substantial in size and irregular 
in shape. 

PBF-LB exhibits a higher cooling rate 
compared to casting. As a result, the processing of 
Al−Si−Fe alloys via PBF-LB can result in the 
production of finer and more precise phases    
and microstructures, thus improving the high- 
temperature mechanical properties. MANCA     
et al [17] employed PBF-LB to produce an 
Al−12Si−1.4Fe−1.4Ni (wt.%) alloy. The resulting 
fine structure was composed of submicron Si, 
Al5Fe(Ni,Cu), and Al3(Ni,Cu) phases, and this alloy 
exhibited a compressive strength of 355 MPa      
at 200 °C. XIAO et al [8] used PBF-LB to 
manufacture an AlSi12FeMn alloy containing 
0.54 wt.% Fe. The process resulted in the formation 
of spherical nanoscale α-Al(FeMn)Si phases, with a 
diameter of 10−50 nm. RAKHMONOV et al [18] 
used PBF-LB to manufacture an Al−3.6Mn−2.0Fe− 
1.8Si−0.9Zr (wt.%) alloy, resulting in the formation 
of sub-micron spherical α-Al(FeMn)Si phases that 
were distributed widely at the grain boundaries and 
within the grains. These phases acted as nucleating 
agents, facilitating the refinement of the grain 
structure and significantly enhancing the creep 
resistance of the alloy. 

The heat-resistant temperature of Al−Si alloys 
is currently limited to approximately 250 °C [15,19], 
making it necessary to develop a new kind of 
Al−Si−Fe alloys that is not only suitable for 
PBF-LB but also exhibits a superior high- 
temperature performance. To develop this new alloy 
in a cost-effective and expeditious manner, a 
combination of casting and laser-remelting can be 
used. In this study, a total of nine distinct Al−Si 
alloy compositions were firstly designed through  
an orthogonal method, incorporating different 
contents of Fe, Mn, Ni and Cr. Subsequently, a 
combination of casting and laser-remelting was 
used to fabricate the designed alloys. The optimal 
Al−Si−Fe alloy composition was determined 
through comparing the microstructure and 
mechanical properties of the laser remelted zones. 
Ultimately, the alloy composition was validated by 
PBF-LB, and the high-temperature properties of the 
fabricated alloy and its strengthening mechanism 
were investigated. 
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2 Experimental 
 
2.1 Material preparation 

As previously stated, the enhancement of 
high-temperature strength in aluminum alloys 
necessitates the generation of an adequate number 
of heat-resistant phases through the combination of 
high contents of the fast-diffusing element, such as 
Si, and the slow-diffusing elements, such as Fe and 
Ni. Consequently, novel heat-resistant aluminum 
alloys were developed based on the Al−11Si series 
alloys. Table 1 lists the compositions of the 
designed alloys. 

The casting process commenced with the 
placement of pure aluminum in a resistance furnace, 
which was heated at a rate of 20 °C/min. Once the 
pure aluminum was completely melted and the 
temperature reached 780 °C, the Si, Cr, and Fe 
powders, wrapped in aluminum foil, were 
introduced into the melt. Following this, the 
Al−10Ni and Al−10Mn master alloys were added. 
The melt was then stirred thoroughly to ensure 
complete dissolution of all alloying elements. 
Subsequently, it was cooled to 745 °C and degassed 
using C2Cl6. After a period of 10−15 min, the melt 
was cooled to 690 °C for casting in a metal-type 
mould. 

Prior to the laser-remelting process, the 
samples were cut into the desired shape (10 mm × 
10 mm × 10 mm) by a wire electrical discharge 
machining, polished successively using 600#−1500# 
sandpaper, and then darkened with a marker to 
reduce the laser reflectivity. Subsequently, an   
IPG YLR−2000 fiber laser was employed       
for single-layer single-pass laser remelting on the 
as-cast alloy surfaces. The laser parameters 

employed during the remelting process were set as 
follows: a laser power of 1000 W, a scanning speed 
of 20 mm/s, a spot diameter of 1.5 mm, and an 
argon gas atmosphere. 

Once the optimal chemical composition of the 
Al−Si−Fe alloy was determined, the corresponding 
powder was prepared and printed using PBF-LB for 
the purpose of validation. The powder was prepared 
by vacuum air atomization, and the actual chemical 
composition determined by ICP-AES was Al− 
10.88Si−2.65Fe−1.86Mn−1.13Ni−0.38Cr (in wt.%). 
As shown in Figs. 1(a, b), the morphology of the 
prepared powder is nearly spherical, and the particle 
size follows a normal distribution, with D10, D50, 
and D90 being 22.08, 36.31, and 58.52 μm, 
respectively. 

The equipment used for PBF-LB was the 
EP-M150 machine (E-Plus−3D, Beijing, China). 
Before printing, the powder was dried in a vacuum 
oven at 110 °C for 2−4 h. The optimized PBF-LB 
process parameters were as follows: a laser power 
of 310 W, a scanning speed of 1400 mm/s, a 
powder layer thickness of 30 μm, and scanning 
strategy involving a 67° rotation between the layers, 
with a hatch distance of 90 μm, and an argon gas 
atmosphere. An AA6083 alloy was utilized as   
the substrate, which was maintained at 140 °C 
throughout the fabrication process. 

 
2.2 Characterization 

Prior to the microstructural characterization,  
a standard metallographic technique was 
implemented for the as-cast and laser-remelted 
samples, including mechanical grinding with 
successively finer-grained SiC papers and final 
polishing with a MgO suspension. This was 
followed by etching with Keller’s reagent for 6−8 s. 

 
Table 1 Compositions of designed alloys (wt.%) 

Alloy Composition A(Fe) B(Mn) C(Ni) D(Cr) E(Si) F(Al) 
1# Al−11Si−2.5Fe−1.5Mn−0.4Ni−0.2Cr 2.5 1.5 0.4 0.2 11 Bal. 
2# Al−11Si−2.5Fe−2.0Mn−0.8Ni−0.4Cr 2.5 2.0 0.8 0.4 11 Bal. 
3# Al−11Si−2.5Fe−2.5Mn−1.2Ni−0.6Cr 2.5 2.5 1.2 0.6 11 Bal. 
4# Al−11Si−3.0Fe−1.5Mn−0.8Ni−0.6Cr 3.0 1.5 0.8 0.6 11 Bal. 
5# Al−11Si−3.0Fe−2.0Mn−1.2Ni−0.2Cr 3.0 2.0 1.2 0.2 11 Bal. 
6# Al−11Si−3.0Fe−2.5Mn−0.4Ni−0.4Cr 3.0 2.5 0.4 0.4 11 Bal. 
7# Al−11Si−3.5Fe−1.5Mn−1.2Ni−0.4Cr 3.5 1.5 1.2 0.4 11 Bal. 
8# Al−11Si−3.5Fe−2.0Mn−0.4Ni−0.6Cr 3.5 2.0 0.4 0.6 11 Bal. 
9# Al−11Si−3.5Fe−2.5Mn−0.8Ni−0.2Cr 3.5 2.5 0.8 0.2 11 Bal. 
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Fig. 1 (a, b) Morphology and particle size distribution  
of prepared powder, respectively; (c) Dimensions of 
room-temperature and high-temperature tensile sheets 
(Unit: mm) 
 

As for the PBF-LB samples, after mechanical 
polishing with 3000# sandpaper, electrochemical 
polishing was conducted using a 90 vol.% C2H5OH 
and 10 vol.% HClO4 solution. Microstructural 
analysis was conducted using an optical microscope 
(OM, Zeiss-Image) and a scanning electron micro- 
scope (SEM, Zeiss Sigma 300). 

Electron back-scattered diffraction (EBSD) 
analysis was performed to determine the 
crystallographic orientation and grain size of the 
PBF-LB printed samples. The samples were 
prepared by using a three-axis ion beam polishing 
instrument (Leica EM TIC 3X). The EBSD system 
used was an Oxford Instruments Nordlys Nano 

EBSD detector in conjunction with a Tescan AZtec 
software. 

The nanoscale precipitates were observed 
using a transmission electron microscope (FEI 
Tecnai G2−F30) operating at 200 kV. The TEM 
specimens were sliced in a direction parallel to the 
PBF-LB printing direction, mechanically ground to 
a thickness of 30 μm, punched into 3 mm diameter 
disks, and further thinned using an ion milling 
system (Gatan 695) to produce electron transparent 
areas. 

Structural analysis was performed by X-ray 
diffraction (XRD) using an X’Pert PRO instrument 
with Cu Kα radiation (λ=1.5406 Å) at a scanning 
speed of 2 (°)/min. 

The hardness of the specimens was assessed 
using an HSV−1000 Vickers hardness machine. The 
measurements were taken with an external load of 
200 g and a dwell time of 10 s. The mean value was 
obtained from 5−10 points on each specimen to 
ensure the accuracy of the data. 

Tensile properties of the PBF-LB specimens 
were evaluated by using an AGS-X electronic 
universal testing machine. The dimensions of the 
tensile specimens were illustrated in Fig. 1(c). The 
crosshead speed was kept constant at 1 mm/min, 
and the room-temperature and high-temperature 
tensile tests were conducted in accordance with the 
standards GB/T 228.1 and GB/T 228.2, respectively. 
Prior to the high-temperature tensile testing,     
the specimens were subjected to 300 °C for an 
insulation period of 10 min. To ensure the accuracy 
of the obtained tensile data, the average value of the 
results from three tensile tests was reported. 
 
3 Results and discussion 
 
3.1 Microstructure of designed alloys 

Figure 2 shows the cross-sectional micro- 
structure of the designed nine as-cast alloys after 
laser remelting. As shown in Figs. 2(a−i), no 
obvious metallurgical defects were observed. 
Meanwhile, the as-cast and laser-remelted regions 
exhibited distinct microstructures. As shown in 
Fig. 2(e), the cast region displayed α-Al dendrites, 
needle-like eutectic Si, and blocky primary 
Fe-containing secondary phase particles. However, 
as shown in Fig. 2(h), the remelted heat-affected 
zone still contained unmelted blocky primary Fe- 
containing phases, which subsequently underwent  
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Fig. 2 Optical micrographs of different as-cast alloys after laser remelting: (a) 1# alloy; (b) 2# alloy; (c) 3# alloy; (d) 4# 
alloy; (e) 5# alloy; (f) 6# alloy; (g) 7# alloy; (h) 8# alloy; (i) 9# alloy 
 
complete melting as they traversed the edge of the 
heat-affected zone, approaching the center of the 
remelted zone. This phenomenon was due to the 
Gaussian heat source distribution of the laser, 
resulting in a high temperature at the center and 
lower temperatures on both sides [20]. The 
microstructure of the laser-remelted region 
exhibited a notable degree of refinement, 
manifesting as fine cellular structures. Besides, in 
the heat-affected zone, the coarse secondary phase 
particles were fully melted. Additionally, as shown 
in Fig. 2(f), the laser-remelted region exhibited 
columnar and equiaxed crystal zones. The main 
reason for the distinct microstructures was the 
considerably high cooling rate during laser 
remelting compared to that during casting. 
Subsequently, the solidification cells and equiaxed 
dendrites underwent a significant degree of 
refinement in the remelted zone. 

Figure 3 shows the SEM−EDS images of the 
as-cast and remelted regions of 1# alloy. The 
SEM−EDS images of the as-cast area in Figs. 3(a−g) 
provided further validation of the secondary phase 

species identified in Fig. 2(e). These images 
confirmed the presence of needle-like eutectic Si, 
α-Al(FeMn)Si, and Al−Ni phases. As shown in 
Fig. 3(h), after laser remelting, the previously 
observed coarse primary phases were observed to 
melt and disappear, with the equiaxial crystal region 
comprising a grey α-Al matrix and the white 
reticular Si. This microstructure was similar to that 
typically observed in the PBF-LB formed Al−Si 
alloys [21], which indicated that the laser remelting 
process was feasible. This process provided 
sufficient energy density for remelting and 
sufficiently rapid cooling rates to facilitate the 
melting and recombination of the eutectic Si and 
Fe-containing phases. Therefore, the formation of 
undesirable phases, such as coarse Fe-containing 
phases, was effectively inhibited by the relatively 
rapid cooling of PBF-LB during the preparation of 
Al−Si−Fe alloys. 

Figure 4 shows the remelted equiaxed crystal 
zones of 1#, 2#, and 5# alloys with increasing   
the Ni content from 0.4 wt.% to 1.2 wt.%. It    
can be observed that the grain size became gradually 
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Fig. 3 SEM−EDS images of 1# alloy: (a−g) As-cast region; (h−n) Remelted region 
 

 
Fig. 4 SEM−BSE images of remelted equiaxed crystal zones of different alloys after remelting: (a) 1# alloy; (b) 2# 
alloy; (c) 5# alloy 
 
refined, measuring 2.66, 1.87, and 1.72 μm, 
respectively. The main difference among these 
alloys was the Ni content. It can be inferred that the 
formed Al3Ni phase acted as a non-homogeneous 
phase nucleator, thereby controlling the micro- 
structure at high cooling rates [22]. In the PBF-LB 
process, significant thermal gradients and high 
cooling rates could result in a coarse columnar 
crystal structure, which may lead to the anisotropy 
in the mechanical properties and an increased 
susceptibility to cracking [2]. The obtained fine 
equiaxial microstructure exhibited enhanced 
mechanical properties and increased resistance to 

cracking. Additionally, Ni has the capacity to 
destabilize the β-Al9Fe2Si2 phase and promote the 
formation of the high-strength and heat-resistant 
Al9FeNi phase [23]. However, an excessive amount 
of Ni could lead to the transformation of the 
Al9FeNi phase into long needle-like structures, 
which may have a detrimental impact on the 
mechanical properties of the aluminum matrix. 
 
3.2 Microhardness and orthogonal analysis results 

Figure 5 shows the microhardness of the 
as-cast and remelted regions of the designed nine 
alloys. As shown in Fig. 5, the microhardness of the 
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remelted zone was significantly higher than    
that of the as-cast zone. In the remelted zone,    
2# alloy exhibited the highest microhardness of 
HV0.2 (152.8±4.15), while 8# alloy demonstrated 
the lowest value of HV0.2 (129±3.53). Table 2 
presents the results of the orthogonal microhardness 
experiments in the remelted zone. Each factor has 
three experiments at the same level, and the three 
microhardness results obtained with the same factor 
level were then added together to obtain K1, K2, and 
K3. The range (R) was calculated as the difference 
between the maximum and minimum K values. This 
reflected the impact of the selected levels of 
elements on the microhardness. According to 
Table 2, the impact levels followed R(Cr)>R(Ni)> 
 

 
Fig. 5 Microhardness of as-cast and remelted zones of 
different alloys 
 
Table 2 Orthogonal experimental results in remelted 
region 

Alloy 
Content/wt.% Microhardness 

(HV0.2) A(Fe) B(Mn) C(Ni) D(Cr) 

1# 2.5 1.5 0.4 0.2 131.00±10.94 

2# 2.5 2.0 0.8 0.4 152.80±4.15 

3# 2.5 2.5 1.2 0.6 138.00±8.86 

4# 3.0 1.5 0.8 0.6 132.33±10.39 

5# 3.0 2.0 1.2 0.2 145.80±12.99 

6# 3.0 2.5 0.4 0.4 138.60±13.33 

7# 3.5 1.5 1.2 0.4 148.67±4.32 

8# 3.5 2.0 0.4 0.6 129.00±3.54 

9# 3.5 2.5 0.8 0.2 132.60±4.77 

K1 421.80 412.00 398.60 409.40  

K2 416.73 427.60 417.73 440.07  

K3 410.27 409.20 432.47 399.33  

R 11.53 18.40 33.87 40.74  

R(Mn)>R(Fe), indicating that Cr had the most 
significant influence on the microhardness of the 
alloy, followed by Ni, Mn, and Fe. 

The orthogonal results indicate that the 
increase in microhardness observed in the remelted 
zone could be attributed primarily to the controlling 
effect of the Cr and Mn elements on the morphology 
of the Fe-containing phases. Furthermore, the 
microhardness is further improved by the diffuse 
distribution of melt-reorganized α-Al(FeMn)Si and 
Ni-containing phases, which are governed by 
Marangoni driven fluid flow (as evidenced by 
different color linings of the remelted zone in Fig. 2) 
in the molten pool. Furthermore, the addition of Ni 
contributed to the grain refinement. According to 
the Hall−Petch relationship, the grain refinement 
had a positive impact on improving the mechanical 
properties. In summary, the optimal alloy 
composition was determined as Al−11Si−2.5Fe− 
2Mn−1.2Ni−0.4Cr. 
 
4 PBF-LB manufacturing and verification 
 
4.1 Microstructure of PBF-LB manufactured 

Al−Si−Fe alloy 
Vacuum gas atomized powder preparation was 

carried out based on the optimized alloy composition. 
Subsequently, PBF-LB was implemented using the 
optimized process parameters. The XRD pattern of 
the PBF-LB manufactured Al−Si−Fe alloy is shown 
in Fig. 6. According to the XRD spectrum, the alloy 
mainly consisted of three phases, which were α-Al, 
Si, and α-Fe phase (Al17Fe3.2Mn0.8Si2). However, the 
Cr- and Ni-containing phases were not identified in 
the XRD pattern. 
 

 
Fig. 6 XRD pattern of PBF-LB manufactured Al−Si−Fe 
alloy 
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Figure 7(a) shows the cross-section micro- 
structure of the PBF-LB manufactured alloy, 
revealing a typical fish-scale-like molten pool 
structure. Good metallurgical bonding was observed 
between the layers of the molten pool, with 
irregular angles and arrangements between the 
molten pools. This was due to the scanning strategy, 
which involved a certain angular deviation. No 
cracks or other significant defects were observed in 
the PBF-LB manufactured alloy. The microstructure 
was observed to be dense, with an alloy density   
of 99.8%, as measured by the Archimedes   
method. This finding demonstrates good PBF-LB 
processability of the alloy. Figure 7(b) shows an 

enlarged view of the molten pool boundaries, which 
exhibits a distinctive intermetallic morphology. It 
comprises the classical grey α-Al phase and a 
continuous distribution of white secondary phase 
along the grain boundaries. Compared to the α-Al 
structure observed after laser remelting, as shown  
in Fig. 4(c), the PBF-LB manufactured sample 
exhibited a more refined microstructure due to the 
elevated cooling rates. The table in Fig. 7 shows the 
EDS results of the spherical particle phases at the 
molten pool boundaries and the white secondary 
phase in Fig. 7(b). The results obtained at Spot 1 
indicated that the secondary phase was primarily 
composed of Fe-rich phases, while at Spot 2, the 

 

 
Fig. 7 Microstructures of PBF-LB manufactured Al−Si−Fe alloy: (a) SEM image; (b) Enlarged view of red-framed area 
in (a); (c) EBSD image; (d) Grain size distribution; (e) Pole figures 



Wen-zhe GAO, et al/Trans. Nonferrous Met. Soc. China 35(2025) 3561−3577 3569 

white phase was enriched in Si compared to the 
spherical particles. The two structures merged to 
create a secondary phase enriched zone at the 
molten pool boundary. In some reported PBF-LB 
fabricated Al−Si alloys [8,24], a cellular aluminum 
matrix was surrounded by spherical eutectic silicon 
particles, forming a eutectic silicon network. 
However, in this study, it was found that Si was 
more likely to form a secondary phase with Fe, Mn, 
and other elements, which were distributed around 
the aluminum matrix, as indicated by the XRD and 
EDS results in Fig. 7, due to the elevated alloying 
element content. 

As illustrated in Fig. 7(c), the EBSD image 
reveals that the Al−Si−Fe alloy was composed of 
columnar crystals (CG) in the middle of the molten 
pool and equiaxed fine grains (FG) at the bottom of 
the molten pool. This was primarily attributed to the 
uneven heat distribution caused by the Gaussian 
distribution of the laser heat source. The relevant 
solidification phenomena were determined by the 
thermal gradient and the solid−liquid interface 
solidification velocity [12,25]. At the bottom of the 
molten pool, the solidification velocity was 
relatively low. As a consequence of the layer-by- 
layer scanning process employed in PBF-LB, the 
upper surface of the previous molten pool was 
remelted, resulting in the formation of fine 
equiaxed crystals. These grains, with sizes ranging 
from 2 to 5 μm, constituted 53.4% of the total, as 
shown in Fig. 7(d). In the middle of the molten pool, 
the formation of columnar crystals was observed as 
a consequence of a reduction in the thermal gradient 
and an increase in the solidification rate. To 
examine the orientation of the grains, pole figure 
analysis was conducted. According to the pole 
figures shown in Fig. 7(e), the pole density ranged 
from 0.12 to 3.85, indicating a relatively weak 
texture in the PBF-LB fabricated alloy, with a 
random growth direction of the grains. 

Figure 8 shows the TEM images of the molten 
pool in the Al−Si−Fe alloy. As shown in Fig. 8(a), 
the presence of columnar crystal regions and 
equiaxed fine grain regions (secondary phase 
enriched regions) were present. As illustrated in 
Fig. 8(d), the columnar crystalline region consisted 
of a Si-rich cytosolic structure, while the aluminum 
matrix in this region exhibited a reduced number  
of nucleation sites and a more pronounced 
solidification thermal gradient. These factors 

collectively contributed to the formation of the 
columnar crystal region. The secondary phase 
enriched zone at the bottom of the molten pool  
was mainly composed of submicron-scale nearly- 
equiaxed blocky phases and nanometer-scale 
spherical phases. The blocky phase was distributed 
both within and along the boundaries of the grains, 
while the nanoscale spherical phase was mainly 
distributed along the grain boundaries. According  
to the corresponding EDS maps, these blocky 
intermetallic phases were rich in Al, Si, Fe, Mn, Ni, 
and Cr. EDS and diffraction spot analyses were 
performed on the blocky phases, as shown in 
Fig. 8(b). Based on the TEM diffraction pattern,  
this phase was confirmed as the Al17Fe3.2Mn0.8Si2- 
type phase. However, according to the EDS  
results in Fig. 8(b), this phase was close to 
Al17(FeMnNiCr)4Si2. It is observed that, due to the 
similarity in atomic radii, the substitution of Fe or 
Mn by Ni and Cr did not lead to crystal distortion. 
A similar situation was reported in nearly-eutectic 
and subeutectic Al−Si−Ni−Fe−Mn alloys produced 
by die casting [26]. This finding corroborates the 
hypothesis that the morphology of the α-Fe phase 
could be manipulated by the incorporation of Mn, 
Ni, and Cr elements. 

Figure 9(a) shows the local morphology of the 
secondary phase enriched zone. High-resolution 
TEM (HRTEM) and Fourier transform (FFT) 
analyses were conducted on the nanoscale spherical 
phase depicted in Figs. 9(b, c). These analyses 
revealed that the precipitated phase was 
α-Al(FeMn)Si, with a size of 50−90 nm. The 
distribution of the two precipitated phases within 
the molten pool was uneven, with the majority 
located at the molten pool boundaries and a small 
portion distributed in the middle of the molten pool. 
The formation of the initial molten pool resulted in 
a high thermal gradient at the boundaries, which 
initiated the solidification process and led to the 
formation of primary phases such as α-Fe and 
α-Al(FeMn)Si. As shown in Fig. 9, the semi- 
congruent interfaces of α-Al(FeMn)Si and α-Al  
are almost overlapped, indicating that the 
α-Al(FeMn)Si phase existed as a nucleation site. 
Furthermore, when the laser remelted the previous 
molten pool, the primary phases were not 
completely melted, acting as nucleation sites within 
the liquid phase. This resulted in the formation of 
the secondary phase enriched zone and the refinement 
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Fig. 8 TEM images showing molten pool morphology of PBF-LB manufactured Al−Si−Fe alloy: (a) Bright-field TEM 
image; (b) Dark-field TEM image and EDS results from Point 1 in (a) and diffraction pattern of Spot 1; (c−h) EDS 
maps corresponding to yellow box in (a) 
 

 

Fig. 9 (a) Bright-field TEM image showing local morphology of secondary phase enriched region; (b) HRTEM image 
revealing interface between Al and α-Al(FeMn)Si; (c) Fourier transform results of (b) 
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of grains. As the process of solidification continued, 
a decrease in the thermal gradient was observed, 
accompanied by an increase in the solidification 
velocity. Under these conditions, the formation of 
the two Fe-containing primary phases appeared to 
be suppressed, as evidenced by the sparse presence 
of these phases in the columnar crystal zone in 
Fig. 8(a). The presence of minor quantity of the 
α-Fe phase did not function as a nucleation site  
for α-Al, presumably because the localized 
solidification conditions prevented nucleation 
conditions. Moreover, the depletion of the primary 
phases resulted in a reduction in nucleation sites, 
which in turn led to the coarsening of α-Al grains in 
the central region of the molten pool. Additionally, 
analogous microstructural characteristics have also 
been reported in PBF-LB manufactured Al−3.6Mn− 
2.0Fe−1.8Si−0.9Zr (wt.%) alloy [17]. 

Besides the two Fe-containing primary phases, 
Al−Ni phases were observed in the as-cast zone in 
Fig. 3(d), which were not identified in the TEM 
observations of the PBF-LB manufactured alloy. It 
has been demonstrated that in the Al−Si−Fe−Ni− 
Mn system, a quaternary eutectic reaction occurs 
under near-equilibrium conditions, whereby the 
liquid phase transforms to α-Al+Si+Al3Ni+ 
Al9(FeNiMn)2. When the solidification process 
occurs rapidly, such as in high-pressure die casting 
(HPDC), this reaction transforms from the liquid 

phase to α-Al+Si+Al6(FeNiMn) at 567 °C [26]. In 
this study, neither the Al3Ni phase under 
equilibrium solidification conditions nor the 
Al6(FeNiMn) phase under rapid solidification 
conditions was observed. It was speculated that the 
faster solidification conditions of the PBF-LB 
process kinetically inhibited the formation of these 
two phases. In this work, the incorporation of Ni 
element into the primary Fe-containing phases 
resulted in the formation of Al(TM)Si phases,  
rather than the generation of an excess amount   
of intermetallic compounds. This finding is in 
consistent with previous reports on aluminum 
alloys with the addition of transition metal  
elements [27−29], including Mn, Fe, Ni, Cr, V, etc. 
 
4.2 Mechanical properties of PBF-LB 

manufactured Al−Si−Fe alloy 
The average microhardness of the PBF-LB 

manufactured Al−Si−Fe alloy on the XOY plane  
or cross-section, was HV0.2 (171.08±5.36), while    
on the XOZ plane or longitudinal section, a value  
of HV0.2 (144.64±4.52) was obtained. Figure 10 
illustrates the tensile properties of the PBF-LB 
manufactured alloy. As shown in Fig. 10(a), the 
room-temperature yield strength (YS), ultimate 
tensile strength (UTS) and elongation to fracture 
(EL) of the PBF-LB manufactured Al−Si−Fe alloy 
were (337.79±2.36) MPa, (512.76±3.26) MPa and 

 

 
Fig. 10 (a) Room-temperature and high-temperature (300 °C) tensile properties of PBF-LB manufactured Al−Si−Fe 
alloys; (b) Comparison of high-temperature tensile performance at 300 °C between this work and other as-cast or 
PBF-LB manufactured Al−Si and Al−Cu alloys [10,19,22,30−45] 
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(2.98±0.07)%, respectively. Compared to the 
commonly PBF-LB manufactured AlSi10Mg  
alloys [29], the Al−Si−Fe alloy in this research 
exhibited a higher room-temperature YS. The results 
of the high-temperature tensile testing, conducted at 
300 °C, showed a UTS of (222.47±6.41) MPa and 
an EL of (8.88±0.33)%, as shown in Fig. 10(a). A 
comparison of high-temperature tensile testing at 
300 °C was obtained using commercially available 
alloys, including as-cast Al−Si alloy, Al−Cu alloy, 
and A319 alloy [10,13,19,22,30−45], which clearly 
indicated that the PBF-LB manufactured Al−Si−Fe 
alloy demonstrated a superior combination of high- 
temperature strength and ductility. 

Figure 11 illustrates the fracture surfaces of  
the specimens after room-temperature and high- 
temperature tensile testing. As shown in Fig. 11(a), 
the presence of extensive disintegrated surfaces was 
observed in the flat region, along with the presence 
of small pores in its vicinity, followed by a 

shallower portion of tear ridges. This indicated that 
the cracks initiated from the pore regions at the 
edge of the specimen and rapidly propagated across 
the entire cross-section after plastic deformation, 
ultimately leading to the fracture. The existence of 
pores was observed as a common defect in the 
PBF-LB processing of aluminum alloys, due to the 
entrapment of unmelted powder or metal vapor and 
protective gas in the molten pool [46]. Figure 11(b) 
shows a high-magnification view in Fig. 11(a), 
demonstrating relatively shallow and small dimples 
morphology, which corresponded to the lower 
elongation at room-temperature, indicating brittle 
fracture. The fracture surface of the specimen tested 
at 300 °C revealed ductile fracture, with numerous 
large dimples, as shown in Figs. 11(c, d). Compared 
to the room-temperature fracture surface, the 
dimples were larger and deeper, reflecting a better 
toughness. Additionally, at the bottom of the 
dimples, the presence of significant secondary phase 

 

 
Fig. 11 Fracture surfaces of PBF-LB manufactured Al−Si−Fe alloys: (a, b) At room temperature; (c−e) At high 
temperature of 300 °C 
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particles indicated that the secondary phase acted as 
nucleation sites for the dimples. Figure 11(e) shows 
the side fracture of an Al−Si−Fe alloy at a high 
temperature of 300 °C. It can be found that the 
cracks originated and occurred in the secondary 
phase enriched zone, indicating that this region was 
loaded during high temperature stretching. 

The primary room-temperature strengthening 
mechanisms of this alloy were as follows: 
fine-grain strengthening within the equiaxial crystal 
zone; solid solution strengthening due to the high 
solubility of the elements in the Al matrix; 
precipitation strengthening resulting from the 
generation of multiple phases due to the high 
content of alloying elements. In contrast to 
equilibrium solidification, the solubility of the Fe 
element in Al alloys could be significantly 
enhanced during laser rapid solidification [47]. 
Similarly, the solubility of Si element in α-Al could 
reach about 7% in PBF-LB manufactured Al  
alloys [48]. The Al−Si−Fe alloys exhibited good 
tensile strength as a result of the combined action of 
multiple strengthening mechanisms. However, as 
illustrated in Figs. 8(a, b), the microstructure of the 
sample reveals that the aluminum matrix in the 
Al−Si−Fe alloys was compartmentalized by a 
network of heat-resistant phases, forming fine 
cell-like structures. This morphology impeded the 
movement of dislocations and shortened the path of 
dislocation slip, thereby hindering the transfer    
of dislocations between cells. Furthermore, the 
interconnected boundaries of the molten pool, 
comprising the hard heat-resistant phases impeded 
the plastic deformation of the aluminum matrix 
during stretching, thereby conferring relatively low 
ductility. 

When the temperature reached 0.5Tm (Tm    
is the melting point), the grain boundaries  
exhibited softening, thereby rendering fine-grain 
strengthening inapplicable [49]. Thus, aluminum 
alloys with softened grain boundaries were 
susceptible to sliding and rotation at elevated 
temperatures [34]. Therefore, the high-temperature 
strength mainly came from the presence of 
high-temperature strengthening phases. According 
to TEM analysis in Fig. 8, a significant amount   
of strengthening phases, such as α-Fe and 
α-Al(FeMn)Si, were distributed at the grain 
boundaries and within the grains. During 
high-temperature tensile loading, these phases 

could act as pinning agents at the grain boundaries, 
hindering the motion and slip of grain boundaries. 
The thermal stability of the α-Al(FeMn)Si phase 
was previously documented. In PBF-LB preparation 
of the Al−3.6Mn−2.0Fe−1.8Si−0.9Zr (wt.%) alloy, 
after subsequently aging at 350 °C for 8 h, the  
high hardness of the alloy was mainly attributable 
to the presence of α-Al(FeMn)Si precipitates. 
Furthermore, the high volume fractions of thermally 
stabilized α-Al(FeMn)Si phases resulted in the  
alloy exhibiting excellent high-temperature creep 
resistance [17]. 

Another important factor affecting the 
high-temperature performance of aluminum alloys 
was the coarsening of the secondary phase and   
the occurrence of phase transformation at elevated 
temperatures [19]. In this study, α-Fe and 
α-Al(FeMn)Si, which are heat-resistant phases, 
contain a significant number of transition group 
elements with low diffusivity at high temperatures. 
This effectively reduces phase coarsening. The 
skeleton structure, comprising thermally stable 
intermetallic phases, is also capable of effectively 
anchoring grain boundaries at high-temperatures, 
thereby suppressing the grain boundary migration 
and sliding [49,50]. As shown in Fig. 12, the 
secondary phase enriched regions were located at 
the molten pool boundaries, appearing as white 
reticular structures in the SEM microstructures 
depicted in Fig. 7(a). The processing characteristics 
of PBF-LB resulted in the formation of scale-like 
interconnected structures at the boundaries of the 
molten pool. Therefore, under high-temperature 
stress, although the aluminum matrix softened, the 
 

 
Fig. 12 High-temperature strengthening mechanism of 
developed Al−Si−Fe alloy 
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three-dimensional reticular structure formed by the 
secondary phase enriched zone acted as a skeleton 
structure, bearing the load and ensuring high- 
temperature strength. The cracks observed in the 
secondary phase enriched zone in Fig. 11(e) proved 
that this region was responsible for bearing loads at 
high temperatures. 
 
5 Conclusions 
 

(1) After laser remelting, the needle-like 
eutectic Si structures within the as-cast Al−Si−Fe 
alloy transformed into the Si network, and the 
blocky primary Fe-rich phase completely melted in 
the central area of the remelted region. The 
orthogonal experiment results indicated that the 
addition of Cr and Mn elements and their contents 
had the greatest impact on the hardness of the 
remelted zone. After comprehensive analysis, the 
optimal alloy composition was determined to be 
Al−11Si−2.5Fe−2Mn−1.2Ni−0.4Cr(wt.%). 

(2) The Al−Si−Fe alloy was prepared by 
PBF-LB, indicating that the PBF-LB manufactured 
alloy exhibited a density of 99.8% with discernible 
defects and a bimodal structure. The molten pool 
boundaries were primarily composed of submicron- 
scale α-Fe (Al17(FeMnNiCr)4Si2) and nanometer- 
scale α-Al(FeMn)Si phases. 

(3) The room-temperature ultimate tensile 
strength of the PBF-LB manufactured Al−Si−Fe 
alloy reached (512.76±3.26) MPa, with a yield 
strength of (337.79±2.36) MPa and an elongation of 
(2.98±0.07)%. The enhanced room-temperature 
mechanical properties resulted from the combined 
effects of fine-grain strengthening at the molten 
pool boundary, solid solution strengthening of the 
alloying elements, and precipitation strengthening 
brought about by the precipitated phases. 

(4) At 300 °C, the high-temperature ultimate 
tensile strength was (222.47±6.41) MPa, with a 
yield strength of (164.25±11.40) MPa and an 
elongation of (8.88±0.33)%, exhibiting a superior 
combination of high-temperature strength and 
ductility over previously reported alloys. The 
improved high- temperature mechanical properties 
were primarily attributable to the three-dimensional 
skeletal network, comprising the α-Fe and 
α-Al(FeMn)Si heat-resistant phases at the molten 
pool boundary and the two heat-resistant phases, 
which were markedly refined and distributed in a 

cellular manner. These phases served as anchors at 
the grain boundaries. 
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摘  要：采用铸造和激光重熔相结合的方法，开发出一种适于激光粉末床熔融(PBF-LB)成形的高强耐热 Al−Si−Fe

合金。通过分析所添加合金元素的种类及含量对 Al−Si−Fe 合金显微组织和力学性能的影响，优选出一种 Al−11Si− 

2.5Fe−2Mn−1.2Ni−0.4Cr(质量分数，%)合金成分。随后，采用 PBF-LB 对所优选的合金开展成形验证，其密度     

达到 99.8%，表现出良好的成形性能。PBF-LB 成形 Al−Si−Fe 合金的室温抗拉强度达到(512.76±3.26) MPa，屈     

服强度为(337.79±2.36) MPa，伸长率为(2.98±0.07)%；材料室温力学性能的提高主要归因于细晶粒强化、固      

溶强化和析出强化的综合作用。所开发合金在 300 ℃的高温抗拉强度达到(222.47±6.41) MPa，屈服强度为      

(164.25±11.40) MPa，伸长率为(8.88±0.33)%，优于现有文献中合金的相应性能；高温力学性能的提高主要得益于

由呈蜂窝状分布的 Al17(FeMnNiCr)4Si2 和 α-Al(FeMn)Si 耐热相组成的三维网络结构。 

关键词：Al−Si−Fe 合金；激光粉末床熔融；合金成分优化；耐热相；强化机制 
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