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Abstract: The effects of rejuvenation heat treatment (RHT) on the serrated flow behavior and fracture mode of nickel-
based superalloys (R26) were investigated by tensile tests and microstructural characterization. The serrated flow activation
energies were determined to be 41—72 and 64—81 kJ/mol before and after RHT, respectively. Dynamic strain aging in
the alloy is caused by the diffusion of carbon atoms into dislocation channels in the nickel matrix. Before RHT, carbides
are concentrated at the grain boundaries. Cracks initiate from these carbides and propagate along the grain boundaries.
RHT dissolves carbides at grain boundaries, transferring crack initiation to the precipitated phase group in the grains. RHT
increases carbon atom concentration in the nickel matrix, enhancing dynamic strain aging and serrated flow behavior.
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1 Introduction

Ni-based alloys have excellent fatigue and
creep resistance in high-temperature environments
and have been widely used in fields such as the
aerospace and gas turbine manufacturing industries
[1-3]. High-temperature bolts made of Ni-based
alloys directly affect the safety of nuclear, thermal,
and other power plant units [4,5]. High-temperature
bolts operating in harsh environments for extended
periods are often subjected to high temperatures and
complex loads, which can lead to gradual material
degradation or fracture [6,7].

The deformation mechanism of Ni-based
superalloys is primarily determined by dislocation
slip or twinning, and these alloys exhibit plastic
instability over a wide range of temperatures and

tensile rates. A typical phenomenon is serrated flow
on the stretching curve [8], which is usually called
the Portevin-Le Chatelier (PLC) effect. The PLC
effect is observed in many alloys and is closely
related to their mechanical properties and fracture
modes [9—-11]. The PLC effect is generally
considered to be the result of the interaction
between moving dislocations and the solute
atmosphere or shear precipitates. This process of
pinning/unpinning of dislocations by solutes or
precipitates causes dynamic strain aging (DSA),
resulting in an increase/decrease in tensile stress
[12]. The DSA model suggests that solute atoms
and dislocation densities play important roles in
determining the PLC parameters (stress drop and
reloading time) during plastic deformation [12—15].
GENG et al [13] and AIT-AMOKHTAR et al [14]
reported that the stress drop increased with the
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increase in the Mg content, which made the DSA
phenomenon more significant. Thus, precipitates
consisting of solute atoms are thought to reduce the
PLC effect. The microscopic mechanisms of DSA
are controversial. In the solute pipeline diffusion
model proposed by SLEESWYK [15], the solute
atoms first gather around dislocation forests or
precipitates. When a movable dislocation is blocked,
solute atoms gather along the dislocation line to the
movable dislocation to achieve pinning. After the
movable dislocation is unpinned, the solute atoms
remain in place and resegregate into dislocation
forests or precipitates.

Various studies on serrated flow in alloys have
shown that evaluating the activation energy of
serrated flow is essential for elucidating solute
atoms and their mode of aggregation to movable
dislocations in DSA. Interstitial atoms (such as C
and N) in alloys are considered to interact with
movable dislocations. HAYES et al [16] evaluated
the activation energy to determine whether the PLC
effect in Waspalloy alloys is a result of the
interaction of the carbon solute with mobile
dislocations. The occurrence of serrated flow is
related to the diffusion energy as well as the
solute dislocation binding energy. For example,
NALAWADE et al [17] compared the serrated flow
behavior of the 718 alloy wunder different
metallurgical conditions, attributed the high-
temperature PLC effect to the interaction between
Nb and movable dislocations, and excluded the
possibility of Mo leading to a high-temperature
PLC effect [18]. However, MAX et al [19] found a
serrated flow in 718 alloys containing Mo without
Nb, which means that Nb cannot be considered as
the only reason for the PLC effect of the 718 alloy.
Common methods for calculating the activation
energy include the Arrhenius, critical strain,
McCormick, and serration amplitude methods
[19—24]. Since the critical strain and McCormick
methods require the evaluation of vacancy
concentrations and dislocation densities that are
difficult to verify in plastic deformation, QIAN and
REED-HILL [25] proposed the intercept method
that does not involve the use of m+p values (m and
S are exponents of the variation of the vacancy
concentration and the density of mobile dislocations
with plastic strain, respectively).

R26 alloy suffers from excessive hardness,
abnormal microstructure and serrated flow after

long-term service [26], which causes the alloy to
undergo brittle fracture and reduces alloy service
life. According to the maintenance specifications of
the power station, if the hardness of the R26 bolt
does not meet the standard requirements, it must be
abandoned. As an alternative to expensive parts,
rejuvenation heat treatment (RHT) can effectively
adjust the comprehensive mechanical properties of
damaged high-temperature bolts [27,28]. The PLC
effect is generally considered to negatively affect
alloys [24,29]. Therefore, it is important to study
the PLC effect of alloys after RHT. In a previous
study [30], we repaired the organization of R26
alloy after service using RHT, which effectively
improved the relaxation resistance of the alloy. In
the present study, we used RHT to adjust the
hardness of R26 high-temperature bolts that had
been in service in a power plant. We investigated
the solutes and their diffusion modes contributing to
the PLC effect in the R26 alloy. The relationship
between PLC effect and fracture mechanism was
explained by the evolution of the solute and the
corresponding precipitated phase, and the influence
of RHT on the microstructure, fracture mode, and
serrated flow of the R26 superalloy. The findings of
this study provide a theoretical reference for the
recovery of high-temperature alloy properties after
service, and help to design new alloys with life
regeneration potential.

2 Experimental

2.1 Materials and rejuvenation heat treatment

process

Two R26 superalloy bolts (numbered 1# and
2#), with size 25 mm x 272 mm, which had failed
the Brinell hardness test after being in service for
over 6x10*h, were used as the test material.
The chemical composition of the R26 superalloy
(Table 1) was analyzed using a benchtop
spectrometer (Oxford FOUNDRY MASTER PRO).

RHT was performed on Bolt 1# to repair its
performance, whereas Bolt 2# did not undergo
RHT. The RHT process is shown in Table 2. The
first step was pre-heat treatment (1200 °C/h to
815 °C, holding for 4h, followed by furnace
cooling), and the second step was aging treatment
(1200 °C/h to 730 °C, holding for 4 h, followed by
air cooling). Following the GB/T 228.2—2015
standard, the tensile samples were obtained by
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cutting the middle part of R26 superalloy bolts; the
sampling position is shown in Fig. I(a). The
dimensions of the tensile specimens are shown in
Fig. 1(c).

Table 1 Chemical composition of R26 superalloy (wt.%)
C Si Mn Mo Ti Cr Co Fe Ni
0.05 0.06 0.22 2.86 2.88 17.60 18.30 21.48 Bal.

Table 2 Parameters of RHT process

Heat  Heating Holding Holding

Step treatment rate/ temperature/ time/ Cooh;g
process (°C-h™!) oC h typ
1 Preheating 1200 815 4  Fumace
cooling
i Air
’ hetne 1200 730 4 cooling
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Fig. 1
preparation: (a) Sampling position of R26 superalloy bolt

Schematic diagrams of tensile specimen
and tensile specimen; (b) Tensile fracture and necking

morphology; (c) Size of tensile specimen (unit: mm)

2.2 Tensile tests

Following the GB/T 228.2—2015 standard,
axial tensile tests were performed on the tensile
specimens (as shown in Fig. 1(c)) using a tensile
testing machine (ETM—105D microcomputer-
controlled electronic universal testing machine).
In order to calculate the activation energy, a series
of tensile tests were performed at different
temperatures and strain rates [21,31]. The
parameters of the tensile tests are shown in Table 3,
and the tensile tests were conducted at four
temperatures: 260, 360, 460 and 560 °C. Tensile
tests with strain rates of 7x107°, 2.5x10*% and
1.4x1073s™! were performed at each temperature,
for a total of 12 groups with 3 parallel specimens in
each group. The specimens were maintained at the
test temperature for 2 min before stretching to
ensure uniform heating. Tensile tests were also

performed at 23 °C in order to analyze the fracture
at room temperature.

Table 3 Parameters of tensile test

Sample RHT ornot Temperature/°C Strain rate/s™'
R1/N1 Yes/No 260 7%1073
R2/N2 Yes/No 260 2.5x107*
R3/N2 Yes/No 260 1.4x1073
R4/N4 Yes/No 360 7%107°
R5/NS Yes/No 360 2.5x107*
R6/N6 Yes/No 360 1.4x1073
R7/N7 Yes/No 460 7%1073
R8/N8 Yes/No 460 2.5x107*
R9/N9 Yes/No 460 1.4x1073
R10/N10  Yes/No 560 7%107°
RI1/N11  Yes/No 560 2.5x107*
RI12/N12  Yes/No 560 1.4x1073

2.3 Calculation of activation energy

The serrated flow phenomenon was evaluated
using tensile tests. To avoid errors in the calculation,
various methods are typically used to calculate the
activation energy. The three methods were used in
this study to -calculate the activation energy
separately: critical strain model, McCormick
method, and the intercept method. The latter does
not involve calculating m+f and can be used for the
validation of the other two methods.

(1) Method 1: Critical strain model

The study of serrated flow shows that the
critical strain at the beginning of serration and its
dependence on temperature and strain rate can be
expressed as [19]

&'’ =K éexp[Q/(RT)] (M

where QO is the activation energy of the serrated
flow; & is the critical strain at the beginning of the
serrated flow; & is the strain rate; K is a constant;
R is the molar gas constant (8.314 J/(mol-K)); T is
the thermodynamic temperature;

(2) Method II: McCormick method

A quasi-static aging model is commonly used
to determine the activation energy, using the
following equation [22]:

m+p C 3/2 Rbé
b _exp (gj |1 & . ¢ (2)
T RT) | ¢C, ) LNU,_D,
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where C; is the local concentration of solute at the
dislocation; Co is the initial concentration of solute
in the alloy; b is the magnitude of Burger’s vector;
L is the distance between obstacles; Un is the
maximum solute—dislocation interaction energy; Dy
is the frequency factor; N and ¢ are constants.

Rewriting Eqs. (1) and (2) in logarithmic form
yields linear Egs. (3)—(5) in the form y=ax+b [24],
where a is the slope of the line. Equation (3)
represents a line with coordinate axes Ing and
In & and slope m+f. Equation (4) represents a line
with coordinate axes Ineg. and 1/T and slope
QO/[R(m+f)]. Equation (5) represents a line with
coordinate axes In(¢”*#/T) and 1/T and slope
Q/R. From the plots of the three linear functions,
the values of the slopes m+f, Q/[R(m+tf)], and
O/R can be computed, which in turn allows
computing Q.

Ing=(m+ p)ne, —[an +%) 3)
Ing,= 0 ‘l+an+lné )
R(m+p) T m+f

m+p 32
ml & |21 [ G Kb+ (5
T | RT #C, ) LNU_D,

(3) Method III: Intercept method [25]

From the plot of critical strain versus tensile
rate at different temperatures, different values of
critical strain can be chosen to obtain the
corresponding values of tensile rate and temperature,
constituting the Inég vs 1/T graph, and the slope of
the line correlates with the activation energy.

2.4 Microstructural characterization

Several small specimens were obtained in the
direction perpendicular to the axis of the tensile
specimen, and the microstructure was observed
using a Quanta 450 FEG scanning electron
microscope (SEM) and an FEI Tecnai G* F30
transmission electron microscope (TEM). The SEM
samples were etched in a solution of 5g FeCl; +
50 mL HCI+ 100 mL C,HsOH for approximately
140 s, followed by rinsing with anhydrous ethanol
and blow-drying. The TEM samples were
mechanically ground to 40—50 um, and then ion
thinning was performed using a precision ion
polishing system (Gatan PIPS) (thinning test
parameters were: 10 °C, 6 kV, 1 h; 6 °C, 5kV, 0.5 h;

3°C, 3kV, 0.5h). Energy dispersive spectroscopy
(EDS) and selected area electron diffraction (SAED)
accompanying TEM were used to characterize the
composition and structure of the precipitated
phases.

3 Results

3.1 Mechanical properties

The effect of RHT on the bolts is shown in
Table 4. The Brinell hardness of Bolts 1# and 2#
before RHT is higher than the requirements of the
DL/T 439—2018 standard. RHT reduces the Brinell
hardness of Bolt 1# to within the required range.

Table 4 Brinell hardness of alloys before and after RHT
Brinell hardness

Average Brinell hardness

Sample
Before RHT After RHT

standard
(DL/T 439—2018)

Bolt 1#
Bolt 2#

373.1 327.2
375.1 -

262-331

Figure 2 shows the stress—strain curves of R26
alloy before and after RHT at different strain rates
from 260 to 560 °C. To avoid excessive curve
overlap, each subgraph shows only six sets of
curves. As shown in Figs. 2(a) and (b), the alloys
before RHT did not exhibit a significant yield point
and fractured shortly after reaching the maximum
tensile stress. In comparison, in Figs. 2(c) and (d),
the alloys after RHT underwent a much longer yield
phase until fracture. Serration is evident from the
stress—strain curve in the temperature range of
260—460 °C. As the alloys exhibit less or later onset
serrations at 560 °C, the amount of data is
insufficient to support an assessment of the
activation energy at this temperature; therefore, the
study of the serration activation energy in the
following section focuses on the analysis of curves
in the temperature range of 260—460 °C.

Figure 3 shows the tensile properties of R26
alloys before and after RHT. The strengths of both
sets of specimens are strongly dependent on the
temperature and show a similar trend. The
maximum tensile strength of R26 alloy occurs at
260 °C and decreases monotonically between 260
and 560 °C. The elongation has a stabilized zone
between 260 and 460 °C, and then rises to a
maximum at 560 °C. Compared with that of the
alloy before RHT, the tensile strength of the alloy
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Fig. 2 Stress—strain curves of alloys before (a, b) and after RHT (c, d)
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Fig. 3 Tensile properties of R26 alloy before and after RHT: (a) Tensile strength; (b) Elongation

after RHT decreases and the elongation increases,
indicating better plasticity.

3.2 Serrated flow behavior and activation energy

Characteristics of the serrations in the stress—
strain curve (Fig.2) are shown in Fig. 4(a). The
stress drop (Ao) of the stress curve is defined as the
difference between the maximum stress and the

minimum stress of each serration. The reloading
time of the serration (Af) is defined as the time
from the minimum stress to the maximum stress of
each serration, which reflects the duration of the
dislocation locking at the obstacle. These two
parameters are used to characterize the occurrence
of serrated flow behavior [13]. In this study, the
average stress drop and the average reloading time
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increase with increasing temperature, as shown in
Figs. 4(b) and (c). Compared with the alloy before
and after RHT, the stress drop of the alloy after
RHT is larger, the reloading time is longer, and the
serrated flow behavior is more obvious.

In this study, serrated flow was considered to
start when the serrated strain amplitude was greater
than 1 MPa. The critical strain represents the
strain at the onset of serrated flow, and its value
is obtained from Fig.2. Figure5 shows the
dependence of the critical strain of the alloy on
different strain rates and temperatures before and

Jia-jian WANG, et al/Trans. Nonferrous Met. Soc. China 35(2025) 1603—1618

after RHT. From the analysis of Fig. 5(a), with an
increase in strain rate, the critical strain increases
sharply in the lower strain rate stage (0-3x107*s™),
the increase slows down in the higher strain rate
stage (3x10%-1.4x1073s™"), and a stabilization
phase ensures. However, at 260 °C, the critical
strain still maintains a large increase in the higher
strain rate stage. From the analysis of Fig. 5(b),
compared with the alloy before RHT, the critical
strain of the alloy after RHT maintains a increase
with the increase of strain rate at 260 and 360 °C
and no clear stabilization phase appears. From the

72} 18 6 T
5] £ 16 L(b) 2 5 _(C) 772 Before RHT ‘
@ Zb 14+ - Bofore RHT < ©) After RHT
S 121 = After RHT g4 N
g 107 S 3 |
s 87 2
S o 52
S 4r = T g ;
s 2t F , S j /
Strain 260 360 460 360 460

Temperature/°C

Temperature/°C

Fig. 4 (a) Definitions of stress drop (Ac) and reloading time (A?); (b) Comparison of average stress drop before and after
RHT; (c) Comparison of average reloading time before and after RHT
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Fig. 5 (a) Critical strain versus strain rate before RHT; (b) Critical strain versus strain rate after RHT; (c) Critical strain

versus temperature before RHT; (d) Critical strain versus temperature after RHT
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analysis of Figs. 5(c) and (d), the alloy before and
after RHT shows a similar change in critical strain
with temperature: between 260 and 360 °C, the
critical strain decreases significantly with the
increase in temperature; between 360 and 460 °C,
the critical strain reduction slows down and a
stabilization phase occurs.

The Iné& versus In e plot is shown in Fig. 6,
and according to Eq. (3), the slope of the line gives
the values of m+f. The m+f values of the alloy
before RHT were calculated from Fig. 6(a) at 260,
360, and 460 °C to be 4.3, 4.6, and 3.7, respectively.
From Fig. 6(b), the corresponding m+f values of
the alloy after RHT were calculated to be 2.9, 3.5,
and 3.2. m+f values can be used to calculate the
activation energy.

Method I [19] was used to calculate the
activation energy. Figure 7 shows the Ine. versus
I/T plot. According to Eq. (4), the linear slope (71)
is Q/[R(m+p)], that is, O=n;R-(m+f5). The Q values
of the alloys before RHT were calculated from

-10.0

=56 54 -52 -50 -48 -4.6 -44 42
Ineg,

1609

Fig. 7(a) at strain rates of 7x107°, 2.5x107%,
and 1.4x1073s™' to be 78, 56, and 81 kJ/mol,
respectively. The corresponding QO values of the
alloys after RHT were calculated from Fig. 7(b) to
be 71, 60, and 90 kJ/mol.

Method II [22] was used to calculate the
activation energy. Figure 8 shows the In(s™*//T)
vs 1/T plot. According to Eq. (5), the linear slope
(n2) is Q/R, that is, O=ny'R. The Q values of the
alloy before RHT were calculated from Fig. 8(a) at
strain rates of 7x107°, 2.5x1074, and 1.4x1073s™! to
be 61, 41, and 66 kJ/mol, respectively. The
corresponding Q values of the alloys after RHT
were calculated from Fig. 8(b) to be 63, 51, and
79 kJ/mol.

The activation energy was calculated using
Method III [25]. Figure 9 shows the Ing versus
1/T plot, where O=ns3‘R (n3 is the slope). The strain
rate and temperature corresponding to & values
of 0.7%, 0.8%, 0.9%, and 1.0% were obtained
by estimating the intersections of the dashed lines in

-6.5 ()

= 260 °C

=95+

-10.0 L 1 L L L 1 1 1 1
-6.0-5.8-5.6 =5.4-52-5.0 -4.8-4.6-4.4-4.2
Ing,

Fig. 6 Iné& versus In g plots for specimens in different heat treatment states at different temperatures: (a) Before RHT;

(b) After RHT
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Fig. 7 In . versus 1/T plots under different strain rates using Method I: (a) Before RHT; (b) After RHT
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Fig. 5 with the curves of Fig.5, including the
extension lines. From Fig. 9(a), the Q values of the
alloy before RHT were calculated to be 46, 47, 37,
and 33 kJ/mol. From Fig. 9(b), the QO values of the
alloy after RHT were 121, 39, 123, and 42 kJ/mol.
The m+f and QO values obtained above are
summarized in Table 5 along with their mean values.

Table 5 m+f values, activation energies, and their mean
values (values in brackets) of samples before and after
RHT

Q/(kJ-mol ™)
Sample m+f
MethodI Method II Method III
46, 47,
Before 4.3,4.6,3.7 78,56,81 61,41, 66 37.33
4.2) (72) (56) 41)
121, 39,
After 2.9,3.5,3.2 71,60,90 63,51,79 123,42
(3.2) (74) (64) (81)

3.3 Microstructure evolution
3.3.1 Microstructure of alloy before and after RHT

The grain morphologies of the alloy before and
after RHT are displayed in our previous work [30].
The grain boundaries of the alloy before RHT are
coarse, and there are large grains and fine grain
clusters (<20 um), with an average grain size of
54 ym. After RHT, the grain boundary of the
alloy becomes finer, the fine grain clusters
are significantly reduced, and the average grain size
increases to 62 pm.

The effect of RHT on grain boundaries and
precipitates was further investigated using SEM,
as shown in Fig. 10. Figure 10(a) shows an SEM
image of the alloy before RHT, showing the
presence of a large number of precipitated phases at
the grain boundaries and inside the grains, some of
which precipitated along the grain boundaries and
aggregated at the intersection position of the grain
boundaries, leading to severe coarsening of the
grain boundaries. Figure 10(b) shows the SEM



Jia-jian WANG, et al/Trans. Nonferrous Met. Soc. China 35(2025) 1603—-1618 1611

image of the alloy after RHT, indicating that the
precipitated phases at the grain boundaries
were dissolved, the agglomeration phenomenon
disappeared, and the grain boundaries were clearly
visible. However, a small amount of the precipitated
phase remained inside the grains.

TEM was used to determine the type of the
precipitated phase in Fig. 10, and the results are
shown in Fig. 11. The precipitated phases were

determined to be MuCe-type (Mo23Cs) and
MC-type (TiC) carbides based on the EDS and
SAED analyses (Figs. 11(c) and (d)). The former is
mainly distributed at the grain boundaries, whereas
the latter is distributed both on the grain boundaries
and within the grains. Figure 11(a) shows the
morphology of M023Cs at the intersection position of
grain boundaries with a length of approximately
600 nm. Figures 11(b) and (c) show the morphology

FCC zone=[010]

Fig. 11 TEM characterization results of carbides: (a) Morphology of Mo023Cs; (b) Morphology of TiC at grain
boundaries; (¢) Morphology of TiC in grains and EDS results; (d) SAED results
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of TiC at the grain boundaries and within a
grain with a length of approximately 200 nm,
respectively.

The precipitated phase of R26 alloy has a
large amount of y’ phase in addition to carbides.
Figure 12 shows the TEM characterization results
of the y' phase. From Fig. 12(a), it is evident that
the dense y’ phase is distributed inside the grains
and around the carbides. From Fig. 12(b), the y’
phase is a spherically precipitated phase with a
diameter of about 50 nm. The characterization by
EDS and SAED (Figs. 12(b) and (c)) shows that the
matrix consists of y phase, where the y’ phase has an
FCC structure containing Ni, Co, Fe, Mo, Cr, and
Ti.

Figure 13 shows the dislocations in specimens
that were not subjected to tensile testing. As shown
in Fig. 13(a), owing to the long service time of the
selected R26 alloy, a large number of parallel
dislocation lines existed in the alloy before RHT,
and a high-density and entangled dislocation
accumulated. Figure 13(b) shows that some '
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phases were cut by dislocations. After RHT, some
of the dislocations in the alloy were eliminated, and
the dislocation density was reduced.
3.3.2 Tensile fracture

Figure 14 shows the SEM characterization
results of the tensile fracture at 23 °C. Before RHT,
the fracture was mainly intergranular brittle rupture
(Figs. 14(a) and (b). Figure 14(a) shows the blocky
precipitated phases staggered along both sides of
the crack. There were massive precipitated phases
in the hole (Fig. 14(b)), and EDS showed that the
precipitated phases were enriched with Ti and C.
After RHT, both intergranular brittle rupture and
transcrystalline rupture fracture characteristics were
observed, as shown in Figs. 14(c) and (d). Y-type
cracks and dimples are visible in Fig. 14(c), and
there were precipitated phases in the center of the
dimple. The EDS results of the precipitated phase in
the dimple showed that the precipitated phase
contained Ti, Ni, Mo, C, and other elements
(Fig. 14(d)).

Figure 15 shows the SEM characterization results

Fig. 12 TEM characterization results of y’ phase: (a) Positional relationship between TiC and y' phase; (b) Morphology

of y’ phase and EDS results; (c) SAED results

100 nm p-s = d

Fig. 13 TEM characterlzatlon results of dlslocatlons in specimens without tensile testlng (a) Before RHT; (b) After
RHT
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of the tensile fracture at 560 °C. Before RHT, both
intergranular brittle rupture and transcrystalline
rupture fractures were observed in the fracture
(Figs. 15(a) and (b)). Figure 15(a) shows the
presence of flat intergranular fracture surfaces and

Element® |

Mo (L)
s Ni(K)
Fe (K
N Cr(K)
Co(K)
(K

hole in the fracture. Massive precipitated phases
were observed in the hole (Fig. 15(b)). The EDS
analysis showed that the precipitated phases
contained elements such as Ti, Mo, Ni, and C. After
RHT, the fracture was mainly transcrystalline
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rupture (Figs. 15(c) and (d)). Dense dimples were
distributed in the fractures (Fig. 15(¢c)). Figure 15(d)
showed the presence of a spherical precipitate at the
center of the dimple and the EDS results showed
that the phase contained Ni, C, Co, Ti, and other
elements.

4 Discussion

4.1 Causes of serrated flow

Figure 2 shows that the sawtooth flow
phenomenon occurs in the R26 high-temperature
alloy, and the sawtooth characteristics vary among
specimens and with changes in tensile temperature.
The four main types of serrations are Types A, A+B,
B, and C. Type A typically occurs at lower tensile
temperatures and has a stress level above the
general curve. Type A+B or B occurs at moderate
tensile temperatures, with a high frequency of
sawtooth oscillations [31], and has a stress level
either below or above the general curve. Type C
occurs at higher tensile temperatures and has a
stress level below the general curve. The evolution
of sawtooth flow is related to the dynamic
interaction between solute atoms and movable
dislocations [32]. This interaction typically creates a
short-range potential for dislocation motion. The
diffusion of solute atoms in the matrix is briefly
hindered by movable dislocations, which controls
the evolution of solute concentration in the matrix
through the effective pinning time [33]. The
connection between moving dislocation and solute
atoms can be expressed as [34]

Oshort :gc* (6)

where oshore refers to the potential barrier in short
ranges; ¢ refers to the strength of solute atoms
pinning to the moving dislocation; C* refers to the
concentration of solute atoms towards the moving
dislocation line.

To study the fundamental mechanism of
serrated flow, the variations in the critical strain
with temperature and strain rate at the beginning of
the serrated strain are shown in Fig. 5. Before and
after RHT, the critical strains of the different alloys
decreased with decreasing strain rate or increasing
temperature, indicating that the alloys underwent a
positive PLC phenomenon. In their study on DSA
in Ni-based alloys, HALE et al [35] attributed DSA
to the lattice and pipe diffusion of carbon atoms in

the nickel matrix, with the lattice diffusion
activation energy of carbon atoms in the nickel
matrix being 139 kJ/mol. The activation energy of
pipeline diffusion of solutes is 0.4—0.7 times the
activation energy of lattice diffusion [36], i.e., the
activation energy of pipeline diffusion of carbon
atoms in nickel matrix is 56—97 kJ/mol. Table 5
shows that the average activation energies were
calculated before and after RHT using the three
methods as 41-72kJ/mol and 64—81 klJ/mol,
respectively. This is comparable to the activation
energy for the duct diffusion of carbon atoms in the
nickel matrix, from which it can be inferred that the
cause of the serrated flow behavior of the R26 alloy
is the duct diffusion of carbon atoms in the nickel
matrix into the dislocation. The m+f values are
usually considered to correspond to different
mechanisms leading to serrated flow, and the m+f
values should be in the range of 0.5-3. DSA in
Ni-based alloys is attributed to interstitial solute
diffusion when the value of m+p is between 0.5 and
1. DSA in Ni-based alloys is attributed to
alternative solute diffusion when the value of m+f
is between 2 and 3 [26]. However, in this study, the
mean values of m+f (4.2 and 3.2) are beyond the
range of the specified solute diffusion mechanism,
because the macroscopic tensile curve largely
depends on the microstructure of the alloy [32,33].
[ is an exponent related to the dislocation density
(pm) and has the following equation with respect to
the true strain (&):

P &° (7)

From Eq.(7), the value of g is positively
correlated with the magnitude of dislocation density
in the alloy organization. ROY et al [24] determined
the dislocation density of C-276 alloy and obtained
the f value. The special material used in this study,
an R26 alloy with 6x10* h of service, was selected.
The alloy before RHT was damaged by service, and
there were dislocations with high density (Fig. 13(a));
therefore, the calculated m+f value was too large.
Correspondingly, certain dislocations in the alloy
disappeared after RHT, resulting in a decrease in
dislocation density and m+f value (Fig. 13(b)).

From the analysis of the stress drop and
reloading time, the alloy after RHT showed a
more obvious serrated flow phenomenon (Fig. 4).
Figure 16 shows the evolution of the microstructure,
fracture, and DSA of the R26 alloy before and after
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(a) Tensile specimen before RHT

Tensile
direction

Tensile
direction

[ ] R26 metal

@ Carbide
e 7'phase
o Solute carbon atom
—«+ Dislocation pinning
~  Dislocation
Dislocation network

—  Grain boundary
> Voids
Stress concentration area

Fig. 16 Evolution of organization, fracture, and dynamic strain aging of R26 alloy before and after RHT

RHT. Combined with the solute pipe diffusion
model [15], it is speculated that the R26 alloy after
RHT showed a more obvious serrated flow
phenomenon because of the higher concentration of
carbon atom solutes in the matrix. Carbon atoms
were mainly present in the matrix and precipitate
phases (carbides) of the R26 alloy. A large number
of carbides consisting of carbon atoms exist within
the alloy before RHT, and only a small portion of
the carbon atoms can participate in the DSA as a
solute. RHT dissolves the carbides and releases a
large number of carbon atoms into the matrix. More
carbon atoms can participate in DSA and pin
movable dislocations, so that it takes longer time
for movable dislocations to accumulate more
energy to unpin. Macroscopically, Fig. 4 showed a
greater stress drop and longer reloading time,
resulting in a more evident serrated strain curve.

4.2 Changes in properties, microstructure, and

fracture mode

As described in Section 3.1, the hardness of
the alloy after 6x10*h of service was beyond the
standard range, and the alloy was less plastic and
more brittle. On the one hand, this was due to the
presence of fine grain clusters with a small average
grain size in the alloy before RHT, and the smaller
grain size implies an increase in the number of
grain boundaries. During plastic deformation, the
grain boundaries hinder the movement of
dislocations, thus enhancing the deformation
resistance of the material. On the other hand, this

was due to the presence of a large amount of
carbides on the grain boundaries of the alloy before
RHT (Fig. 10(a)), and the grain boundaries were
coarsened. Carbides were hardened phases with
higher hardness than the alloy matrix. When
carbides are present at the grain boundaries, they
will further strengthen the grain boundary region
and hinder dislocation glide and grain glide, thereby
inhibiting plastic deformation. By contrast, the
average grain size of the alloy increased after RHT
and the grain boundary carbides dissolved
(Fig. 10(b)), with a corresponding decrease in
tensile strength and an increase in elongation.

The evolution of carbides (Fig. 10) affected the
manner in which the alloy fractured. The plasticity
of the alloy before RHT was poor. As shown in
Figs. 14(a) and (b), massive carbides formed by Ti
and C were found at the center of the cracks and
holes of the tensile fracture at room temperature. By
comparing Figs. 10(a) and 11, it is speculated that
the carbide was TiC. This implies that when the
alloy is stretched at room temperature before RHT,
the source of cracking initiation is preferentially
budded in TiC, which grows into cracks along the
grain boundaries and gradually tears the grain
boundaries to form fracture surfaces, ultimately
leading to fracture. The number of dimples on the
fracture surface of the alloy increased after RHT
(Fig. 14(c)). From the EDS analysis of the
precipitated phase in the center of the dimple in
Fig. 14(d), combined with the position relationship
between the y’ phase and the carbide in Fig. 12(a)
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and the elemental composition analysis of the y’
phase, it was speculated that the precipitated phase
was composed of carbide and y' phase. This
indicated that RHT dissolved some carbides at the
grain boundary. At this point, the alloy no longer
began to fracture from the grain boundaries. The
generation positions of some crack-initiation
sources were transferred to the precipitated phase
clusters in the grains, and dimples were formed
under tension.

When the temperature rises to 560 °C, the
thermal motion of the metal atoms is enhanced,
making the movement of dislocations in the crystals
more likely [37], which can reduce the tensile
strength of the alloys and enhance the elongation,
which is reflected in Fig.3. The effect of
temperature increase on fracture was mainly to
increase the number of fracture dimples. The
precipitated phases in the dimples of the alloy
before RHT were mainly composed of carbides and
y phases, and the fracture mode was intergranular
and transcrystalline mixed fracture. After RHT, a
large number of dimples appeared in the fracture of
the alloy, which was characteristic of trans-
crystalline ductile fractures [38]. The occurrence of
transcrystalline fracture was because there were
more carbides and y’ phases in the grains than at the
grain boundary carbides. In the high temperature
environment, dimples were more likely to be
generated at the p/y’ interface rather than grain
boundaries. Finally, a crack was formed with the
density of the dimples.

The evolution of the organization, fracture, and
DSA of the R26 alloy before and after RHT is
shown in Fig. 16, providing insights into the link
between the fracture mode and the serrated flow
behavior of the R26 alloy in terms of the evolution
of the carbon elements. Before RHT, the carbon
atoms were mainly concentrated in the carbides at
the grain boundaries, the solute concentration of
carbon atoms in the matrix was low, and the DSA
and serrated flow behaviors were not obvious. At
this time, the location of the crack initiation source
was mainly concentrated at the grain boundary
carbide, and the fracture occurred along the grain
boundary. After RHT, the grain boundary carbides
dissolved to release carbon atoms, and the large
amount of carbon atom solute caused DSA and
enhanced the serrated flow behavior. At this point
the position of part of the crack initiation sources

shifted to the precipitated phase clusters (carbide
and y’ phases) within the grain, resulting in
transcrystalline fracture. Therefore, to reduce the
serrated flow phenomenon and simultaneously
avoid brittle fracture, it is necessary to rationally
distribute the number of carbides and the
concentration of carbon atom solutes in the alloy.

5 Conclusions

(1) The activation energies of R26 alloy before
and after RHT were calculated, yielding average
values of 41-72 and 64—81 kJ/mol, respectively.
This suggests that the DSA of R26 alloy was
induced by the pipeline diffusion of carbon atoms
into the dislocations in the nickel matrix. Higher
concentrations of carbon atom solutes in the crystal
enhance DSA and sawtooth flow behavior.

(2) Before RHT, cracks sprouted from the
grain boundary carbides in the alloy during
room-temperature stretching, expanding along the
grain boundaries. After RHT, part of the carbides at
the grain boundary dissolved, the initiation position
of some cracks transferred to the precipitated phase
group composed of intragranular carbides and y’
phase, and dimples were formed in the fracture.

(3) Before RHT, the alloy sprouted cracks and
fractures at carbides enriched along the grain
boundaries. At this time, there were fewer carbon
atoms in the matrix that could participate in DSA as
a solute, and the serrated flow was not obvious.
After RHT, the carbide at the grain boundary
dissolved and part of the cracking sources
transferred to the precipitated phase group inside
the grain boundary. The dissolved carbides in the
matrix released a large number of carbon atoms
to enhance DSA, making the serrated flow
phenomenon more significant.
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