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Abstract: A novel Cu—4.8Cr—2.2Nb—0.15Y (at.%) alloy was fabricated by employing the laser powder bed fusion
with different processing parameters. The influence of laser power (P), scanning speed (v), and laser linear energy
density (E£1) on the defects, melt pool morphology, microstructure, and properties of the alloy was systematically
investigated. The results show that the optimized process parameters for preparing Cu—Cr—Nb—Y alloy with relative
density over 99.5% are P=300—-350 W and v=650—800 mm/s, corresponding to E1=0.375-0.538 J/mm. When E;<
0.3 J/mm, increasing P or decreasing v can enhance the continuity and size of the melt pool, reduce the lack-of-fusion
defects, and increase the relative density. However, excessively high E; leads to a deeper melt pool, more keyholes, and
reduced relative density. The grain size of the as-built Cu—Cr—Nb—Y alloy shows a bimodal distribution, with fine
grains at the center and coarse grains at the edge of the melt pool. Increasing P or decreasing v increases the average
grain size and (110) texture intensity. The alloy fabricated with P=350 W and v=800 mm/s displays the highest
relative density of 99.82%. The yield strength, tensile strength, and elongation are (443+5) MPa, (699+4) MPa, and
(17.1£0.7)%, respectively.

Key words: Cu—Cr—-Nb—Y alloy; laser powder bed fusion; melt pool morphology; microstructure; mechanical
properties

large-sized Cr,Nb phase is difficult to regulate with

1 Introduction

Copper-based alloys have essential applications
in various fields such as aerospace, nuclear energy,
rail transportation, integrated circuits, and others,
owing to their excellent electrical and thermal
conductivity, as well as their mechanical properties
[1-3]. Cu—Cr—Nb alloys have been developed by
NASA specifically for high-heat-flux environments,
such as rocket engine combustion chambers, due to
their combination of high strength, high thermal
conductivity, and good heat resistance [4,5].
However, casting processes often lead to the
formation of large-sized CroNb phase with high
melting point and high hardness [6—8]. The

subsequent processing, and results in reductions in
the desirable properties of Cu—Cr—Nb alloys, thus
posing notable challenges to the fabrication of
Cu—Cr—Nb alloys through casting—deformation
processing. On the other hand, the press molding
process of chill-block melt spinning can produce
Cu—Cr—Nb alloys with fine and uniformly
distributed Cr,Nb reinforcement phase [9].
Cu—Cr—Nb alloys with high relative density can be
fabricated using hot extrusion of powders and
vacuum hot pressing, resulting in CroNb phases
with sizes less than 1 um, and the tensile strength of
fabricated Cu—8Cr—4Nb and Cu—4Cr—2Nb alloys
reaches 500 MPa [10-13]. However, these
fabrication methods for Cu—Cr—Nb alloys have the

Corresponding author: Zu-ming LIU, Tel: +86-13975809336, E-mail: lzm@csu.edu.cn

DOI: https://doi.org/10.1016/S1003-6326(24)66744-0

1003-6326/© 2025 The Nonferrous Metals Society of China. Published by Elsevier Ltd & Science Press
This is an open access article under the CC BY-NC-ND license (http://creativecommons.org/licenses/by-nc-nd/4.0/)



Shu-peng YE, et al/Trans. Nonferrous Met. Soc. China 35(2025) 1212—-1232 1213

disadvantages of long preparation cycles and high
costs in the fabrication of complex geometric parts.
Laser powder bed fusion (LPBF) is an advanced
manufacturing technique that uses high-energy
lasers to selectively melt metal powders layer by
layer. This process has attracted considerable
research interest and has been employed to produce
copper alloys with exceptional mechanical
properties [14—16]. The high cooling rates (10°—
10’K/s) during the LPBF process enhance the
supersaturated solid solubility of solute elements
and result in fine-sized Cr,Nb phases [17,18].
Subsequent heat treatment can improve the
comprehensive performance of Cu—Cr—Nb alloys
significantly [19]. Therefore, Cu—Cr—Nb alloys
fabricated using LPBF can possess both good
mechanical properties and thermal conductivity.
Copper and its alloys possess high laser
reflectivity and thermal conductivity, which can
typically lead to higher porosity and lower relative
density when prepared using LPBF with infrared
lasers (4=1070 nm) [20]. In contrast to pure copper,
the significant volume fraction of the CroNb phase
in Cu—Cr—Nb alloy powder can effectively reduce
the laser reflectivity. Consequently, this promotes
heat absorption and melting during the LPBF
process [21,22]. Additionally, the presence of the Cr
and Nb elements reduces the thermal conductivity
of copper alloys. This characteristic aids in
optimizing the LPBF process by reducing heat
dissipation, thus improving the density of
Cu—Cr—Nb alloys. Rare-earth elements play a
beneficial role in enhancing the mechanical
properties and conductivity of copper alloys. The
addition of trace Ce into copper alloys enables
a simultaneous improvement in conductivity
and mechanical properties [23,24]. Additionally,
rare-earth Y promotes the grain refinement in
Cu—Cr—Zr alloys and accelerates the dynamic
recrystallization behavior [25]. Therefore, adding
rare-earth elements holds great promise for
enhancing the properties of Cu—Cr—Nb alloys. The
LPBF process parameters including laser power,
scanning speed, hatch spacing, layer thickness,
and substrate preheating temperature have a
significant impact on the metallurgical defects and
microstructure of the as-built alloy. Therefore, a
systematic study on the influence of the LPBF
process parameters on the melt pool morphology,
defects, and microstructure is of great significance

for the preparation of high-performance copper
alloys. In recent years, extensive research has been
conducted on the LPBF process parameters for
various alloys, including stainless steel [26], Al
alloys [27—-29], Ni alloys [30—32], Ti alloys [33,34],
Cu alloys [35,36], and others. These illustrate that
process parameters have different effects on the
defects and microstructure of different alloys.

In this study, a novel Cu—Cr—Nb-Y alloy is
prepared using the LPBF process. The influence of
the process parameters, including laser power,
scanning speed, and laser linear energy density on
defects, melt pool morphology, microstructure,
and properties of the alloy is investigated. The
microstructure and performance of the Cu—Cr—
Nb—Y alloy are modulated using the LPBF process.
The results of this study could be of great
significance for developing high-performance Cu
alloys.

2 Experimental

2.1 Powder batch

The powder batch used in this study was
Cu—4.8Cr—2.2Nb-0.15Y alloy powder prepared
using close-coupled nozzle argon gas atomization.
The powder composition was analyzed using an
inductively coupled plasma emission spectrometer
(Thermo Fisher Scientific ICAP7000), as listed in
Table 1. The actual density (ppowder) Of the alloy
powder was measured using the gas volume method
according to ISO12154:2014 [37] and found to be
8.769 g/cm’. The morphology and microstructure of
the Cu—Cr-Nb—Y alloy powder were observed
using a field emission scanning electron microscope
(SEM, TESCAN MIRA3) and the particle size
distribution of the alloy powder was analyzed using
a laser particle size analyzer (Malvern Panalytical
Mastersizer 3000). The results in Fig. 1 show that
the powder size distribution ranged from 12 to
62 um, with a concentrated particle size distribution
and good sphericity. The presence of satellite and
hollow powders was minimal, indicating good
powder flowability of 0.432 s/g.

Table 1 Chemical composition of argon-atomized
Cu—Cr—Nb—Y powder (at.%)

Cr Nb Y Cu

4.8 2.2 0.15 Bal.
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Fig. 1 Characteristics of argon-atomized Cu—Cr—Nb—Y
powder: (a) Powder morphology; (b) Powder micro-
structure; (c) Powder size distribution

2.2 LPBF process

The LPBF process was conducted using an
LPBF machine (Hunan Farsoon 271M), and the
specific parameters are listed in Table 2. The
scanning strategy is illustrated in Fig. 2(a). The
dimensions of the as-built samples were 10 mm x
10 mm X 10 mm and 73 mm x 10 mm X 10 mm,
and sample number, along with their corresponding
process parameters, are presented in Table 3. The
laser linear energy density (£1) characterizing the
comprehensive laser energy input in Table 2 was
calculated using Eq. (1):

E=P/v (D

where P is the laser power and v is scanning speed.

Table 2 LPBF process parameters applied to Cu—
4.8Cr—2.2Nb—0.15Y alloy

Parameter Setting value
150, 200, 250,
Laser power, P/W 300, 350
. 500, 650, 800
ol > ) s
Scanning speed, v/(mm-s™) 950, 1100
Hatch space, #/pm 80, 500
Layer thickness, #/pm 30
Alternating scanning strategy/(°) 67
Preheating temperature, 7/°C 100
Linear energy density, £/(J-mm") 0.136—0.7

Figure 2 illustrates the LPBF scanning strategy
and presents a schematic diagram of the tensile
specimen. To investigate the influence of process
parameters on the melt pool depth and simulate the
powder melting and melt solidification that occurs
during the LPBF, an additional layer of powder was
spread on the top layer of the as-built sample. A
single scanning was performed with a hatch space
of 500 pum.

Table 3 Sample number and their corresponding LPBF parameters

Scanning speed/(mm-s )

Faser powerW 500 650 800 950 1100
150 P150v500 P150v650 P150v800 P150v950 P150v1100
200 P200v500 P200v650 P200v800 P200v950 P200v1100
250 P250v500 P250v650 P250v800 P250v950 P250v1100
300 P300v500 P300v650 P300v800 P300v950 P300v1100
350 P350v500 P350v650 P350v800 P350v950 P350v1100
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Fig. 2 Schematic diagrams of scanning strategy and tensile specimen: (a, b) Scanning strategy and single melt pool;

(c) Top-view image of as-built sample; (d) Tensile specimen diagram

2.3 Analysis and characterization

The relative density was used to characterize
the number of pores and other defects in the as-built
alloy. The relative density was defined as the radio
of the true density of as-built sample to the density
of powder, where the true density of the as-built
alloy was measured using the Archimedes drainage
method (Sartorius MSA324S-000-DU).

The phase composition of the as-built
Cu—Cr—Nb—Y alloy was analyzed using an X-ray
diffractometer (XRD, Bruker Advance D8) with a
scanning range of diffraction angle (26) from 20°
to 90° and a scanning rate of 1 (°)/min. The pore
defects of the as-built alloy were observed with
an optical microscope (OM, Zhongxian MA2000).
The SEM and electron backscatter diffraction
(EBSD) images of the as-built microstructures were
observed using a field emission scanning electron
microscope (SEM, TESCAN MIRA3). The data
acquisition step size for the EBSD analysis was
0.8 um. The SEM and EBSD specimens were
prepared using the as-built alloy, which were
electrochemically etched using a voltage of 2 V for
1020 s in solution of 40% H>SO4 + 10% H3PO4 +
50% DI water.

The microhardness of the as-built alloy was
measured using a microhardness tester (Buehler
MicroMet 5101), with a load of 200 g and a
loading time of 15 s. The room-temperature tensile
properties were tested using an electronic universal
tensile testing machine (Instron 3369), with a strain
rate of 1 mm/min. The dimensions of the tensile
specimen are shown in Fig. 2(d), with the tensile
direction perpendicular to the build orientation. The
electrical conductivity of the as-built alloy was
measured using a digital conductivity meter
(Xinbote D60K). Each performance testing was
repeated using three specimens, and the average
value was taken as the experimental results.

3 Results and discussion

3.1 Pores and relative density

Metallographic microstructure images of the
XZ plane (parallel to the build orientation) of the
Cu—Cr—Nb—Y alloy are shown in Fig. 3. It can be
observed that pores are the primary defects in the
as-built alloy. When the laser power is low
(P=150 W), irregular large-sized pores (indicated
by yellow arrows) appear throughout the interior of
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Fig. 3 Metallographic microstructure of Cu—Cr—Nb—Y alloy prepared with different process parameters (Yellow arrows

indicate large irregular pores; White arrows indicate tiny circular pores)

the as-built alloy. As v increases from 500 to
1100 mm/s, both the number and size of the pores
expand. Conversely, with an increase in P from
150 to 350 W, the size and number of irregular
large-sized pores rapidly decrease. However,
circular small-sized pores (indicated by white
arrows) increase and become the main defects.
When the laser power is high (P=350 W), as v
increases from 500 to 800 mm/s, the number of
small-sized pores gradually decreases, and no
apparent defects are observed inside the samples
prepared using v=800 mm/s. However, large-sized
defects reappear when v>800 mm/s. Notably, when
a lower scanning speed (v=500 mm/s) is used,
the laser power significantly influences the type,
number, and size of the pores. The results indicate
that the minimum number and size of pore defects
are achieved when P ranges from 300 to 350 W, and
v ranges from 650 to 800 mm/s.

Figure 4 shows the pore defect morphology
of the as-built alloy. The size and type of pores
are closely related to the laser energy input.
Figures 4(a—c), respectively, show large-sized
pore defects in the following samples: P150v800
(£=0.19 J/mm), P250v800 (£=0.31J/mm), and
P350v1100 (E=0.32 J/mm). The edges of these

large-sized pores are irregular in shape, containing
unmelted powder inside, with sizes larger than
100 um, and some pores measure 300 pum in size
and larger. These pores are classified as lack-of-
fusion (LOF) defects. The formation of such
large-sized LOF defects is closely associated with
insufficient energy input. In the LPBF process, a
lower laser energy input leads to poor wettability
between the solid phase and liquid phase, as well as
poor bonding between built layers, resulting in melt
balling and the generation of large-sized LOF
defects [38—40]. Figure 4(d) shows small-sized pore
defects in Sample P350v800 (£1=0.44 J/mm). These
pores are circular in shape, with sizes smaller than
50 um, and are primarily located at the bottom of
the melt pool; these pores are categorized as
keyholes. Keyhole defects are caused by gas
entrapment within the melt pool when the laser
energy input is too high [41,42].

Figure 5 shows the relative density and
porosity of the as-built alloy. Figure 5(a) indicates
that the relative density of as-built alloy increases as
P increases from 150 to 350 W. However, the effect
of the scanning speed on the relative density varies
with different laser powers. When P<200 W, the
relative density decreases with increasing scanning
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Fig. 4 Pore defect morphologies of Cu—Cr—Nb—Y alloy prepared with different process parameters: (a) LOF defects in

Sample P150v800; (b) LOF defects in Sample P250v800; (c) LOF defects in Sample P350v1100; (d) Keyhole defects in
Sample P350v800
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Fig. 5 Relative density and porosity of as-built Cu—Cr—Nb—Y alloy: (a) Influence of scanning speed and laser power on
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speed, and the relative density is less than 99%.
Conversely, when P>200 W, the relative density
initially increases and then decreases with
increasing scanning speed. The relative density
of the alloy can reach over 99.5% by using
optimized process parameters of P=300—350 W and
v=650—800 mm/s, and the highest relative density
achieved is 99.82%, by using the parameters of
P=350 W and v=800 mm/s.

Figure 5(b) shows the influence of the laser
linear energy density on the relative density of the
as-built alloy. It can be observed that, as the laser
linear energy density increases, the relative density
of the as-built alloy initially increases and then
decreases. When £ is less than 0.3 J/mm, a large
number of LOF defects occur due to insufficient
melting of Cu—Cr—Nb—Y alloy powder (Figs. 3 and
4), resulting in a relative density below 99% in the
as-built alloy. When £ is approximately 0.3 J/mm,
the relative density of the as-built alloy prepared
with different P and v values is significantly
different, between 96.5% and 99.5%, because of the
significant differences in the number and type of
pore defects (Figs. 3 and 4). When E; is greater than
0.3 J/mm, an increase in E) leads to a reduction in
the number and size of LOF defects (Fig.3),
resulting in the relative density of the as-built alloy
exceeding 99%. When FEj is more than 0.5 J/mm, the
excessive laser linear energy density leads to an
increase in the number of keyhole defects (Figs. 3

v=500 mm/s

L0 T 06.61%, "
Uhmehedﬁ’ow ery

vy=650 mm/s

v—800 mm/s

and 4), and the relative density decreases.
Comparatively, the impact of LOF defects on the
relative density of the as-built alloy is more
significant. The relative density of samples
prepared with an E; from 0.375 to 0.538 J/mm
is greater than 99.5%, and the highest relative
density for Sample P350v800 is prepared by using
E=0.438 J/mm.

Figure 5(c) presents the influence of the
scanning speed and laser power on the porosity.
When the laser power increases, the porosity of
as-built alloy decreases continuously. On the other
hand, when the scanning speed increases, the
porosity initially decreases and then increases.
Notably, when P=350 W, the porosity of the as-built
alloy fabricated with various scanning speeds is the
lowest.

3.2 Melt pool morphology

The melt pool morphology plays a crucial role
in determining the defects and relative density
of the as-built alloy. Figure 6 shows the
morphology of a single melt pool on the XY plane
of the as-built alloy. It can be observed that when
P<200 W, the continuity of the melt pool is poor,
with a large amount of unmelted powder (indicated
by white arrows) and LOF defects (indicated by
yellow arrows). As the laser power increases, the
continuity of the melt pool improves. Conversely,
when the laser power remains constant, an increase

v=950 mm/s v=1100 mm/s

0.32 J/mim

Fig. 6 SEM images of melt pool morphology prepared with different P and v values
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in scanning speed leads to a decrease in the melt
pool continuity. When P=350 W, the melt pools
formed with various scanning speeds exhibit
continuous features.

Figure 6 also presents the comprehensive
effects of P and v, i.e., the laser linear energy
density, on the continuity of the melt pool. The
results show that when £<0.3 J/mm, the melt pool
is discontinuous, and the sample prepared with
the minimum E;, 0.14 J/mm, exhibits the poorest
continuity of the melt pool and the lowest relative
density. As FE; increases above 0.3 J/mm, the
continuity of the melt pool improves, and the
relative density of the samples increases. However,
when E; exceeds 0.5 J/mm, the melt pool remains
continuous, but the relative density of the samples
reduces.

By comparing the melt pool morphology of
five samples with F£=0.30—0.32 J/mm, namely,
P150v500, P200v650, P250v800, P300v950, and
P350v1100, it is found that there are significant
differences in the continuity of melt pools prepared
with similar £} but different P and v values, which
results in significant differences in relative density.
As the laser power increases from 150 to 350 W,
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corresponding scanning speed increases from 500
to 1100 mm/s, the continuity of the melt pool
improves, and the corresponding relative density of
the as-built alloy obviously increases from 96.61% to
99.45%. This result indicates that the laser power
and scanning speed have an essential influence on
the continuity of the melt pool and relative density
of the as-built alloy. When £ of the LPBF is low, the
metal powder cannot be fully melted, resulting in a
higher dynamic viscosity and surface tension of the
melt, causing melt balling and discontinuity of the
melt pool [43]. This discontinuous melt pool leads
to uneven powder spreading, further resulting in
pore defects and a decrease in relative density.
Figure 7 demonstrates the influence of laser
process parameters P and v on the melt pool
morphology. Figure 7(a) shows that as the scanning
speed increases, the melt pool depth initially
decreases rapidly. The increase in laser power
results in an elevated melt pool depth and the
extent of rise is additionally influenced by the
scanning speed. When the scanning speed is as high
as 1100 mm/s, as the laser power increases from
150 to 350 W, the melt pool depth increases from
5 to 50 um. However, the melt pool depth increases

225
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Fig. 7 Influence of process parameters on melt pool morphology: (a) Variation in depth of melt pool with P and v;

(b) Variation in depth of melt pool with Ei; (c—f) Optical micrographs of several typical melt pool structures
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approximately from 41 to 203 um when the
scanning speed is 500 mm/s. Overall, laser power
has a more significant impact on melt pool depth,
while scanning speed only exhibits a noticeable
effect on the melt pool depth at high laser powers
(P>200 W).

In order to comprehensively evaluate the
influence of the laser parameters on the melt pool
depth (d), the laser linear energy density £ is used
as an evaluation index of the laser parameters,
according to Eq. (1), as shown in Fig. 7(b). It can
be seen that the melt pool depth increases linearly
with the increase in laser linear energy density E\.
The relationship between d and E is depicted by
Eq. (2) [44], which shows a linear relationship
between them:

d=E, -2D/\2ne"* KAT )

where D is the thermal diffusivity, K is the thermal
conductivity, and AT is the difference between the
melting temperature and the preheating temperature.
Figures 7(c—f) show the optical micrographs of
longitudinal cross-sections of melt pools prepared
with different laser linear energy densities. It can be
observed that the melt pool depth deepens as Ei
increases. When Ei=0.19 J/mm (Sample P150v800),
the depth of the melt pool is 20.4 um (Fig. 7(c)),
indicating a shallow melt pool in the conduction
mode, with a large amount of LOF defects and
unmelted powder (Fig. 4), and the sample exhibits
a relative density of 94.47%. When E=0.32 J/mm
(Sample P350v1100), the melt pool depth increases
to 57.7 um (Fig. 7(d)), and the melt pool changes to
the transition mode, with a rapid decrease in the
number of LOF defects and unmelted powder
(Figs. 3 and 4), resulting in the relative density of
the samples exceeding 99%. When E=0.44 J/mm
(Sample P350v800), the melt pool depth increases
to 96.7 um (Fig. 7(e)), indicating a keyhole-mode
melt pool, and the relative density of the as-built
sample is the highest, reaching 99.82%. When the
E) further increases to 0.7 J/mm (Sample P350v500),
the depth of the melt pool increases to 222.4 um
(Fig. 7(f)), leading to an increased number of
keyholes (Figs. 3 and 4). Consequently, there is a
slight decrease in the relative density of the as-built
sample to 99.30%. Therefore, as the laser linear
energy density increases, the melting mode of
the melt pool changes from conduction mode to

keyhole mode [35]. However, the higher laser linear
energy density increases the depth of the melt pools
(Figs. 7(e, 1)), which leads to an increased number
of keyholes (Figs. 3 and 4) and a decrease in the
relative density (Fig.5). The melt pool depth of
samples prepared by using £=0.375—0.538 J/mm,
corresponding to the process parameters of P=
300—-350 W and v=650—800 mm/s, is appropriate,
distributing in the range of 70.4—127.8 um. This
result illustrates that Cu alloys require the formation
of a keyhole-mode melt pool due to the high
infrared laser reflectivity, which allows the laser to
be fully reflected and absorbed inside the melt pool
to promote the melting of the metal powder [35,45].

A comprehensive investigation of the influence
of Ei on the melt pool morphology and relative
density of Cu—Cr—Nb alloy reveals that E| affects
the relative density by altering the continuity and
depth of the melt pool. When the continuity of the
melt pool is poor and the depth of the melt pool is
too shallow, the relative density of the sample
decreases. When £ is less than 0.3 J/mm, the melt
pool exhibits a pronounced balling phenomenon
(Fig. 6), characterized by poor continuity and a
small depth of typically less than 50 um (Fig. 7).
This corresponds to a shallow melt pool in the
conduction mode, accompanied by the presence
of large-sized LOF defects and unmelted powder
(Figs. 3 and 4), resulting in a relative density below
95% (Fig. 5). Increasing E; to above 0.3 J/mm
improves the continuity and depth of the melt pool
(Fig. 6), with a depth greater than 50 um (Fig. 7)
indicating a keyhole-mode melt pool. The number
of LOF defects and unmelted powder decreases
significantly (Figs. 3 and 4), leading to an increase
in the relative density of the as-built alloy to 99%
(Fig. 5). Further increasing E; to more than
0.5 J/mm maintains the continuity of the melt pool
(Fig. 6). However, the melt pool depth becomes
excessive, exceeding 125 um (Fig. 7), which is
prone to the formation of deep keyholes (Figs. 3
and 4), resulting in a slight decrease in relative
density (Fig. 5). Therefore, an excessively low or
high Fj leads to the formation of pore defects and a
decrease in the relative density of the as-built alloy.
An appropriate Ej, from 0.375 to 0.538 J/mm, can
ensure a continuous melt pool and a moderate depth,
as well as reduced pore defects, which is crucial to
preparing samples with high density.
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3.3 Phase composition

Figure 8 presents the XRD phase analysis
results of the XY plane for the as-built Cu—
Cr—Nb-Y alloy. Figure 8(a) shows that all of
the as-built alloys exhibit diffraction peaks
mainly attributed to the Cu matrix, namely, the
Cu (111), (200), and (220) peaks. The detailed
view in Fig. 8(b) reveals the diffraction peaks of
second-phase (Cr,Nb). This indicates that rapid
solidification causes the Cr and Nb elements to
dissolve in the Cu matrix, forming a small amount
of fine Cr,Nb phase. Among the Cu (111), (200),
and (220) diffraction peaks, the Cu(220) peak
has the highest intensity, indicating a specific
preferential orientation along the (220) direction.
As the laser power increases, the intensity of the
Cu (220) diffraction peak rises, while the intensities
of Cu(111) and (200) diffraction peaks decrease.
On the other hand, increasing the scanning speed
results in a decrease in the intensity of the Cu (220)
diffraction peak, while the intensities of the Cu
(111) and (200) peaks increase. This suggests that
reducing the laser power or increasing the scanning
speed can reduce the preferred orientation of grains
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in the as-built alloy.

Additionally, Fig. 8(c) shows that the
diffraction angles of the Cu (220) peak for all of
as-built alloys are smaller than the standard
diffraction angle of Cu (PDF: 97-005-3756). This
suggests a slight shift toward smaller angles in the
(220) diffraction peak of the as-built alloy. When
v=800 mm/s, with the laser power increasing
from 250 to 350 W, the diffraction angle (26)
of the Cu(220) peak correspondingly decreases
from 74.08° to 74.02°. When P=350 W, with the
scanning speed increasing from 650 to 1100 mm/s,
the diffraction angle of the Cu (220) peak increases
from 74.02° to 74.07°.

In Fig. 8(d), the wvariation in interplanar
spacing with laser linear energy density is depicted.
It is found that with the increase in laser linear
energy density, the interplanar spacing of the
(111), (200), and (220) planes increases, with the
maximum reaching 2.0888, 1.8111, and 1.2797 A,
respectively. The increase in laser linear energy
density elevates the temperature of the melt pool
during the LPBF process, which leads to an
increase in the solid solubility of the Cr, Nb, and Y
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Fig. 8 XRD analysis results of as-built Cu—Cr—Nb—Y alloy: (a—c) XRD diffraction patterns; (d) (111), (200), and (220)

interplanar spacing



1222 Shu-peng YE, et al/Trans. Nonferrous Met. Soc. China 35(2025) 1212—-1232

atoms in the Cu matrix, forming a supersaturation
solid solution. Since the radii of Cr, Nb, and Y
atoms are larger than the radius of Cu, the lattice
distortion of the Cu matrix increases, resulting in an
expansion in the interplanar spacing and a slight
shift in the XRD characteristic peaks toward
smaller angles.

3.4 Grain size and orientation

Figure 9 shows the grain area and grain
orientation of the XY plane in the as-built alloy
fabricated with different laser powers at v=
800 mm/s. In Figures 9(a, e, i), the average grain
areas of Samples P250v800, P300v800, and
P350v800 are 368.1, 4089, and 809.8 um?
respectively. The grain area distribution on the XY
plane of the as-built sample exhibits a bimodal
distribution, with fine grains in the center of the
melt pool and coarse grains at the edge of the melt
pool. Separate statistical analyses were conducted
for the coarse and fine grains of as-built alloy.
Figures 9(b, f,j) show that as the laser power
increases, the grain area of the coarse grains grows
from 572.8 to 1167.3 um?, indicating a significant
impact of laser power on the grain size of coarse
grains. On the other hand, the grain area of fine
grains shows no significant change and remains
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around 40 um? as shown in Figs. 9(c, g, k).
Figures 9(d, h, 1) show the pole figures (PFs) of the
XY plane of the as-built alloy, and it is observed
that as the laser power increases from 250 to 350 W,
the (110)//(001) texture intensity of the XY plane
notably rises; moreover, the maximum texture
intensity increases from 2.40 to 5.92.

Figure 10 shows the grain area and grain
orientation of the XY plane in the as-built alloy
fabricated with different laser scanning speeds at
P=350 W. In Figures 10(a, e, 1), it is observed that,
with an increase in scanning speed, both the
average grain area and the coarse grain area
decrease significantly. The average grain areas of
Samples P350v650, P350v950, and P350v1100 are
1067.3, 662.1, and 432.1 um?, respectively, while
the coarse grain areas are 1343.3, 9719, and
661.5 um?, respectively. Nevertheless, with the
increase in scanning speed, the average grain area
of fine grains exhibits no significant change and
remains around 40 um?. Figures 10(d, h, 1) illustrate
that with the increase in scanning speed from 650 to
1100 mm/s, the (110)//(001) texture intensity of the
XY plane weakens; moreover, the maximum texture
intensity decreases from 7.93 to 2.92.

Figure 11 shows the OIM maps of the XY
plane and the corresponding distribution of
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Fig. 9 Grain area and grain orientation of as-built Cu—Cr—Nb-Y alloy prepared with different laser powers at
v=800 mm/s: (a—c) IPF diagrams of overall grains, coarse grains, and fine grains of Sample P250v800; (e—g) IPF
diagrams of overall grains, coarse grains, and fine grains of Sample P300v800; (i—k) IPF diagrams of overall grains,
coarse grains, and fine grains of Sample P350v800; (d, h, 1) Corresponding PF diagrams
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orientation differences of the as-built alloy. Grain
boundaries with orientation angle between 2° and
10° are defined as low-angle grain boundaries
(LAGBES), which are represented in red. Conversely,
grain boundaries with orientation angles greater
than 10° are defined as high-angle grain boundaries
(HAGBSs), which are represented in black. A large
number of LAGBs can be observed in all of
the as-built alloy, as shown in Figs. 11(a—f),
accounting for more than 60% of the total grain
boundaries, primarily concentrated in the fine-grain
zones. An increase in the proportion of LAGBs is
associated with an increase in laser power, as shown
in Fig. 11(g), whereas a decrease in the proportion
of LAGBs is linked to an increase in the scanning
speed, as shown in Fig. 11(h). Additionally,
Fig. 11(i) shows the influence of laser linear energy
density on the fraction of LAGBs and HAGBs,
which indicates that with an increase in laser linear
energy density, the fraction of LAGBs rises from
64.8% to 69.8%, concomitant with a decrease in the
fraction of HAGBs.

Figure 12 demonstrates the microstructures
of Sample P350v800. In Fig. 12(a), the melt pool
tracks on the XY plane are visible, where adjacent
melt pools overlap each other in an orderly
arrangement. Figure 12(b) shows that the fine
columnar grains exhibit a weak (001) texture along

(2)

the build orientation, while the coarse grains show
a distinct (110) texture parallel to the build
orientation. In Fig. 12(c), fish-scale-like melt pools
on the XZ plane are depicted, featuring grain
epitaxial growth across the melt pools. The white
dashed lines delineate the boundaries of melt pools,
and the yellow arrows indicate the grain growth
direction. In addition, Fig. 12(d) shows that the
majority of grains on the XZ plane display a (111)
texture perpendicular to the build orientation.
Overall, it is found that the microstructure exhibits
an alternating distribution of large- and small-sized
grains, and the fine columnar grains predominantly
distribute in the center of the melt pools, whereas
coarse grains distribute at the edges of the melt
pools.

The microstructure of the as-built Cu—Cr—
Nb—Y alloy is closely related to both the thermal
history and thermal gradient of the melt pool.
Figure 13 illustrates the grain growth in the
Cu—Cr—Nb-Y alloy during the LPBF process. In
FCC metals, the (001) direction is the fastest
growth direction of grains, and the grains grow
along the direction of maximum thermal gradient
[46]. During the solidification process of the melt
pool, the maximum thermal gradient within the
melt pool is always perpendicular to the solid/liquid
interface, pointing from the edge toward the center

Fig. 12 Microstructure of Sample P350v800: (a, b) SEM image and IPF diagram of XY plane; (c, d) SEM image and

IPF diagram of YZ plane



Shu-peng YE, et al/Trans. Nonferrous Met. Soc. China 35(2025) 1212-1232 1225

(a) « Scanning direction

Cu-Cr-Nb-Y

Direction of
thermal gradient

Built orientation

As-built layer

Scanning direction
-

Direction of grain growth:
[001)/¢111)

sy

“ i3 Them igradient L:
\ (101

+ Scanning direction

Remelted zone

- Scanning direction Thermal gradient I1:

010

Remelted zone
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of the melt pool, represented by the blue arrow in
Fig. 13(a), and the thermal gradient direction
dynamically changes as the laser moves. Therefore,
the grains in the center of the melt pool exhibit a
weak (001) texture along the build orientation.
Compared with other metals [47,48], the melt pool
depth of the as-built Cu—Cr—Nb—Y alloy is much
deeper (Fig. 7); the thermal gradient inside the melt
pool rotates by a certain angle (10°—45°) relative to
the bottom of melt pool [49]. The optimal growth
direction deviates synchronously with the direction
of the thermal gradient in the melt pool, resulting
in a strong (110) texture parallel to the build
orientation on the XY plane.

On account of the extremely high thermal
conductivity of Cu alloys, a significant temperature
gradient arises between the solid phase and liquid
phase, and the direction of the thermal gradient is
perpendicular to the solid/liquid interface, pointing
from the solid-phase zone to the liquid-phase
zone, as shown in Fig. 13(b). Therefore, the grains
experience horizontal and vertical thermal gradient
directions simultaneously during the LPBF process,
leading to a further deviation in the grain growth
direction, and ultimately, the (111)//(001) texture is
formed on the XZ plane, which is perpendicular to
the build orientation.

During the LPBF process, a remelted zone

emerges in the adjacent melt pool tracks within the
same horizontal plane due to the overlapping of
melt pools, as shown in Fig. 13(c). In the remelted
zone, both the solid and liquid phases coexist, and
epitaxial growth occurs along the horizontal
direction, with the solid phase as the primary grain.
In the central zone of the melt pool, the grain
growth is not affected by the horizontally remelted
zone, and epitaxial growth only occurs along the
build orientation, as shown in Fig. 13(d), ultimately
forming a bimodal grain structure with fine grains
and coarse grains.

The experiment results demonstrate that the
texture intensity and grain size vary with changes
in the morphology of the melt pool. Specifically,
changes in the melt pool depth lead to the deviation
of the temperature gradient direction, causing a
change in the grain growth direction and resulting
in a variation in the (110) texture intensity on the
XY plane. Therefore, increasing the laser power or
reducing the scanning speed increases the laser
linear energy density, deepening the melt pool (as
shown in Fig. 7), and further changes the direction
of the thermal gradient in the melt pool, ultimately
leading to a change in the grain growth direction
and an enhancement in the texture intensity.
Conversely, the melt pool depth is shallow under
low E) conditions; moreover, the thermal gradient
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direction does not experience significant deviation,
resulting in a considerable proportion of grains
growing parallel to the build orientation and a
weaker texture intensity. Moreover, the relationship
between grain size and melt pool width is closely
related. With the increase in E, the melt pool width
increases, leading to a larger partially-remelted
zone between the adjacent melt pool tracks, an
expanded liquid-phase zone, and more significant
grain growth. Overall, the average grain area of the
as-built samples prepared with various process
parameters is less than 1100 pm?, owing to the
extremely high cooling rate, which facilitates grain
refinement.

3.5 Mechanical properties and conductivity

Figure 14 illustrates the microhardness of
Cu—Cr—Nb—Y alloy fabricated using the LPBF
process, revealing a nonlinear relationship between
the Ei and microhardness. With the increase in ),
the microhardness initially increases rapidly,
reaches a peak and then slightly decreases. When
E<0.2 J/mm, the microhardness of the as-built alloy
increases as E; increases, and Sample P150v1100
(E=0.14 J/mm) exhibits the lowest microhardness,
only HVo> 174. When E>0.3 J/mm, the micro-
hardness of the as-built alloy increases to over
HVy2 200, and the highest microhardness reaches
HV,,218. Subsequently, increasing E£i to 0.5 J/mm
results in a slight decrease in microhardness,
ultimately being around HVy, 200. It is also
revealed that microhardness increases with an
increase in relative density. Specifically, when the
relative density exceeds 99%, the small changes in
relative density no longer have a significant impact
on the microhardness.
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Fig. 14 Variation in microhardness and relative density
of as-built Cu—Cr—Nb—Y alloy with laser linear energy
density

The influence of the laser linear energy density
on the microhardness is mainly achieved by
affecting the porosity and microstructure of the
as-built Cu—Cr—Nb-Y alloy. The microhardness can
be expressed by Eqgs. (3) and (4) [50]:

Ho=k(=pp**+7) 3)
Hr=ky “4)
where Hy and Hr represent the load-independent
hardness and true hardness, respectively. The value
of k depends on the geometric shape of the indenter,
p means porosity, y is the energy required for
permanent plastic deformation per unit volume,
and f is a constant. High-porosity materials are
significantly affected by pore defects in terms of
microhardness, and reducing the porosity leads
to increased microhardness. Conversely, when the
relative density exceeds 99%, microstructure
plays a dominant role in microhardness, and the
microhardness can be improved by refining the
grain size.

As indicated by Eq. (3), the porosity has a
significant impact on the load-independent hardness
Hy [50], when E; is below 0.2 J/mm and the
relative density remains below 95%. Therefore,
with the increase in relative density, microhardness
experiences a rapid increase. Upon increasing the
laser linear energy density to 0.3 J/mm, the porosity
of the sample is less than 1%, and p can be
neglected; thus, the load-independent hardness Hy is
approximately equal to the true hardness Hr, and
the crucial factor affecting microhardness is the
energy y, which is related to the microstructure
determined by chemical composition, grain size,
phase, and others of the alloy. In this study, the
increase in laser linear energy density induces grain
growth in the as-built alloy (Figs.9 and 10),
resulting in a decrease in microhardness.

Figure 15 shows the room-temperature tensile
properties of the as-built Cu—Cr—Nb—Y alloy.
Figure 15(a) represents the stress—strain curves of
the as-built samples. When v=800 mm/s, increasing
the laser power from 150 to 350 W results in an
enhancement in both the tensile strength and
elongation of the as-built samples, increasing from
(439£13) MPa and (2.3£1.3)% to (699+4) MPa
and(17.1£0.7)%, respectively. Conversely, when
P=250 W, increasing the scanning speed from 500
to 1100 mm/s results in a reduction in both the
tensile strength and elongation of the as-built alloy,
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study

dropping from (632+7) MPa and (12.1+0.8)% to
(528+12) MPa and (3.6+1.1)%, respectively. It is
suggested that increasing the laser power effectively
enhances the room-temperature mechanical
properties, while increasing the scanning speed
worsens  the  room-temperature = mechanical
properties.

Figure 15(b) shows the effect of relative
density on the room-temperature tensile properties
of the as-built alloy. The results indicate that the
mechanical properties are enhanced with the
increase in relative density. When the relative
density exceeds 99%, the as-built alloy exhibits
yield strength greater than 400 MPa, tensile
strength above 600 MPa, and elongation exceeding
10%,  demonstrating  excellent  mechanical
properties. Sample P350v800 exhibits the best
comprehensive mechanical properties, combining
superior strength and ductility.

Figure 15(c) shows the true stress—strain and
work hardening curves of Sample P350v800,
indicating an excellent work hardening strength,
reaching 255 MPa. Before the onset of plastic

deformation instability, the work hardening
rate remains at approximately 2 GPa, ensuring
high strength and ductility simultaneously. In
comparison with similar copper alloys using
powder metallurgy such as hot isostatic pressing,
spark plasma sintering, and vacuum hot pressing
sintering [51—57], as shown in Fig. 15(d), the
Cu-Cr-Nb-Y alloy prepared using the LPBF

process in this study exhibits outstanding
mechanical properties.
Figure 16 shows the tensile fracture

morphologies of the as-built alloy. The SEM images
in Figs. 16(a—c) depict the fracture morphologies
of Sample P150v800, revealing the absence of a
necking phenomenon. Local magnification reveals
the presence of unmelted powder and large-sized
pore defects, and it can be determined that these
defects are attributed to LOF defects compared with
Figs. 3 and 4. Figures 16(d—f) reveal the fracture
morphologies of Sample P250v800, indicating a
reduction in the number and size of LOF defects
and unmelted powder compared with Sample
P150v800.
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Figures16(g—i) reveal the occurrence of the
necking phenomenon on the fracture morphologies
of Sample P350v800, with the disappearance of
unmelted powder and large-sized pore defects.
However, a certain number of small-sized pore
defects emerge, which can be associated with
keyholes. Figures 16(j—1) present the fracture
morphologies of Sample P350v1100, which show
that an increase in the number of pore defects and
unmelted powder compared with Sample P350v800.
High-magnification images of all sample fractures
reveal small and uniform dimples, with an average
size of about 200 nm. Additionally, a small amount
of nano-sized second phase are discovered at the
bottom of each dimple, and these nano-sized second
phase hinder dislocation movement and achieve
alloy strengthening during the tensile deformation.
Therefore, it can be concluded that the fracture
mode of all samples is ductile.

The results in Figs. 3, 15 and 16 show that the
number and size of pore defects have a significant
impact on the room-temperature mechanical
properties of the Cu—Cr—Nb—Y alloy. An increase
in the number and size of pore defects can lead
to severe stress concentration during the tensile
process, resulting in premature failure of the
as-built alloy. With the increase in Ej, the number
and size of pore defects decrease rapidly, and the
strength and elongation of the alloy are improved
synchronously.

Figure 17 shows the variation in conductivity
of the as-built Cu—Cr—Nb—Y alloy with £ and the
relative density. It is evident that the electrical
conductivity increases rapidly with the increase in
Ei, and then experiences a gradual rise. Notably,
Sample P350v500, prepared with F£=0.7 J/mm,
exhibits the highest electrical conductivity, reaching
(18.6+0.2)% (IACS). When E<0.3 J/mm, the
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relative density is below 99%, and the electrical
conductivity increases with the increase in relative
density. Conversely, when E>0.3 J/mm, the impact
of the relative density on the electrical conductivity
becomes negligible when the relative density
surpasses 99%. The main factors governing the
electrical resistivity (p) of copper alloys can be
formulated using Eq. (5) [58]:

P=PphotPdertPinttPimp (5)
where ppno represents the resistivity of phonon
scattering, which is related to temperature, and
therefore is excluded from consideration. pger
denotes the scattering resistance induced by the
defect, including pores, grain boundaries,
dislocations, vacancies, etc. pi stands for the
resistivity of interface scattering, and pimp signifies
the resistivity of impurity scattering.
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Fig. 17 Variation in electrical conductivity and relative
density of as-built Cu—Cr—Nb—Y alloy with laser linear
energy density

Equation (5) shows that pqef, pini, and pimp are
essential factors affecting the electrical conductivity
of copper alloys. For high porosity samples, the
LOF defects significantly affect conductivity, and
reducing porosity enhances conductivity. In this
study, Sample P150v1100 exhibits the maximum
porosity, resulting in the lowest conductivity, where
the impact of electron scattering caused by porosity
outweighs other factors. For samples with low
porosity and relative density exceeding 99%, the
influence of porosity on conductivity diminishes,
and grain boundaries and impurities become the
main factors affecting the conductivity. The XRD
results reveal that an increase in linear energy
density leads to a rise in solid solution atoms
(Fig. 8), resulting in an increase in impurity

scattering resistivity pimp and a decrease in
conductivity. Additionally, an increase in £ gives
rise to an increase in grain size (Figs. 9 and 10),
leading to a corresponding reduction in grain
boundary resistance. In this study, the variation in
solid solubility of alloy elements with different
parameters is limited, while the corresponding
change in grain size is substantial. Therefore, grain
size assumes a dominant role in conductivity.
As a result, the conductivity of the as-built alloy
is mainly affected by the pore defects when
E<0.3 J/mm, and the conductivity increases with
the increase in E;.. When E>0.3 J/mm, micro-
structure especially the grain size becomes the main
factor, and the electrical conductivity experiences a
slight increase with further increases in E.

4 Conclusions

(1) Process parameters have a significant
influence on the defects in the as-built
Cu—Cr—Nb—Y alloy, which are mainly LOF defects
and keyholes. Increasing P or reducing v enhances
the continuity of the melt pool, resulting in a rapid
reduction in the number of LOF defects and
unmelted powder, accompanied by an increase
in the relative density of the alloy. The as-built alloy
with £1<0.3 J/mm are mainly characterized by LOF
defects, while the as-built alloy with E>0.5 J/mm
have excessively deep melt pools, resulting in a
sharp increase in the number of keyholes. The
optimized process parameters for preparing the
Cu—Cr—-Nb—Y alloy using the LPBF process are
P=300-350 W and v=650—800 mm/s. By using
P=350 W and v=800 mm/s, the melt pool with good
continuity and an appropriate depth of 96.7 um can
be prepared, resulting in sample with the highest
relative density of 99.82%. The Ei  can only be
used as a reference parameter for Cu—Cr—Nb—Y
alloys manufactured using the LPBF process.

(2) The microstructure of the as-built alloy
consists of a Cu supersaturated solid solution and a
small Cr,Nb phase, which exhibits fine grains in the
center of the melt pool and coarse grains at the edge,
with a bimodal distribution of grain sizes. The XY
plane of the as-built alloy demonstrates an intense
(110)//(001) texture. Increasing P or reducing v
amplifies the melt pool depth, as well as expanding
the melt pool width and remelted zone, which
intensifies the (110)//(001) texture intensity and
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increases the grain size on the XY plane.

(3) The mechanical properties and electrical
conductivity are influenced by the defects and
microstructure, which are determined by the
process parameters. Increasing FE; enhances the
mechanical properties and electrical conductivity.
However, excessive E) leads to a slight decrease in
microhardness owing to the increased grain size.
The Cu—Cr—Nb-Y alloy prepared with parameters
P=350 W and v=800 mm/s demonstrates the
optimal room-temperature tensile properties,
with YS, UTS, and elongation of (443+5) MPa,
(699+4) MPa, and (17.1£0.7)%, respectively.
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