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Abstract: The microstructure evolution and strengthening behavior of the ultra-high strength Ti—15Mo—2.7Nb—
3AI1-0.2Si titanium alloy were studied utilizing XRD, OM, SEM, and TEM analyses. The results show that the
dislocation-strengthening and precipitation-strengthening effects could mostly affect the yield strength of this alloy. The
highest yield strength of 1518 MPa was obtained under a combined process of cold rolling + recrystallization + cold
rolling + duplex aging. This trend is mainly due to the high density of remaining dislocations, as well as dense and thin
secondary o phases in microstructures. A theoretical composite-strengthening model was built, and the prediction error
is within 16.6%. Furthermore, it is found that increasing the content of the secondary a phase can continuously
strengthen the intragrain zone. This feature causes the intergranular fracture to appear and gradually dominate the
fracture surface.

Key words: strengthening model; ultra-high strength; strengthening behavior; titanium alloy; Ti—15Mo—2.7Nb—
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1 Introduction

Nowadays, the rapid development of a new
generation of aircrafts in the direction of high speed,
large size, complex structure, and improved fuel
efficiency has given rise to higher requirements for
the strength, toughness, and other properties of
aerospace materials [1—4]. Titanium alloys are
widely used in the manufacture of key components
in aircrafts because of the advantages of low density,
high strength, good toughness, etc. Among them,
the pursuit of high strength is the key to its
application. At present, the development of ultra-
high strength (0p,>1250 MPa) titanium alloys is
very active [5—7].

Metastable f§ type titanium alloys contain f
stable elements with Mo equivalent in the range of
13.8-25 wt.%. Being air-cooled or water-quenched

after the solution treatment in the S-phase region,
followed by the aging treatment, a very high
strength can be achieved. The Ti—15Mo—2.7Nb—
3A1-0.2Si alloy is a typical metastable S-type
titanium alloy and could achieve an ultra-high
strength. It has been widely used in the manufacture
of fasteners in the aerospace industry [8—10]. To
expand the scope of its aviation applications and
promote the development and application of
high-reliability aviation aircraft, it is of great
significance to realize continuous improvement in
its strength. Since the birth of the Ti—15Mo—
2.7Nb—3Al1-0.2Si alloy, many scholars have tried
various deformation and heat treatment methods to
control its microstructure and obtain ultra-high
strength. XU et al [11] achieved the ultimate tensile
strength of 1437 MPa of the Ti—15Mo—2.7Nb—
3A1-0.2Si alloy through duplex aging. By
combining the solution treatment in the § single-
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phase, followed by quenching, room-temperature
cold deformation, recrystallization annealing, and
aging treatment, IVASISHIN et al [12] obtained a
tensile strength up to 1620 MPa. XU et al [13]
found that after a cold-deformation and aging
process, the tensile strength of the Ti—15Mo—
2. 7Nb—3Al-0.2Si alloy can exceed 1700 MPa.

The above research realized the continuous
strength improvement of the Ti—15Mo—2.7Nb—
3A1-0.2Si alloy through different processes.
However, few reports have been found on the
strength quantification of this alloy. The role of
different strengthening mechanisms (intrinsic-
strengthening, solid-solution-strengthening, grain-
boundary-strengthening, dislocation-strengthening,
and precipitation-strengthening) in the strength
formation of this alloy is still unclear. This feature
brings difficulty to the strength adjustment and
could restrict the further improvement of its
strength. To solve this problem, a theoretical
composite-strengthening model should be built
considering these five strengthening mechanisms.
In the present work, several basic experiments were
designed and conducted, and then the strengthening
behavior and model of the Ti—15Mo—2.7Nb—
3A1-0.2Si alloy were investigated.

2 Experimental

The as-received Ti—15Mo—2.7Nb—3Al-0.2Si
alloy was supplied in the shape of bar with a
diameter of around 50 mm. The f-transus
temperature is approximately 800 °C. The chemical
composition was tested according to the standard
GB/T 4698—2011, and the result is listed in Table 1.
To obtain a homogeneous initial microstructure of
the bar, a solid-solution treatment (named SS for
short) of 850 °C, 40 min was performed, followed
by water quenching (WQ). The initial micro-
structure after the solid-solution treatment is shown
in Fig. 1. The original f§ grains have an average
grain size of 71.5 pm.

Table 1 Chemical composition of as-received Ti—15Mo—
2.7Nb—3Al1-0.2Si alloy (wt.%)

Al Mo Nb Si Fe
3.10 15.23 2.77 0.21 0.02
C 0] N H Ti
0.009 0.091 0.005 0.0017 Bal.

ot o N et .""!,- ARG B S~

Fig. 1 Initial microstructure of Ti—15Mo—2.7Nb—
3Al-0.2Si alloy after solid-solution treatment

The elongated samples with dimensions of
75 mm (length) x (15-20) mm (width) x 10/7/
4 mm (three kinds of thickness) were sectioned by
electrical discharge machining from the heat-treated
billet. All of these samples were then cold rolled
to 2mm, which corresponds to reductions of
80% (named CR80%), 71% (named CR71%), and
50% (named CR50%), respectively. Three
recrystallization annealing treatments, (920 °C,
5 min, WQ), (890 °C, 5 min, WQ), (815 °C, 5 min,
WQ) were designed to achieve three different
p-grain sizes of the Ti—15Mo—2.7Nb—3Al-0.2Si
alloy. Subsequently, the single-stage aging plus
cold rolling, duplex aging plus cold rolling, and
cold rolling plus duplex aging treatments were
performed. The specific processes and the
corresponding process names were listed in Table 2.

The metallographic specimens were prepared
under different processes by grinding, polishing,
and corrosion. For specimens without the aging
treatment, the corrodent is the mixture of HF, HNOj3,
and H,O with a volume ratio of 2:5:6. For
specimens with the aging treatment, the volume
ratio changes to 2:5:18. The microstructure
morphologies were observed using a Leica optical
microscope and a Phenom desktop scanning
electron microscope. To obtain a more precise
observation of the microstructure, we used a
JEM—F200 transmission electron microscope. TEM
foils were processed at a voltage of 20 V and a
temperature of —35 °C using the MTP-1A automatic
twinjet electropolisher. The XRD technique was
used to carry out phase analysis and dislocation-
density evaluation. The XRD device is of an Ultima
IV type made by Rigaku Corporation. The scanning
through the K, radiation of the Cu target started
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Table 2 Specific processes carried out in present work

Process Process Specific process
name
A CR50%
Cold rolling B CR71%
C CR80%
D CR50%+
(920 °C, 5 min, WQ)
Cold rolling+ CR71%+
Recrystallization (890 °C, 5 min, WQ)
F CR80%+
(815 °C, 5 min, WQ)
CR80%+
] G (815 °C, 5 min, WQ)+
Cold I'Ollll’lg+ (540 OC, 8 h, AC)"‘SO%*
Recrystallization+
Aging+ CR80%+
Cold rolling H (815°C, 5 min, WQ)+
(350 °C, 2 h, AC)+
(540 °C, 8 h, AC)+50%"
Cold rolling+ CR80%+(815 °C, 5 min,
Recrystallization+ I WQ)+50%"+
Cold (350 °C, 2 h, AC)+
rolling+Aging (540 °C, 8 h, AC)

* The rolling degree of 50% means that the thickness of the plate
reduces from 2 to 1 mm

from 20° to 90° at a fixed scanning rate of
20 (°)/min. Tabular-shaped tensile specimens with a
gauge length of 10 mm and a width of 3 mm were
sectioned from the samples under different
conditions. The Instron 5969 mechanical-testing
machine was used, and the stroke rate was set to be
0.6 mm/min. Two specimens were applied under
each process.

Obtaining the elastic parameters of the
Ti—15Mo—2.7Nb—3AIl-0.2Si alloy is essential to
establish the yield strength model. An advanced
non-destructive  inspection  technique called
“ultrasonic echo analysis” was applied to detecting
the elastic parameters of this alloy. Using the
UMS-100 testing device, the ultrasonic wave with
a frequency of 80 MHz was emitted through the
probe and spread within the samples. Related echo
signals were collected, and the valid part of them
was selected by the professional identification of
the engineer. Finally, the elastic parameters,
including elastic modulus, shear modulus, and
Poisson’s ratio, were calculated and then output
through the embedded program. Five cuboids of
the Ti—15Mo—2.7Nb—3Al-0.2Si alloy (the solid-

solution state, (830 °C, 30 min)) with section
dimensions of around 3 mm % 3 mm were used. In
the present work, the detected average values of
elastic modulus, shear modulus, and Poisson’s ratio
are 76.9 GPa, 28.9 GPa, and 0.33, respectively. The
shear-modulus value is similar to 27 GPa used by
COURY et al [14].

3 Results and discussion

3.1 Yield strength

Figure 2(a) shows the original tensile curves
of the Ti—15Mo—2.7Nb—3Al-0.2Si alloy after
different processes. Due to the limit of the specimen
size, the extensometer was not applied, and
therefore, the initial elastic part of the tensile curves
is not correct. To obtain accurate values of yield
strength, the stiffness of the test machine was
evaluated and then subtracted by the tensile curves
in Fig. 2(a). The corrected engineering strain—stress
curves after different processes are shown in
Fig. 2(b). The yield strengths of this alloy after
different processes were determined through the
0.2%-offset method and are listed in Table 3, which
exhibit high repeatability.

Due to the coarse S grains in the micro-
structure, as well as the absence of dislocation-
strengthening  and  precipitation-strengthening
effects, the average yield strength in the solid-
solution state is only 740 MPa. Cold rolling
introduced dislocations in the alloy, which
increased the yield strength by approximately
200 MPa. It can be found that the yield strengths
after Processes A—C show little variation. This trend
means that the dislocation densities introduced by
the three rolling degrees are similar. After the
recrystallization  annealing, the dislocation-
strengthening effect was eliminated, and the grain-
boundary-strengthening effect appeared. Figure 3
shows the grain sizes after Processes D, E, and F.
The obvious result is that, by combining a higher
rolling degree and a lower annealing temperature,
the recrystallized grain size could be smaller. The
average grain sizes after Processes D, E, and F, are
39, 24, and 14 um, respectively. Due to the gradual
increase in grain-boundary-strengthening effect,
the yield strengths after Processes D, E, and F
gradually increase from 816 to 829 MPa and finally
to 844 MPa.
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Fig. 2 Original tensile curves without extensometer (a, b) and corrected engineering strain—stress curves (c, d) of

Ti—15Mo—2.7Nb—3 Al-0.285i alloy after different processes

Table 3 Yield strengths of Ti—15Mo—2.7Nb—3Al-0.2Si
alloy after different processes
Yield strength/MPa
740+3.5
955+0.5
948+6
939+2.5
81645
829+3.5
844+5.5
131442
130443
151842

Process

T O T m O aw» g

—

Figure 4 shows the SEM images of the
microstructures after Processes G and H. It can be
easily seen that the high density of the needle-like
tiny secondary a phase with different orientations is

uniformly distributed inside S grains. Compared
to the solid-solution state, the Ti—15Mo—
2.7Nb—3Al-0.2Si alloy after Processes G and H,
combines grain-boundary-strengthening, dislocation-
strengthening, and precipitation-strengthening effects
simultaneously, and therefore achieves high yield
strengths, which are above 1300 MPa. The yield
strengths after Processes G and H are almost the
same, which indicates that the single-stage-aging
treatment and the duplex-aging treatment generate
similar precipitation-strengthening effects.

The highest yield strength was achieved after
Process 1. According to Table 3, the average yield
strength after Process I can reach 1518 MPa.
Compared to Processes G and H, Process I changes
the sequence of aging treatment and cold rolling.
However, this process leads to a large jump in yield
strength of approximately 200 MPa. To explain this
phenomenon, the differences in their microstructure
features must be clarified. The TEM technique was
used, considering that the tiny secondary o phase is
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Fig. 4 SEM images of microstructures: (a—c) Process G; (d—f) Process H

difficult to distinguish. Figure 5 shows the TEM/
SEM morphologies after Processes H and I. It can
be found that the secondary o lamellae in
microstructure after Process 1 (Figs. 5(e, f)) are
much denser and smaller than those in
microstructure after Process H (Fig. 5(b)). It can be
explained in this way: After the cold rolling was
exerted on the recrystallized specimens, a high
density of dislocations was introduced into the
microstructure. During the subsequent aging
treatment, pre-existing  dislocations  became
preferential-precipitation sites of the secondary a
phase [15,16]. As a result, a much denser and
thinner secondary a phase in the microstructure can
be obtained. According to research [17], densely
distributed precipitates with small spacing lead to
high-frequent interactions between dislocations and

precipitates. This trend could cause strong pinning
effects. Furthermore, it was reported [18] that fine
precipitates exhibit a stronger strengthening effect
than bulky precipitates. In summary, it is speculated
that the compact secondary o phase could result in a
good precipitation-strengthening effect. In addition,
there may be a considerable density of remaining
dislocations in the microstructure after aging.
Therefore, the dislocation-strengthening effect
could be kept. This is possibly why the Ti—15Mo—
2.7Nb—3Al1-0.2Si alloy after Process I shows the
highest yield strength.

LUO et al [19,20] conducted much valuable
research on the microstructure evolution and
mechanical properties of beta-type titanium alloys
containing Si. They found that the introduction
of Si can promote the formation of silicides, such as
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Fig. S TEM/SEM morphologies after Processes H (a—c) and I (d—f)

the phases S1 and S2. However, no silicide
precipitates were found according to the TEM
image (Fig.5). This is mainly due to the low
content of Si (only about one-tenth of the Si content
in Refs. [19,20]) in this alloy. In this situation, all
Si atoms can solute in a-Ti or B-Ti lattice.

3.2 Model building

By taking into account all the strengthening
effects, the yield-strength model of the Ti—15Mo—
2.7Nb—3Al-0.2Si alloy can be summarized in the
following equation:

oys=00+ Aot AogtAcatAo, (D)

where g9 means the intrinsic strength of a pure S-Ti
without alloying elements. Acs, Aogg,, Aogg, and
Ao, indicate the strength increment contributed by
the solid-solution-strengthening, grain-boundary-
strengthening,  dislocation-strengthening,  and
precipitation-strengthening, respectively.

As we know, a pure f-Ti does not exist at room
temperature. Therefore, oy cannot be obtained
through experiments. It is widely accepted that
the Peierls—Nabarro stress [21] can reflect the
resistance of the lattice to dislocation motion.
Therefore, in the present work, oo was evaluated
based on the calculated Peierls—Nabarro stress.

(1010),

(0110),
. / 4
[ \\(

(1100), *(2110),

Zone axis: f0001] ,

1141

According to Ref. [22], the Peierls—Nabarro stress
(or-~) can be expressed as

apw-=3ﬁexp(_8“§j @)

1o b

where p is shear modulus, » is Poisson’s ratio, b is
the magnitude of Burger’s vector, and { is the
half-width of the dislocation and can be expressed
as Eq. (3):

d

T (3)

where d indicates the interplanar spacing. For the
pure a-Ti, d can be expressed as

2 2 2
gl 4(%]@ ,
3 a2 C

Based on previous research [23], the prismatic
slip system of {1010}(1120) can be activated
most easily. Thus, a {1010}(1120) slip system
was used to calculate opn of pure a-Ti. Its
corresponding b is a/3(1120) with a magnitude of
0.295 nm [24—26]. The shear modulus, x, and the
Poisson’s ratio, v, are given as 42.65 GPa and 0.327,
respectively [27]. By combining Egs. (2) and (3),
the calculated value of opn of pure o-Ti is
1.20x107° GPa.
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For the pure f-Ti, d can be expressed as

a/\Jn? +k* +17 . 1t is known that the {110}(111)

slip system can be the most easily activated and
therefore, was used to calculate opn of pure f-Ti.
Its corresponding b is a/2(111). The shear modulus,
u, and the Poisson’s ratio, v, are taken as 28.9 GPa
and 0.33 (described above), respectively. By
combining Egs. (2) and (3), the calculated value of
op-n of pure B-Ti is 1.93x1075 GPa. It can be easily
found that the value of op-x of pure A-Ti is
approximately 1.6 times that of pure a-Ti. This
trend indicates that the intrinsic strength of pure
S-Ti (namely oy) could be approximately 1.6 times
that of pure a-Ti. In Ref. [28], the intrinsic strength
of pure o-Ti is considered as 250 MPa. Therefore,
oo in the present work can be calculated to be
401 MPa.

Ti—15Mo—2.7Nb—3Al1-0.2Si alloy contains a
high content of alloying elements. Thus, the
solid-solution-strengthening effect, Aos, could
be significant. According to GYPEN and
DERUYTTERE [29] and TODA-CARABALLO
et al [30], Aoss can be expressed as [31]

2/3
AUSS :[ZB?/ZXi j ’ Bi ZMIU/I;‘BZ (4)

where B; means the strengthening coefficient of the
solute i, and X; means the concentration of the
solute i (at.%). M is the Taylor factor, and the value
of 2.75 was adopted in the present work [32].
1=28.9 GPa, Z is a fitting constant and was taken as
1.3x107% [33] in the present work. 4; is the misfit
parameter and can be expressed as

n;

A =§(77§2+925i2)“2a U;ZW

(%)
where #; means the shear-modulus misfit, and J;

means the lattice-parameter misfit. They can be
approximately expressed as

zz(ﬂf_ﬂTi) _2(51 _5Ti)

: Mt T 0, +0r

¢ equals 4 for body-centered-cubic (bcc) metals
[30,31]. The value of 8 depends on the dislocation
types of the alloy during deformation [33].
According to Ref.[30], edge dislocation is the
dominant dislocation type in face-centered-cubic
(fcc) and bec systems at room temperature, and thus
6 was taken as 16 in the present work. Table 4 lists
the parameters used for the calculation. By
combining Eq. (4) and (5), the calculated value of
Aoy 1s 205 MPa.

The grain-boundary-strengthening effect has
been found by HALL [34] and PETCH [35] for
approximately 70 years. It can be expressed as

1
NG

where £k is the grain-boundary-strengthening
coefficient, and D is the grain size. The k values of
many pure metals were listed in Ref. [36], including
the hcp-Ti. However, the listed value cannot be
used directly since Ti—15Mo—2.7Nb—3Al-0.2Si is
an alloy and belongs to the bcc structure. In
the present work, k& was obtained through the
linear fitting of the oys—D"? relation after
Processes SS, D, E, and F, as shown in Fig. 6.
According to the slope of the fitting line, k£ equals
633 MPa-um'?.

The preexisting dislocations in the alloy make
it more difficult for dislocations to initiate and
move and could lead to a significant increase in
the yield strength. Therefore, the quantitative
description of the dislocation-strengthening effect,
namely Agg, is very important for the precise
adjustment of the yield strength. Equation (7)
shows the classical forest-hardening model, which
has been widely used [31,37,38]:

Ao =Maubp"? @)

Ac =k (6)

Table 4 Parameters of elements in Ti—15Mo—2.7Nb— 3Al- 0.2Si alloy

Element w/GPa  Atomic radius/nm Atomic fraction/% Xi ni ni Ji Ai Bi/MPa
Ti 45.6 [31] 0.145 47.87 0.8369 0 0 0 0 0
Mo  125.5[31] 0.136 95.94 0.0810 0.934 0.637 —0.064 4.826 842.7
Nb 37.5[31] 0.143 92.91 0.0152 -0.195 —0.178 -0.014 1.138 122.7
Al 26 [31] 0.143 26.98 0.0586 —0.547 —0.430 -0.014 1935 249.2
Si 66.2 [31] 0.118 28.09 0.0038 0.369 0.311 -0.205 13.20 32229
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Fig. 6 oys—D ' relation after Processes SS, D, E, and F

where p is the dislocation density. a is a dislocation-

interaction constant, which takes 0.3 [31,37] in this

study. b=a/2(111) with a magnitude of 0.285 nm. p

can be calculated by [39]

p— s ®)
ub® (1+20%)

where £ means the elastic modulus, and & means
the microstrain.

Getting the value of ¢ is the key to calculating
the dislocation-strengthening effect. The XRD
profiles of the alloy under different conditions
contain the information of &. The Williamson—Hall
equation [40—42] provides the solution to evaluate ¢
based on the XRD analysis, as shown in Eq. (9):

KA .
B cosf,, :7+4esm0hk1 9)

where 6,,, means Bragg’s angle, K is the shape
factor and taken as 0.9, and A means the wavelength
of X-rays. f,, means the corrected instrumental
broadening of the diffraction peak at 26,,,, as
shown in Eq. (10):

ﬁhkl :\/ﬁ;kl(measured) _ﬁ;kl(instrumental) (10)

ﬁhkl(measured) and ﬁhkl(instrumental) are characterized

by the full width at half-maximum (FWHM) at 26.

According to Eq.(9), it can be found that the
corrected instrumental broadening is induced by
two factors, namely the grain size, and microstrain.
In the present work, D (tens of micrometers) is
much larger than 4 (several A). Thus, the KA/D part
in Eq.(9) is too small and could be neglected.
Equation (9) can be rewritten as

Bricos Om=4esin Opy (11)

Based on Eq.(11), ¢ can be obtained by
drawing the 4sin @u—fracos G relationship. The
slope of the fitting line can be considered as ¢. The
Phiignstrumentaty Should be clarified. In the present work,
the XRD profile after Process SS was used as the
fundamental data to calculate the inherent
instrumental-broadening effect of this equipment. In
addition, SBurimeasuredy aNd  Brriinstrumentay O different
peaks were directly output, using the peak-fitting
function (Gaussian fitting or Lorentz fitting) in the
Origin software. Figures 7(a—c) show the
comparisons of the XRD profiles of the Ti—15Mo—
2.7Nb—3Al-0.2Si alloy among different processes.
Figure 7(d) gives an example of the peak-fitting
result after Process B (CR71%).

The authors tried to build the 4sin Gu—
Sricos Onu relationship through the linear fitting.
However, the low-fitting precision makes it difficult
to extract the valid ¢ values. Referring to Ref. [43],
the authors decided to calculate ¢ directly at a
selected Onu according to e=(fucos Gu)/(4sin Opx)
after each process. After the full consideration of
the intensity and symmetry of different peaks, the
decision was drawn that the peaks of (110)s were
used for calculating ¢ after Processes A—F, and the
peaks of (211);z were used after Processes G, H and
I. Table 5 lists the calculated values of Aoy after
different processes. The parameters used for the
calculation are also listed. It can be found that Acq
ranges from 58 to 454 MPa in the present work.
The recrystallization process after Processes D, E,
and F can greatly reduce the dislocation density in
the microstructure and lead to a great impairment of
the dislocation-strengthening effect.

It is known that the existence of dislocations
could lead to elastic lattice distortion. Therefore, by
multiplying the microstrain, ¢ (listed in Table 5)
and elastic modulus, £, of the Ti—15Mo—2.7Nb—
3A1-0.2Si alloy (76.9 GPa), the residual stress
(named as Acd) induced by dislocations can be
calculated, namely Aci=Ee. To some extent, Ac}
could also be considered as the strengthening effect
of dislocations. The authors made a comparison
between Ao’y and the calculated Aoy in Table 5, as
shown in Fig. 8. It can be found that Ac's is higher
than Aog and shows greater variance with increasing
the dislocation density. This is possibly due to the
fact that £ is a macro parameter and is not proper to
be used in the calculation of micro stress. The error
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Fig. 7 Comparisons of XRD profiles of Ti—15Mo—2.7Nb—3Al—0.2Si alloy among different processes ((a) Processes SS,
A, B and C; (b) Processes SS, D, E and F; (c) Processes SS, G, H and I) and example of peak-fitting result after Process

B (d)

Table S Calculated values of dislocation-strengthening effect after different processes

Process Peak position Pui/rad & p/m? Acy/MPa
A 8.61x1073 6.18x1072 3.08x1015 377
B 6.84x107° 4.83x107 1.88x10" 295
C 9.60x107° 6.79x107° 3.72x10% 414
D (10} 1.35x1073 9.57x107* 7.39x10"3 58
E _ _ _ _
F _ _ _ _
G 1.80x1072 6.31x1073 3.21x105 385
H (211) 1.79%x1072 6.32x1073 3.22x101 386
I 2.13x1072 7.44x1073 4.47x10" 454

could be magnified with increasing microstrain
(namely dislocation density).
Precipitation-strengthening plays an important
role in alloy strength. Two mechanisms (the cutting
mechanism and the Orowan mechanism) are
responsible for the precipitation-strengthening effect
according to the penetrability of the precipitates to

dislocations [44,45]. The Orowan mechanism was
established based on the assumption that the
precipitates impenetrable to dislocations.
The
strengthening is considered and therefore the most

are
controlling mechanism of precipitation-

widely used [45]. In the present work, the Orowan-
strengthening effect introduced by the needle-like
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Fig. 8 Comparison between Ac§ and Ay
secondary « phase is given by [46]
0.4M b In(d/b
no, =2AMubIn(d/b) (12)

Y ;i’p

where M=2.75, ©=28.9 GPa, b=0.285nm, and
v=0.33. d indicates a mean diameter of random
cross-sections of spherical precipitates. However, it
should be noted that the needle-like precipitates in
the present work have high aspect ratios and cannot
be deemed as particles. To solve this problem, we
take the mean thickness of the secondary o plates as
d . J, is the inter-precipitate distance.

Based on Fig. 5, the values of d and Ap after
Processes H and I were evaluated and are listed in
Table 6. The precipitated secondary a phase after
Process I has an average thickness of 14.9 nm and
an average spacing of 39.3 nm, which are much
smaller than the values after Process H. This trend
follows the features shown in Fig. 5. According to
Eq. (12), the Orowan-strengthening effect, Aoy, can
be calculated. Due to the much thinner and denser
secondary a phase after Process I, its Ag, (355 MPa)
is higher than that after Process H (284 MPa).
According to Fig. 4, the precipitated secondary a
phase after Processes G and H shows a similar size
and distribution. Therefore, it is assumed that Ag;
after Process G is also 284 MPa.

Table 6 Evaluated Orowan-strengthening effect after
Processes G—1

Process d /nm Ap/nm Ao,/MPa
G _ _ 284 (Referring to
Process H)
H 49.5 64.0 284
I 14.9 39.3 355

3.3 Model verification

Based on the discussion of different
strengthening effects, the specific yield-strength
model of the Ti—15Mo—2.7Nb—3Al—-0.2Si alloy can
be summarized in the following equation:

0.4Mub In(d/b
& vs =606+ 023 1 Maubp'? + 2 AMHb In(d70)

JD nl-v ;i’p

(13)
According to Eq. (13), the oys values were
calculated after different processes, as given in
Table 7. To verify the prediction precision of the
model, the calculated oys values were compared
with the experimental values, and the relative errors
were computed. It can be found that Eq. (13) shows
a good prediction performance. The absolute value
of the prediction error ranges from 3% to 16.6%. In
the present work, the dislocation-strengthening and
precipitation-strengthening effects could mostly
affect the yield strength of the Ti—15Mo—2.7Nb—
3A1-0.2Si alloy.

3.4 Fractography

The fracture surfaces of alloys could reflect
their mechanical properties. Figure 9 shows the
typical fracture surfaces of the tensile specimens
after Processes A, D, G, and 1. It can be found that
large dimples are distributed throughout the fibrous
area after Processes A and D, which indicates good
plasticity. After Process G (Figs. 9(c, d)), however,
a portion of the intergranular fracture appears, and
this trend corresponds to the loss of plasticity (or, in
other words, the increase of strength). In particular,
the intergranular fracture domains the fracture
surface after Process I (Figs. 9(e, f)). This feature
indicates that this alloy after Process I may obtain
the lowest plasticity (or highest strength). The
above results deduced from the fracture surfaces are
consistent with the experiments.

Revealing the reason for the transition of the
fracture mechanism from a dimpled fracture to
an intergranular fracture is essential. In the authors’
opinion, the precipitated secondary a phase is
responsible for this phenomenon. The increasing
volume fraction of the secondary o phase inside f
grains could continuously strengthen the intragrain
zone. This trend makes the grain boundaries
become a relatively weak area. Therefore, an
intergranular  fracture appears and gradually
dominates the fracture surface.



1146

Xiao-hui SHI, et al/Trans. Nonferrous Met. Soc. China 34(2024) 1136—1149

Table 7 Comparison between calculated and experimental values of yield strength after different processes

Process o¢/MPa  Acgi/MPa Acgp/MPa  Acd/MPa  Ag,/MPa  oys(Cal.)/MPa  oys(Exp.)/MPa  Error/%
SS 75 - - 681 740 -8.0
A 75 377 - 1058 955 10.8
B 75 295 - 976 948 3.0
C 75 414 - 1095 939 16.6
D 101 58 - 765 816 —6.3

401 205
E 129 - - 735 829 -11.3
F 169 - - 775 844 -8.2
G 169 385 284 1444 1314 9.9
H 169 386 284 1445 1304 10.8
I 169 454 355 1584 1518 4.3

Fig. 9 Morphologies of fracture surfaces: (a) Process A; (b) Process D; (c, d) Process G; (e, f) Process |

4 Conclusions

(1) The highest yield strength of 1518 MPa
was obtained after a combined process of cold
rolling + recrystallization + cold rolling + duplex
aging. This trend is mainly due to the much denser
and thinner secondary o phase as well as the
considerable density of remaining dislocations in
the microstructure.

(2) Dislocation-strengthening and precipitation-

strengthening effects could mostly affect the yield
strength of this alloy. The established composite-
strengthening model shows good prediction
performance, for which the absolute value of the
prediction error ranges from 3% to 16.6%.

(3) The increasing volume fraction of the
secondary a phase could continuously strengthen
the intragrain zone. This feature makes the grain
boundaries become a relatively weak area.
Therefore, an intergranular fracture appears and
gradually dominates the fracture surface.
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BE5R Ti—-15Mo—2.7Nb—3Al1-0.2Si Sk & & HIBLIT R RIEE
LWRAEL gk Bl ) AN EREM, xlin4k 2, AER!

1ORJRHE TR MBREE S TR, KR 030024;
2. KFEBETORSE MU ISR BE, KR 030024

# E: HET XRD. OM. SEM Fl TEM 43#7, HFFHE SR Ti-15Mo—2.7Nb-3A1-0.2Si k& 4 14 2L A8 K b,
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HAEMAER, HFRZEE 16.6%LA N Ihah, TR IIRA: o FEORAR S B3 in oy DAAS T sk, i oo X 45k, X
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