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Abstract: To clarify the differences of mechanical properties and deformation behaviors of a Ti-5Al-5Mo—1Fe—1Cr
(wt.%) alloy with duplex and single-phase microstructures, the tensile properties and deformation modes of the alloy
with these two different microstructures were studied systematically. The results show that the sample with the duplex
microstructure has a tensile yield strength of 886 MPa, an ultimate tensile strength of 1075 MPa and an elongation of
21.5%. The sample with the single S phase has a relatively lower strength and a similar elongation. The sample with the
duplex microstructure has a ductile fracture mode and deforms via dislocation slipping in the § matrix and spherical or
plate-like o phases. The slip systems are {112} ,(111),, in /f matrix, and {1122},(1123), and {1010},(1210), in & phase.
In contrast, the single-phase sample has a quasi-cleavage fracture mode and deforms via dislocation slipping and stress-
induced a" martensite transformation, and the slip systems are {110} ,(1 11 , and {112} (11 1) I
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1 Introduction

Titanium alloys have received considerable
attention in industrial and academic communities
since they have excellent mechanical properties,
such as corrosion resistance, biocompatibility,
etc., and complicated and representative micro-
structures [1—4]. The mechanical properties of
titanium alloys are the decisive factor for their
applications in aerospace industry and are closely
related to the composition and microstructure of
the alloys [5—8]. Tuning the morphology and
distribution of a and S phases [9—12] and changing
the stability of f phase [13] significantly affect the
strength, plasticity and strain hardening rate of the
alloys. Since the plasticity and strain hardening

rate of the alloys strongly depend on the
deformation behavior of the microstructure [14—17],
studying the deformation behavior of different
microstructures in titanium alloys is very important
in terms of the development of titanium alloys with
high strength and toughness.

Duplex microstructure is a kind of typical
microstructure in titanium alloys [18]. It consists of
plate-like and spherical a phase in the f matrix.
In general, the titanium alloys with this kind
of microstructure have a good comprehensive
mechanical property, since the plate-like a phase
can effectively impede dislocation movement,
leading to the high strength, and the spherical a
phase itself can deform plastically, contributing to
the large plasticity [7,10]. It has been reported that
the plastic deformation of the spherical a phase is
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achieved via dislocation slipping or twining [10,14].

So far, {1011} and {1012} twins have been
observed in the deformed spherical o phase [14,19].

Single f phase microstructure is another kind
of commonly observed microstructure in titanium
alloys [20—22]. It is generally acquired by initial
solution treatment in f phase region and then
quenching to the room temperature in metastable S
titanium alloys with a relatively high p-stabilizer
content [23]. The deformation behavior in single f
phase microstructure involves reportedly stress-
induced martensite transformation, deformation
twinning and dislocation slipping [24—26]. The
stress-induced phase transformation and deformation
twinning are received increased attention in recent
years [27—30], as their occurrence can make the
alloys withstand large plastic deformation before
fracture, and they are known as transformation-
induced plasticity (TRIP) and twinning-induced
plasticity (TWIP) effects [22,27]. It has been
reported that the phases induced by stress
include a” and/or @, and the twins generated
during deformation are {332}z and {112} twins
in titanium alloys with single f phase micro-
structure [29-31].

Although it is well known that dislocation
slipping is a kind of vital deformation mode for
both duplex and single f phase microstructures in
titanium alloys, the systematic study on dislocation
slipping is less, and which slip system can be
activated during deformation remains unclear,
especially in some recently designed alloys.
It has been suggested that the slipping plane of
the dislocations in metal materials could be
straightforward given through the combined
analysis of slip traces and the corresponding pole
figures, and the slip system could be consequently
acquired [32]. This technique has been widely
utilized to analyze the slip system in magnesium
alloys [32—34].

Ti—5Al-5Mo—1Fe—1Cr alloy is a kind of our
recently designed near-f titanium alloy. This alloy
does not include expensive V element compared to
the commercial TC18 alloy and is a low-cost
titanium alloy. In order to promote its development,
it is necessary to investigate the mechanical
properties of this alloy with two kinds of typical
microstructures, namely duplex and single f phase
microstructures.

Therefore, in the present study, we firstly

prepared the duplex and single S phase micro-
in Ti—5Al-5Mo—1Fe—1Cr alloy, by
solution treatment at different temperatures and
then systematically investigated the mechanical
properties and deformation behaviors of the alloy
with different microstructures. By the combined
analysis of slip traces and pole figures, the slip
systems in o phase and f matrix in the duplex
microstructure and the slip systems in the single S
microstructure were determined. Our findings are
useful to a deeper understanding of the deformation
behaviors in titanium alloys and could also facilitate
the development of new titanium alloys.

structures

2 Experimental

An alloy with a nominal composition of
Ti—5Al-5Mo—1Fe—1Cr (wt.%) was prepared by
vacuum arc melting and then forged three times into
a bar with a diameter of 120 mm. The o/f-transus
temperature of the alloy was estimated to be 873 °C
according to differential scanning calorimetry
analysis. Small samples cut from the forged bar
were divided into two groups. One of them was
solution-treated at 800 °C for 1 h, followed by air
cooling, and samples in this group are designated as
800AC. Samples in another group were solution-
treated at 950 °C for 1 h, followed by air cooling,
and designated as 950AC. To avoid the influence of
oxidation, the thickness of the solution-treated
samples was decreased by 1.5 mm via polishing.
Tension and compression tests were conducted on
an Instron—3369 machine at room temperature. The
tensile specimens have a gauge length of 24 mm
and a cross section of 6 mm % 3 mm. To ensure the
validity of the tensile data, three samples in the
same condition were tested. Hardness pits were
fabricated using a BUEHLER-5104 Vickers
hardness tester to roughly examine the deformation
behaviors of samples.

The phase constitutions in 800AC and 950AC
samples were analyzed by a D/MAX-3C X-ray
diffractometer (XRD). Leica DM4000M optical
microscope (OM) was employed to examine the
deformed microstructures around the hardness pits.
To systematically characterize the deformation
behaviors of the 800AC and 950AC samples,
they were compressed by 6% and the deformed
microstructures were characterized by electron
microscopy. Secondary electron (SE), backscattered
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electron (BSE) and electron backscattered
diffraction (EBSD) characterizations were carried
out in a Nova Nano SEM 320 scanning electron
microscope (SEM) equipped with energy dispersive
X-ray spectrometer (EDS). Samples for SEM
and EBSD characterizations were prepared by
mechanically grinding and then electro-polishing
in a solution composed of 5 vol.% HClO4, 35 vol.%
CH3(CH2)30H, and 60 vol.% CH3;OH at —30 °C.

3 Results and discussion

3.1 Initial microstructures

Figure 1 shows the XRD patterns of the
800AC and 950AC samples. The XRD pattern of
the 800AC sample includes a and g diffraction
peaks simultaneously, while that of the 950AC
sample includes exclusively £ diffraction peaks.
This indicates that the 800AC sample includes a
and S phases, yet the 950AC sample only includes f
phase. Figures 2(a) and (b) show the BSE images of
800AC and 950AC samples, respectively. Spherical
and plate-like o particles are observed in the 800AC
sample. The diameters of the spherical a particles
are in a range of 5—10 um, and the « plates have a
length of 3—10 um and a width of 1-2 um. For the
950AC sample, there is no secondary phase being
detected and the f phase is completely retained after
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being quenched in the air, as shown in Fig. 2(b).
The grain size of the f matrix is measured to be
150300 pm. Figures 2(c) and (d) show an enlarged
BSE image of the 800AC sample and the
corresponding compositional results of the a and S
phases, respectively. Al element distributes mainly
in the a phase, and Mo, Cr and Fe elements
distribute mostly in the § phase. This is expected
since Al is a typical a-stabilizer, and Mo, Cr and Fe
are typical p-stabilizers [23]. Considering that
these alloying elements are expected to distribute
uniformly in the 950AC sample where there is no a
phase, therefore, presence of the a phase could
cause re-distribution of alloying elements in the
alloy.

(10} 101y,
002
{ }u\ oy, {103},
(1003, (102}, \/“I\Z}a {201},
S00AC ) (200}, {lAlO}a —

{110},

211},

950AC } {2003,

20 30 40 50 60 70 80 90
20/(°)

Fig. 1 XRD patterns of 800AC and 950AC samples

(d) Element  wt.% at.%
Al 8.01 13.54
Mo 2.99 1.76
a phase Ti 89.00 84.70
Cr 0 0
Fe 0 0
Element  wt.% at.%
Al 351 9.78
h Mo 8.16 5:57
B phase Ti 85.84 8243
Cr 1.22 1.13
Fe 1.27 1.09

Fig. 2 BSE images showing duplex and single phase microstructures in 800AC (a) and 950AC (b) samples, respectively,

enlarged image (c) of region marked by red frame in (a), and SEM—EDS compositional results (d) of a and £ phases

in (¢)
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3.2 Mechanical properties and fracture modes
Figure 3(a) shows the tensile true stress—strain
curves of 800AC and 950AC samples. The 800AC
sample has a tensile yield strength (TYS) of
886 MPa, an ultimate tensile strength (UTS) of
1075 MPa, and an elongation of 21.5%. The 950AC
sample has a lower strength but a similar elongation.
Its TYS and UTS are 760 MPa and 866 MPa,
respectively, and its elongation is 22.5%. This is
expected as the 800AC sample includes lots of a
phases that can strengthen the alloy. Careful
comparison of the true stress—strain curves of these
two samples reveals that the 800AC sample has an
obvious stress decline stage after its UTS is reached.
Figure 3(b) shows the curves of the strain hardening
rate of these two samples. The S800AC sample
has a higher strain hardening rate in the stage of
uniform plastic deformation. Figures 3(c, d) show
the macroscopic photographs of the fractured
800AC and 950AC samples, respectively. Necking
can be detected in the fractured 800AC sample,
while it is invisible in the fractured 950AC sample.
Figure 4 shows the fractographs of the 800AC
and 950AC samples. The fracture microstructure of
the 800AC sample is dominated by dimples, which
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Fig. 3 Tensile true stress—strain curves (a) and strain
hardening rate curves (b) of 800AC and 950AC samples,
and macroscopic photographs of fractured 800AC (c)
and 950AC (d) samples

implies that the fracture mode of the 800AC sample
is ductile fracture. This explains exactly the
occurrence of necking during tensile test in the

Fig. 4 Low-magnification (a, ¢) and high-magnification (b, d) fractographs of 800AC (a, b) and 950AC (c, d) samples
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800AC sample. As the developing of dimples in the
metal materials usually weakens the materials,
the formation of the dimples would result in the
decrease of the strength. This rationalizes the
presence of stress decline stage in the true
stress—strain curve of the 800AC sample. In
contrast, the 950AC sample has a completely
different fracture microstructure. Torn edges and
cleavage faces dominate the fracture microstructure
except that some shallow dimples are occasionally
detected. This kind of fracture microstructure
implies that the fracture mode for the 950AC
sample is quasi-cleavage fracture, which explains
why there is no necking in the sample during tensile
test (Fig. 3(d)).

3.3 Deformation behaviors

Even though the 800AC and 950AC samples
have different fracture modes, they have almost
the same elongations. In order to understand the
origin of their elongation similarity, it is necessary
to systematically investigate the deformation
behaviors of the 800AC and 950AC samples. To
preliminary study their deformation behaviors, we

2 52 v 'wl S

Fig. 5 OM images (a, ¢) showing slip traces around two different pits generated by hardness tester in 800AC sample at

firstly made hardness pits on the polished surfaces
of the two samples and then observed the deformed
microstructures around the pits. This method was
used to study the deformation behavior of alloys in
literature [35]. Figures 5(a) and (c) show the OM
images of two hardness pits on the polished surface
of the 800AC specimen, and the loading forces for
the pits are 50 and 300 N, respectively. Slip traces
can be detected around the pits, as marked by red
dashed circles. Figure 5(b) shows an enlarged
image of a region located at the left top corner of
the pit in Fig. 5(a). The slip traces are relatively
weak and only observed in f matrix, i.e., they do
not cross the spherical o particles. This indicates
that the dislocation movement has been inhibited by
the a particles. The largest distance between the slip
trace and the pit is about 50 um, indicating that
plastic deformation could extend 50 um when the
loading force is 50 N. When the loading force is
increased to 300 N, there are more slip traces
around the hardness pit and they are more obvious,
as shown in Figs. 5(c) and (d), indicating that a
severer plastic deformation occurs around the pit. In
addition, some slip traces can intersect the spherical

A 5 A A

loading forces of 50 N (a) and 300 N (c), and enlarged images (b, d) of areas immediately adjacent to spits in (a) and (c),

respectively (Red dashed circles mark some regions having obvious slip traces)
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o particles, suggesting that dislocations can cross
the interfaces between the spherical a particles and
p matrix with the increase in the degree of the
plastic deformation. The farthest slip trace from the
pit is approximately 100 um, indicating that the
plastic deformation has a larger extending distance
in this case.

Figure 6(a) shows the OM image of hardness
pit at a loading force of 50 N on the polished
surface of a 950AC sample. Similarly, slip traces
can be observed around the pit, as marked by red
dashed circles. Figure 6(b) shows an enlarged
image of a region located at the left bottom corner
of the pit. Some of slip traces are curving, and some
of them are very straight and parallel to each other.
These slip traces end on the grain boundaries (GBs),
suggesting that dislocation movement has been
blocked by the GBs. When the loading force is
increased to 300 N, more slip traces are detected, as
shown in Fig. 6(c). Figure 6(d) shows an enlarged
image at the left top corner of the pit. Interestingly,
some slip traces across the GBs are visible in this
case. These traces are connected to the GBs and
their distributions and morphologies are different

from those adjacent to the pit, implying that
different dislocations might be activated from the
GBs in the neighboring grains. This is reasonable
since grains generally have different orientations on
both sides of GBs and it is difficult for dislocations
in one grain to glide to the neighboring grains
directly. Dislocations are usually and firstly blocked
by GBs during deformation, and with the increase
in the number of blocked dislocations, a fore stress
would be generated, which would induce the
initiation of other dislocations from the GBs in the
neighboring grains. Similar phenomenon has been
reported in literature [34].

SE imaging and EBSD technique were used to
deeply investigate the microstructural evolutions
of the deformed 800AC and 950AC samples.
Figures 7(a, b) reveal an SE image and the
corresponding EBSD map in 800AC sample
compressed by 6%. Lots of slip traces are detected
on the surface of the sample and they are nearly
parallel to each other in the f matrix. When the slip
trace crosses the spherical a particle, its orientation
may change, as shown in Particle 2 in Fig. 7(a).
Figure 8 illustrates local slip traces and pole figures

wa < i ;1

. 100 pm | -

Fig. 6 OM images (a, c) showing slip traces around two different pits generated by hardness tester in 950AC sample at

loading forces of 50 N (a) and 300 N (c), and enlarged images (b, d) of areas immediately adjacent to pits in (a) and (c),

respectively
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Fig. 7 SE image showing slip traces in deformed 800AC

sample (a) and corresponding EBSD image (b) (Numbers
1 to 7 mark seven different regions. Region 1 is f matrix,
Regions 2 to 4 are spherical o particles, and Regions 5 to
7 are plate-like a particles)

in seven different regions, as marked by numbers 1
to 7 in Fig. 7(a). The region in Fig. 8(a) comes from
the f matrix. Combining the orientation of slip
traces and corresponding pole figures, the slip plane
of the associated dislocations can be determined to
be (112)s. As the most closely packed direction
within (112); plane is [111] 4 » the slip system could
be speculated to be (112)4[111],. According to
our observations in five different regions of the
S matrix, the activated slip system is always
(112)4[111], in the B matrix. The (112),(111),
is the secondary preferred slip system in BCC
materials, and the easiest slip system to activate is
(110),(11 1) s [36,37]. The reason for the absence
of {110},(I11), slip system might be that the
combination of Al, Mo, Cr and Fe alloying
elements increases its critical resolved shear
stress (CRSS) or changes its dislocation core
structure [38], resulting in its activation being more
difficult than that of {112} ﬂ<lll) 5 slip system in
the 800AC sample.

(112)

Qg o
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é Q W @
(1122) (11?2)
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Fig. 8 Localized slip traces in seven different regions in

Fig. 7 and their corresponding pole figures illustrating
method used to determine most likely activated slip
system in these regions (The line on the pole figures
corresponding to the slip trace): (a) f matrix; (b) Spherical
a particles; (c) Plate-like o particles

Figure 8(b) shows local slip traces and the
corresponding pole figures of three spherical a
particles in Fig. 7(a). Similar analysis reveals
that the slip systems in Particles 2 and 3 are
both (llf2)a[llﬁ]a and the slip system in
Particle 4 is (1010),[1210],. In the present study,
eight spherical o particles were investigated, and
(lli2)a[l lﬁ]a slip system was detected in five
of them and (1010),[1210], slip system was
observed in the rest three. According to our
observations, the slip traces were not only detected
in the spherical o particles, but also observed in the
plate-like a particles. Figure 8(c) shows slip traces
and the corresponding pole figures of three
plate-like a particles. Similarly, the slip systems
in Plates 5 and 6 are both (1122) [1123] and the
slip system in Plate 7 is (lOlO) [1210] Also,
eight a plates were analyzed in this study.
(1122),[1123], slip system occurs in five of them
and (lOlO)a[IEIO]a slip system occurs in the rest
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three. Therefore, selection of slip system in a phase
seems to be irrespective of the morphology
of o particles. Since there are six equivalent
{1 152}64(11%)& slip systems and three equivalent
{1010},(1210), slip systems in the « lattice
with an HCP structure [39], the occurrence of
{1 152}64(11%)& slip systems in the o particles
would coordinate the plastic deformation better.
Considering that {1010},(1210), slip system is
generally the most common one, higher observed
frequency of {1122},(1123), slip system may be
attributed to the effects of alloying elements in the a
phase.

Figures 9(a) and (b) show SE image and
corresponding EBSD map on a polished surface of
950AC specimen compressed by 6%. Five f grains
are observed in the image. By analyzing the slip
traces and pole figure of Grain 1, the slip plane of
dislocations in the grain can be determined to be
(110)s and thus the slip system is (110),[1 11] 5 OF
(110)4,[111],. In addition to the slip traces, many
narrow bands can be observed in Grain 1 and they
are parallel to each other. Figure 10(a) shows an

enlarged SE image of these bands. They have a
width of 2—5 pm, and the EBSD map indicates that
they are a” phase. As there is no a” phase observed
in the solution-treated 950AC sample, these o”
phases are suggested to be generated by martensite
transformation, i.e., the stress-induced martensite
transformation during deformation. In addition,
there are some deformed grains that do not include
a" martensite but include two kinds of different slip
traces, such as Grain 2 in Fig. 9. Careful analyses
reveal that the two different slip traces correspond
to two different slip systems: {110} (1 11) 5 and
{112} ;<1 11),, respectively. Since these two slip
systems have the same Burgers vectors, cross-slip
of dislocation may occur from one to the other.
a" martensite is only detected in a few f grains and
the deformed microstructure is dominated by the
dislocation slipping in the deformed sample
according to our observations. Since dislocation
slipping in single f phase generally arises a low
strain hardening rate [40], the 950AC sample has a
relatively low strain hardening rate, as shown in
Fig. 3(b).

N

Fig. 9 SE image showing slip traces in deformed 950AC sample (a), corresponding EBSD image (b), and localized slip

traces and corresponding pole figures in Grains 1 and 2, showing most probable slip planes of dislocations in two

grains (c)
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Kernel average misorientation (KAM) map
based on EBSD data was used to analyze the
dislocation distribution in the deformed 800AC and
950AC samples. Figure 11(a) shows the KAM
map of a phase in the deformed 800AC sample.
Relatively large misorientation was detected in both
spherical and plate-like o phases, implying that high
number density dislocation exists in them. This
indicates the occurrence of plastic deformation in
the a phase, which is consistent with the results in
Figs. 7 and 8. Figure 11(b) shows the KAM map of
the f matrix in the deformed 800AC sample.
Expectedly, large misorientation caused by high

number density dislocation can be observed, but the
distribution of misorientation is non-uniform. The
largest misorientation distributes at the interfaces
between the a and £ phases, and the misorientations
in the regions away from o phase are relatively low,
as marked by red circles. This is reasonable since
o/f interfaces can hinder the movement of
dislocations during deformation and thus lots of
dislocations could be stored adjacent to the
interfaces after deformation.

Figure 12(a) shows a corresponding KAM
map of Fig. 9(b) in the deformed 950AC sample.
Grain 1 shows a uniform misorientation and its

Fig. 12 Low-magnification KAM image showing misorientation distribution in deformed 950AC sample (a) and

high-magnification KAM image (b) of Grain 1 in (a)
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value is relatively low, while Grain 2 shows a larger
misorientation but its distribution is non-uniform.
As o" martensite transformation occurs in Grain 1
and only dislocation slip occurs in Grain 2, it can be
speculated that martensite transformation results in
a homogeneously plastic deformation. This is
further demonstrated in a high magnification KAM
map of Grain 1, as shown in Fig. 12(b). The
misorientation in ¢” martensite is low and the
misorientation in the S lamellae between o”
martensite is very uniform. In addition, some grains
without a"” martensite present low and uniform
misorientation, as exemplified by Grain 3 in
Fig. 12(a). According to our calculations of Schmid
factors, the Schmid factors for {110} ﬂ<1T1) 5 and
{112} ,(111); slip systems in Grain 3 are 0.46 and
0.45, respectively, which are smaller than 0.49 and
0.47 for the two slip systems in Grain 2. This
implies that the activation of these two slip systems
is more difficult in grain. In other words, the
orientation of the grain is not suitable for
dislocation slipping due to the smaller Schmid
factors. Moreover, the largest misorientation in the
deformed 950AC sample is detected at GBs, as
shown in Fig. 12(a). This is expected as GBs act as
the dislocation barriers and can lead to the pile-up
of dislocations, which is consistent with the results
in Fig. 6.

Based on the above experimental results, the
tensile properties of the 800AC and 950AC samples
can be understood. The superior strength—ductility
synergy of the 800AC sample is attributed to the
existence of spherical and plate-like o phases. The
interphase boundaries could impede the dislocation
movement at the early stage of deformation
(Fig. 5(b)), giving rise to the high strength. With the
increase in the amount of deformation, the
dislocation could cross the interphase boundaries
and cause the plastic deformation in a phases
(Fig. 5(d)), which would relief the stress
concentration and inhibit the initiation of crack at
interphase boundaries, and then result in good
ductility of the alloy [41]. For the 950AC specimen,
two kinds of slip systems and stress-induced o”
martensite transformation contribute concurrently
to its good ductility. But once the crack forms
within the sample, it would propagate quickly along
the boundaries of the martensite, leading to the
occurrence of quasi-cleavage fracture of the sample

(Fig. 4(d)).

4 Conclusions

(1) The 800AC sample with a duplex micro-
structure has a tensile yield strength (TYS) of
886 MPa, an ultimate tensile strength (UTS) of
1075 MPa, and an elongation of 21.5%. The 950AC
sample with a single § phase microstructure has a
TYS of 760 MPa, an UTS of 866 MPa and an
elongation of 22.5%.

(2) The fracture microstructure of the 800AC
sample consists of dimples and its fracture mode is
ductile fracture. The fracture microstructure of the
950AC sample is dominated by torn edges and
cleavage faces, although a few shallow dimples are
occasionally observed, and the fracture mode of the
alloy is quasi-cleavage fracture.

(3) The deformation mode of the 800AC
sample is dislocation slipping. It can occur not only
in the f matrix but also in the spherical and
plate-like a particles. The slip system in f matrix
is {112},(1 11) - The slip systems in the spherical
and plate-like o particles are the same, and they are
{1122},(1123), and {1010} ,(1210),.

(4) The deformation mode of the 950AC
sample includes dislocation slipping and stress-
induced " martensite transformation, and the slip
systems include {110},(111), and {112} ,(111),.
The concurrence of dislocation slipping and stress-
induced martensite transformation is the origin of
good ductility of the 950AC sample.
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