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Abstract: To investigate the effect of the arc re-melting on the microstructure, mechanical and tribological properties of 
the 390A alloy, its ingot produced by the conventional induction melting method was subjected to the arc re-melting 
process. The microstructure of the 390A alloy was examined by OM and SEM. Mechanical properties of the 390A alloy 
were determined by the Brinell method and tensile tests. Tribological properties were investigated with a ball-on-disc 
type tester. It was observed that the microstructure of both conventional induction melted and arc re-melted 390A alloys 
consisted of α(Al), eutectic Al−12Si, primary silicon particles, θ-CuAl2, β-Al5FeSi, δ-Al4FeSi2, and α-Al15(FeMnCu)3Si2 

phases. Re-melting with the arc process caused grain refinement in these phases. In addition, after this process, the α(Al) 
phase and primary silicon particles were dispersed more uniformly, and sharp edges of primary silicon particles became 
round. The arc re-melting process resulted in an increase in the hardness of the 390A alloy produced by the 
conventional method from 102 HB to 118 HB and the tensile strength from 130 to 240 MPa. It also caused an increase 
in the wear resistance of the 390A alloy and a decrease in the friction coefficient. 
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1 Introduction 
 

Aluminum (Al)−silicon (Si) based alloys are 
widely used in industrial applications due to their 
many advantages. These advantages are easy and 
economical production, high corrosion resistance, 
low thermal expansion coefficients, adequate 
strength values for many applications, lower  
density, and higher specific strength (strength/ 
density) than many alloys [1−3]. Especially, their 
lower density, higher specific strength, and higher 
corrosion resistance make Al−Si alloys attractive 
for the production of parts or components produced 
in areas such as automotive, defense, and aviation 
industries where lightness and, therefore, fuel- 
saving are at the forefront [4,5]. Engine or  
cylinder blocks, pistons, intake manifolds, oil  
pans, carburetors, transmission boxes, engine coil 

windings, transistor coolants, data recording discs, 
accumulators, warheads, and rocket bodies are 
some of these parts and components [4,6,7]. 

Hardness, mechanical properties and 
tribological properties are the most important 
factors in determining the usage areas of Al−Si 
alloys. These properties of Al−Si alloys differ 
significantly according to their silicon contents [8,9]. 
Al−Si alloys containing lower amount of silicon 
than the eutectic composition (~12.6 wt.% Si) 
exhibit higher strength and ductility, while those 
containing higher amount of silicon than the 
eutectic composition exhibit higher hardness, 
wear-resistance, and lower thermal expansion 
coefficient [8−11]. Lower strength and ductility of 
the hypereutectic Al−Si alloys compared to 
hypoeutectic Al−Si alloys, are especially due to the 
formation of more coarser and sharp-edged primary 
silicon particles in their microstructure [8,10]. Apart 
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from them, particle size and morphology of the 
other phases such as α(Al) and eutectic silicon 
particles in the microstructure of Al−Si alloys are 
also influential factors on the mechanical properties 
of these alloys [8,10,12,13]. Therefore, many 
studies have been carried out to reduce the size of 
α(Al) grains and silicon particles in the 
microstructure of the Al−Si alloys [8,12−16]. The 
addition of alloying element or grain refiner, rapid 
cooling, and heat treatment applications after 
casting have been the most common methods to 
reduce and/or change the size and/or the 
morphology of these phases [17−20]. In a recent 
study, it has been revealed that high pouring 
temperature causes rapid cooling or high cooling 
rate due to the increase in the temperature gradient, 
and as a result, a microstructure consisting of fine 
grains and more homogeneously distributed  
phases [17,21]. Very high pouring temperatures can 
easily occur in electric arc melter (furnaces) 
compared to other melting furnaces, and these 
furnaces are currently preferred in the casting of 
metals with a high melting temperature in practice. 
There is no study investigating the material 
characteristics of hypereutectic Al−Si alloys 
produced with electrical arc melting furnaces. In 
this study, the material properties of the commercial 
390A alloy ingot produced by the conventional 
induction melting method have been investigated 
before and after it has been re-melted and solidified 
in the arc-melter furnace to reveal the effects of  
the arc re-melting process on the properties of 
hypereutectic Al−Si alloys. The results obtained 
from the microstructural examinations and 
mechanical properties tests of the Al−Si alloy 
samples produced by both conventional induction 

melting and electric arc melting methods have been 
compared with each other. 
 
2 Experimental 
 
2.1 Alloy preparation and microstructure 

observation 
390A alloy (Al−17Si−4Cu−0.6Mg−1Zn) was 

produced by the induction melting process. 
Commercial 390A alloy ingot was used in the 
production of the alloy. The alloy was melted in a 
medium frequency induction melting furnace and 
poured at a temperature of approximately 760 °C 
into a conical shaped SAE 8620 steel mould at 
room temperature. The obtained alloy ingot was 
re-melted in an arc melter furnace with a capacity 
of 5−20 g and at 3500 °C. Re-melting and 
solidification processes were performed on a water- 
cooled copper crucible plate with a trough-shaped 
mould which was located on the base of the melting 
chamber of the arc furnace. To eliminate the 
inefficiency of mixing under an electric arc, 
homogeneously mixed material ingot produced by 
using the induction melting method above 
mentioned was used in the arc re-melting process. 
High purity argon was used as the protective gas in 
the melting chamber. After the re-melting, the alloy 
ingot was cooled to room temperature in the 
melting chamber. Chemical compositions of the 
alloy samples were determined by the inductively 
coupled plasma-optical emission spectrometry 
(ICP-OES) technique. The properties of the 
produced alloy after both induction melting and arc 
melting were examined. Test sample preparation 
process sequence from alloy ingot and technical 
drawing of the samples are given in Fig. 1. 

 

 
Fig. 1 Test sample preparation process sequence from alloy ingot and technical drawing of samples (unit: mm) 
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The microstructures of the alloy samples were 
investigated with both optical and scanning electron 
microscopy techniques. SEM investigations were 
performed using the backscatter electron imaging 
mode at an acceleration voltage of 15 kV. The 
phases in the microstructure of the alloy samples 
were identified by metallographic observations and 
X-ray diffraction (XRD) analyses. These analyses 
were performed in flat samples at a scanning range 
of 20°−90° using a Cu Kα radiation source at a 
scanning rate of 3 (°)/min and a wavelength of 
1.54059 Å. Grain sizes of the phases were 
calculated by a standard linear intercept method 
according to the ASTM E112—10 standard [22]. 
Shape factors in terms of aspect ratio (AR) were 
defined according to the following equation [23]: 
 
AR=dmax/dmin                                             (1) 
 
where dmax is the largest diameter, and dmin is the 
smallest diameter orthogonal to dmax. 
 
2.2 Hardness and tensile tests 

Technical drawings of the hardness and tensile 
test samples are given in Fig. 1. These test samples 
were produced by machining the alloy ingots with a 
water jet. The hardness values of the alloy samples 
were determined by using a Brinell method with a 
ball diameter of 2.5 mm and a load of 612.5 N. At 
least six hardness measurements and tensile tests 
were made in each alloy sample and the average 
values obtained from these tests were taken as the 
hardness, tensile strength, and elongation to fracture 
values. Tensile tests were performed at a 
deformation rate of 1×10−3 s−1. By using the data 
obtained from tensile tests, the quality indexes of 
the alloys were calculated using the following 
equation [18]: 
 
Q=σb+klg δ                              (2) 
 
where Q is the quality index (MPa), σb is the tensile 
strength (MPa), δ is the elongation to fracture value 
(%), and k is the material constant for aluminum 
alloys (150 MPa). 
 
2.3 Wear tests 

Wear tests were carried out by using a 
ball-on-disc type tribotester according to ASTM 
G99 standard. This tester consists of an electric 
motor, a disc on which the test specimen is placed, 
a sample holder, an abrasive ball, a ball holder, a 
load, a load arm, a load sensor and a computer- 

aided control unit. The dimensions of wear test 
samples are given in Fig. 1. Wear test samples were 
polished with 1200# grit abrasive paper before the 
tests. 100Cr6 steel abrasive ball having a hardness 
of ~658 HB and a diameter of 6 mm was used in the 
wear tests. These tests were carried out under a load 
of 5 N and at a sliding speed of 0.15 m/s for a 
sliding distance of 1000 m. These test parameters 
were determined by considering the studies [24−26] 
made on aluminum alloys with this tester. Each 
wear test was performed with a new sample and 
ball. The coefficients of friction of the alloys were 
calculated by dividing the frictional force by normal 
load. The amount of wear occurring in the test 
samples was calculated as volume loss. The volume 
loss values of the alloys were determined by 
dividing the measured mass loss values by the 
density values. A balance with an accuracy of  
±0.01 mg was used to determine the mass loss 
values. 
 
3 Results and discussion 
 
3.1 Microstructure  

The chemical composition of the 390A alloy is 
given in Table 1. 
 
Table 1 Chemical composition of 390A alloy (wt.%) 

Si Cu Mg Zn Fe, Mn Cr 
Others (Ni, 
Sn, Ti, etc)

Al

16.5 4.2 0.5 0.9 0.99 0.12 0.02 1.4 Bal.

 

The microstructures of the induction- and 
arc-melted alloy samples are shown in Figs. 2 and 3, 
respectively. EDS analysis results of the phases  
are given in Table 2. It was observed that the 
microstructure of 390A alloy produced by induction 
melting method consisted of α(Al), eutectic Al−Si 
phase and primary silicon particles, θ-CuAl2, 
β-Al5FeSi, δ-Al4FeSi2, and α-Al15(FeMnCu)3Si2 
phases (Fig. 2). The eutectic Si particles have a thin 
and long shape, while the primary silicon particles 
have a relatively large or coarse irregular shape 
with sharp-edged corners. It is also observed that 
intermetallics θ, β, δ, and α-Al15(FeMnCu)3Si2 
phases are adjacent to each other in the 
microstructure. The formation of the phases in the 
microstructure can be explained according to the 
solidification behavior of the alloy. The phases   
of δ-Al4FeSi2, β-Al5FeSi, and α-Al15(FeMnCu)3Si2  
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Fig. 2 OM (a, b) and SEM (c, d) micrographs showing microstructure of induction-melted 390A alloy 
 

 

Fig. 3 OM (a, b) and SEM (c, d) micrographs showing microstructure of arc re-melted 390A alloy 

 

which are seen in the microstructure of 390A alloy 
are intermetallic compounds formed by the reaction 
of impurity elements with alloying elements. The 
δ-Al4FeSi2 phase starts to precipitate at 
approximately 1000 °C while the β phase is formed 
by the peritectic reaction of the Liquid + 

δ-Al4FeSi2→β-Al5FeSi+Si at ~850 °C [27]. The δ 
phase having relatively high silicon content is 
transformed into the β phase by a lower silicon 
content with diffusion mechanism. The observation 
of the δ and β phases together in the microstructure 
of the alloy may have resulted from incomplete  
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Table 2 Chemical compositions of phases observed in microstructures of tested alloy (wt.%) 

Phase Al Zn Cu Si Fe Mn Cr 

α 90.2−96.4 1.4−1.8 1.8−3.3 1.0−3.1 − − − 

α* 92.4−96.8 0.5−0.8 0.8−1.8 1.4−2.0 − − − 

Eutectic α 81.7−95.4 1.2−3.7 2.0−3.4 3.0−16.3 − − − 

Eutectic α* 76.5−96.9 0.6−0.9 1.4−2.5 1.7−17.5 − − − 

θ 49.2−53.9 − 44.4−49.7 0.9−1.1 − − − 

θ* 48.7−62.9 0.7−0.9 28.9−47.1 1.4−10.1 − − − 

β 57.7−66.5 − − 7.2−10.5 16.2−21.9 − − 

β* 55.6−66.7 − − 7.4−9.3 11.0−22.8 − − 

δ 49.7−69.7 1.2−2.1 1.4−3.0 13.7−25.7 13.9−21.5 1.5−2.0 − 

δ* 58.8−64.6 1.2−2.2 1.4−4.3 12.2−22.0 16.5−21.1 1.5−2.1 − 

α-Al15(FeMnCu)3Si2 51.8−80.1 1.2−4.4 3.3−7.7 5.3−11.3 5.6−23.1 0.7−2.9 0.5−0.8

α-Al15(FeMnCu)3Si2* 57.7−71.4 1.4−2.6 4.4−12.1 5.8−10.1 11.4−22.5 1.4−3.5 0.5−0.7

* Arc re-melted condition 
 
diffusion due to non-equilibrium cooling conditions. 
The α-Al15(FeMnCu)3Si phase having a skeletal 
structure is formed by the reaction of Liquid + 
β-Al5FeSi→Al+Si+α-Al15(FeMnCu)3Si2 [28]. Based 
on Refs. [29,30], the formation tendency of the 
iron-based intermetallic phases in the micro- 
structure of the Al−Si alloys can be predicted 
depending on the sludge factor (SF, Eq. (3)) and 
Fe/Mn mole ratio: 
 
SF=x1+2x2+3x3                                          (3)  
where x1, x2, and x3 represent the mole fractions of 
Fe, Mn, and Cr, respectively. 

For the 390A alloy sample tested, the sludge 
factor and Fe/Mn ratio were calculated as 1.29 and 
8.25, respectively. It is suggested that if the sludge 
factor is higher than 1.25, iron-rich intermetallic 
phases are formed, and the ratio of these 
intermetallic phases increases with increasing 
Fe/Mn ratio [29,30]. It is also suggested that if  
this ratio is greater than 2, the β phase will react    
with impurity elements Mn and Cr, and the 
α-Al15(FeMnCu)3Si2 phase is formed. Our findings 
are compatible with Refs. [29,30] about sludge 
factor and Fe/Mn ratio related to the formation of 
intermetallic phases in Al−Si alloys. 

According to the Al−Si phase diagram, the 
primary silicon phase solidifies before the α(Al) 
phase since it has a higher melting point [31]. As 
the solidification continues, the silicon content of 
the liquid metal decreases, and the aluminum 
content increases. The copper-rich intermetallic 

θ-CuAl2 phase is formed by the reaction of 
aluminum with copper when the temperature of the 
liquid metal drops to ~590 °C [10,32]. When the 
composition and temperature of the liquid metal 
decrease the eutectic point (approximately 
87.4 wt.% Al, 12.6 wt.% Si and 577 °C), a eutectic 
Al−Si phase is formed [33]. The eutectic Al−Si 
phase consists of the thin and long shape Si 
particles and aluminum matrix. The α(Al) phase 
having grain or dendritic form in the Al−Si alloys is 
known to be formed due to the non-equilibrium 
cooling conditions. 

The 390A alloy re-melted with arc exhibited a 
microstructure having the same phases with 
induction-melted 390A alloy, that is to say, no 
different phases are formed in the arc-melted 390A 
alloy, as seen in Figs. 2 and 3. But, it is observed in 
Fig. 4 that the average grain sizes of the α(Al) 
grains and primary silicon particles decrease from 
41.0 to 35.3 μm and from 28.4 to 21.5 μm, 
respectively. In addition, these phases display a 
more uniform and equiaxed distribution. The 
changes in the grain size of the α(Al) phases due to 
the arc melting process can be explained in terms of 
cooling rate, nucleation, and subsequent growth 
mechanisms. Compared to the induction melting 
method, the pouring temperature in the arc melting 
process is higher due to high electrical arc energy. A 
higher pouring temperature resulted in an increase 
in the cooling rate (R) according to the following 
equation: 
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Fig. 4 Bar chart showing average grain size and grain 

number of α(Al) phase (a) and primary silicon particles 

(b) of micrographs in Figs. 2 and 3 

 
R=h(T−To)/(cρz)                          (4) 
 
where h is the heat transfer coefficient, T is the 
pouring temperature, To is the mould temperature, c 
is the specific heat capacity, ρ is the density, and z is 
the thickness of the sample [34]. As the cooling rate 
increases, the formation temperature of the phases 
changes, and the magnitude of this change  
increases. The liquidus temperature and heat 
extraction also increase as the cooling rate increases. 
Therefore, the liquid metal is cooled to a lower 
temperature than its melting point in equilibrium 
conditions [35]. This causes the formation of more 
nuclei due to supercooling and nucleation to be 
easier and faster. Nucleation increases in proportion 
to the cooling rate. However, an increase in the 
cooling rate and a decrease in the solidification time 
of the molten metal slow down diffusion. This 
causes an increase in the number, restriction of 

grain growth, refining and more homogeneous 
distribution of the α(Al) grains [12,13]. The 
reduction of the grain size of the silicon particles 
after re-melting with arc can be explained based on 
diffusion mechanisms. The primary silicon phase is 
known to grow by bonding Si atoms to the surfaces 
of primary silicon particles [36]. For this reason, the 
diffusion of Si atoms is important for the growth of 
primary silicon particles. The diffusion of Si atoms 
becomes difficult with increasing cooling rate. This 
suppresses the growth of primary silicone particles. 
Therefore, the primary silicon size decreases with 
increasing cooling rate. It is observed that the shape 
factor of the primary silicon particles decreases 
from 1.79 to 1.38, and their sharp edges or corners 
are rounded to a certain extent. The decrease in 
aspect ratio is thought to be caused by the decrease 
in the difference between dmin and dmax values in 
Eq. (1) as a result of the rounding of the silicon 
particles after the arc-remelting process. It is also 
observed that θ, β, δ, and α-Al15(FeMnCu)3Si2 
phases are refined to a small extent, and eutectic 
silicon particles take a short and thick form    
after re-melting with the arc process. These 
morphological changes in the phases are thought to 
be due to the higher cooling rate which restricts 
grain growth [32,37]. 

The XRD patterns of the tested alloy produced 
in both induction and arc melting methods are given 
in Fig. 5. The same XRD patterns were obtained 
from the induction- and arc-melted alloys. These 
patterns show that the 390A alloy exhibits a 
microstructure consisting of the same phases when 
produced by both induction and arc melting. 
 
3.2 Mechanical properties 

The values of hardness, tensile strength, and 
elongation to fracture of both induction- and arc- 
melted 390A alloys are given in Fig. 6. Re-melting 
with arc caused the hardness of the alloy to increase 
from 102 HB to 118 HB, and tensile strength 
increased from 130 to 240 MPa. But elongation to 
fracture value decreased from 2.67% to 2.37%. The 
significant increase in tensile strength of the alloy 
after the arc re-melting process also led to a 
significant increase in the quality index value of the 
390A alloy. Improvements in the hardness and 
tensile strength values of the tested alloy due to arc 
re-melting can be explained based on dispersion 
hardening and grain refining mechanisms. It is well  
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Fig. 5 XRD patterns of induction-melted (a) and arc re-melted (b) 390A alloys 

 

 
Fig. 6 Bar charts showing hardness, tensile strength, elongation to fracture, and quality index of tested alloys 

 

known that second phase particles dispersed in the 
microstructure of multiphase alloys prevent the 
movement of dislocations and thus lead to an 
increase in strength [38]. It is clear that the primary 
silicon particles dispersed in the soft matrix of the 
390A alloys are an obstacle to the movement of 
dislocations, and an increase in the number of 
silicon particles as a result of the arc re-melting 
process causes an increment in the number of these 
obstacles. The effect of obstacles faced by 
dislocations on the material strength has been 
explained in detail in Ref. [39]. It has been revealed 
that if dislocations pass between the obstacles, they 
leave small dislocation loops around them [39]. 
These dislocation cycles apply back stress that must 
be overcome in order for dislocations moving in the 
sliding plane to continue their movement. This 
means that higher shear stress is required for 
deformation to occur or/and continue. Thus, 
dispersed silicon particles lead to increased strain 
hardening during the period when loops are built up 
around the particles. In this case, the force required 

for the movement of dislocations between two 
particles (τ) is expressed by the following equation: 
 
τ=Gb/d1                                (5) 
 
where G is the shear modulus, b is the magnitude of 
Burgers vector, and d1 is the distance between two 
particles [40]. According to Eq. (5), as the distance 
between the particles decreases due to the arc 
re-melting process, the force required for the 
movement of the dislocations increases, and as a 
result, the material strength increases after the arc 
re-melting process. Figure 4 shows that the number 
of the primary silicon phase particles of the arc 
re-melted alloys is more than that of the alloy 
produced by the induction melting method. It is 
thought that the increase in the number of silicon 
particles contributes to the increase in strength as it 
leads to an increase in the number of obstacles in 
front of the dislocations. Due to the arc re-melting 
process, the decrease of sharp edges and corners of 
primary silicon particles may have also contributed 
to the increase in strength. It has been revealed in 
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detail that reducing the sharp edges and corners of 
primary silicon particles in the microstructure of 
Al−Si alloys, that is rounding, improves the 
mechanical properties of these alloys [8,36,41].  
Although the increase observed in the strength of 
the 390A alloy with the arc re-melting process is 
thought to be mainly due to the change in the shape 
and distribution of the primary silicon particles, 
grain refining observed in the other phases, 
especially in the α(Al) phase, may also have 
contributed to the increase in strength. Several 
studies [7,12,13,36,41−43] show that grain refining 
in the α(Al) phase contributes to the increase of the 
strength of Al alloys. The relationship between 
grain size and strength in metals is generally 
expressed by the Hall−Petch equation [26]: 
 
σ=σ0+kd−1/2                             (6) 
 
where σ is the strength of an alloy, d is the average 
grain size, σ0 is the strength of the single crystal, 
and k is a material constant. According to this 
equation, the strength of an alloy is inversely 
proportional to the square root of the grain size, and 
material strength increases with decreasing grain 
size. 
 

3.3 Fracture surfaces  
SEM micrographs of the tensile fracture 

surfaces of the tested alloy samples are given in 
Fig. 7. These micrographs show that the fracture 
surfaces of the alloy samples generally consist of 
cleavage planes, dimples, and tear ridges, and also 
arc melted alloy samples exhibit a finer-grained 
fracture surface. The fracture surface characteristics 
of the alloy test samples can be explained based on 
the properties and sizes of the phases. It has been 
revealed in previous studies [15,24,41,44] that the 
fracture mechanism of Al−Si based alloys depends 
on the size and distribution of the silicon crystals, 
the easy fracture behavior of the silicon crystals, the 
strength of the matrix to bind to the silicon crystals, 
ductile α(Al) phase, and intermetallic phases. It is 
well known that silicon is a hard and brittle material 
and micro-cracks are very often found in the crystal 
lattice structure of such brittle materials [45]. These 
micro-cracks cause stress accumulation in silicon 
crystals, and this can result in progress or 
propagation of the crack even if the applied external 
load does not exceed the strength value of the 
material. When the crack passes through the silicon  

 

 
Fig. 7 SEM micrographs showing fracture surfaces of 

tensile test samples of induction-melted (a) and arc 

re-melted (b) alloys 

 
crystal, the fracture occurs, which is called 
transcrystalline fracture. In this case, the fracture 
takes place as cleavage, and the planes in which the 
cleavage occurs are called cleavage planes. There is 
no difference in the relative positions of the atoms 
on the separated surfaces from their previous 
positions in this type of fracture. Cleavage planes in 
silicon are generally characterized as the planes of 
{111} in which the atoms are most closely packed 
and have low surface energy. More cracks occur in 
larger crystals in Al−Si alloys [46]. This is due to 
the fact that the stress formed in the matrix is 
transferred to the coarse silicon crystals at a higher 
rate [47]. High-rate stress transfer causes the 
strength of the silicon crystals to be easily 
overcome and crack initiation and/or propagation. 
Tear ridges observed on the fracture surfaces of the 
tested alloy are thought to be formed by the plastic 
flow of the aluminum-rich ductile phases in the 
region of the local neck before the fracture as it has 
been stated in Ref. [45]. The dimples are nucleated 
in small discontinuous voids as a result of      
the activation of the slip systems in successive 
microregions due to the energy absorbed during 
plastic deformation [45]. Microvoids grow with the 
effect of triaxial stress before cracks initiate and 
take a dimple form. This process can be seen as a 
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plastic flow on the surface and is accepted as a sign 
of ductile fracture. It is seen that the dimples on the 
surface of the tested alloy samples are formed in 
aluminum-rich ductile phase regions. It is observed 
that dimples have different morphologies. This is 
thought to be due to the differences in active local 
stress and strain. The fracture surfaces of the 
arc-melted alloys exhibit a topography consisting of 
finer dimples and smaller cleavage planes, together 
with more tightly aligned tear ridges. This is 
thought to be due to grain refining of the phases in 
the microstructure of the tested alloy with the effect 
of arc re-melting. 

The micrographs of the longitudinal sections 
below the fracture surfaces of tensile test samples 
are presented in Fig. 8. These micrographs show 
that the fracture (main crack) occurs in the 
interdendritic eutectic regions and has a zigzag 
profile. When the fracture line reaches the α 
dendrites, it preferably propagates along the 
dendrite boundaries or through brittle phases such 
as Si, θ, β, δ, and α-Al15(FeMnCu)3Si2 located in  
the dendrite borders [48]. In the presence of 
intermetallic phases such as θ, β, δ, and 
α-Al15(FeMnCu)3Si2 at the dendrite borders, the 
progress of the fracture through these phases can be 
due to the fact that these phases are more brittle 
than the α(Al) phase [9]. Figure 8 also shows that 
secondary cracks take place on the fracture surfaces, 
internal cracks on the longitudinal sections of the 
fracture surfaces, and micronecks on the fracture 
line. Secondary and internal cracks are formed in 
the primary silicon particles due to their brittleness 
while micronecks may be formed due to local 
plastic deformation of the parts of the ductile α 
phase between the brittle phases. 
 
3.4 Tribological properties 

The bar charts showing the average friction 
coefficient and wear loss values of the induction- 
and arc-melted 390A alloys are given in Fig. 9. This 
figure shows that arc-melted 390A alloy exhibits 
lower friction coefficient and wear loss values. The 
lower friction coefficients of the alloys produced by 
the arc melting method may be due to the higher 
hardness and strength of these alloys. The decrease 
in friction coefficient with the increase in hardness 
and strength of Al−Si alloys can be explained  
based on the welding bond theory as previously 
suggested in Refs. [14,49]. According to this theory, 

 

 
Fig. 8 SEM micrographs showing longitudinal sections 

below fracture surfaces of tensile test samples:        

(a) Induction-melted alloy; (b) Arc re-melted alloy 

 

 
Fig. 9 Bar charts showing wear volume and friction 

coefficient values of tested alloy samples 

 
the contacting surfaces are initially in contact at 
certain roughness points, and the load is carried by 
surfaces of these contact points. When the surfaces 
come in contact, bonds are formed primarily 
between the oxide layers on the surfaces. 
Accordingly, the load is expressed as 

 
W=APο                                                 (7) 

 
where W is the normal load, A is the real contact 
area, and Po is the strength of the material. After the 
load is applied, due to very high pressures at 
contact points, oxide layers break and metallic 
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contact occurs [24,49]. At the points where metallic 
contact occurs with the effect of high pressure, 
microscopic source bonds are formed in the form of 
molecular bonds. These welding bonds are much 
stronger than the oxide layer and must be broken 
for the relative movement of the contacting surfaces. 
In addition, the plastic deformation that occurs 
when the hard roughs move in the soft surface and 
the resistance that occurs after the interaction of the 
particles formed as a result of this deformation also 
affect the friction force. In this case, the friction 
force (F) can be expressed by the following 
formula: 

 
F=As+Pe                               (8) 

 
where s is the shear force required for breaking 
welding bonds, and Pe is the force required for hard 
roughs to pass through the soft matrix. Pe can be 
neglected because it is much smaller than As. In this 
case, the friction force can be expressed as 

 
F=As=Ws/Pο                            (9) 

 
According to Eq. (9), an increase in the 

material strength causes the friction forces and   
the friction coefficient to decrease [24,49]. Lower 
elongation to the fracture may also have contributed 
to obtaining a lower friction coefficient from the 
alloy sample produced by the arc re-melting. As the 
elongation to fracture (ductility) decreases, less 
plastic flow occurs on the surface of the materials 
and this leads to a decrease in friction forces. The 
reduction in friction force results in a lower 
coefficient of friction. 

The fact that the arc re-melted alloy has lower 
wear loss (higher wear resistance) may be due to 
higher hardness and strength of this alloy. It is well 
known that the wear resistance of materials 
increases with increasing strength and hardness 
values according to adhesive wear law and Archard 
equation [50]. Grain refining caused by the arc 
re-melting in hard and brittle intermetallic phases, 
and especially the primary silicon phase, may have 
contributed to the reduction in the abrasive effect of 
these phases and thus to the reduction in wear loss. 
More homogeneous dispersion of primary silicon 
particles in the microstructure of the alloy as a 
result of arc re-melting may have also contributed 
to the increase in the wear resistance of the alloy. 

Smearing and delamination are observed to be 
the main features of the worn surface of the alloy 
samples in Figs. 10(a) and (b). Fine scratches are 

also observed on the worn surfaces. It is known that 
smeared layers on the worn surfaces of Al−Si alloys 
are formed by the adhesion of the plastically 
deformed surface layer on the sample surface with 
the effect of ball pressure and temperature [14]. The 
formation of smeared layers on the worn surface 
can be considered as a sign of an adhesive wear 
mechanism. It is thought that the delamination 
occurring on the wear surfaces is caused by fracture 
of the smeared brittle layers under the effect of load 
and heat. Fine scratches on the worn surface are 
caused by the scraping effect of hard silicon wear 
particles. The formation of scratches on worn 
surfaces also indicates the presence of an abrasive 
wear mechanism in the tested alloy. 
 

 
Fig. 10 SEM micrographs showing wear surfaces of 

induction-melted (a) and arc re-melted (b) alloy samples 

 
The SEM micrographs showing the wear 

debris collected from the disc surface are given in 
Fig. 11. EDS analysis results showing the chemical 
composition of the surface and wear particles    
of the alloy samples are given in Table 3. SEM 
micrographs show that wear debris of the tested 
alloy samples is a mixture of different size particles. 
It is thought that the size differences in wear 
particles are due to the grinding of these particles 
between disc and ball after leaving the surface. The 
chemical composition of the wear particles is found 
to be more or less the same as that of the smearing 
layer of the wear samples, as shown in Table 3.  
This observation can be an indication that the wear  
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Fig. 11 SEM micrographs showing wear particles of induction-melted (a) and arc re-melted (b) alloy samples 

 

Table 3 EDS analysis results of wear surfaces and wear particles of alloy samples 

Alloy Analyzed part 
Chemical composition/wt.% 

O Si Cu Zn Mg Fe Al 

Induction- 

melted 

Wear surface 

Before test 2.5 20.3 4.3 0.7 0.56 1.3 Bal. 

Smearing layer 36 10.7 3.4 < 1.0 < 0.5 1 Bal. 

Non-smearing layer 20.7 13.7 2.1 < 1.0 < 0.5 1.2 Bal. 

Wear particles  32.6 10.6 10.5 < 1.0 < 0.5 0.7 Bal. 

Arc 

re-melted 

Wear surface 

Before test 2.4 20 3 0.8 0.57 1.3 Bal. 

Smearing layer 19.8 10.1 3.2 1 < 0.5 1 Bal. 

Non-smearing layer 16.5 10.8 4.2 1.1 < 0.5 1 Bal. 

Wear particles  32.8 10.7 3 0.5 < 0.5 0.9 Bal. 

 

particles are formed as a result of breaking the 
smeared layers. It is also observed that the oxygen 
rate on the wear sample surface increases after the 
friction wear test. This can be due to the facilitation 
of oxide formation on the surface with the effect  
of pressure and temperature during the tests. The 
findings are consistent with the studies [51,52] 
regarding the formation and structure of wear 
particles in alloys containing aluminum. 
 

4 Conclusions 
 

(1) The microstructure of the 390A alloy 
consists of α(Al), eutectic Al−Si phase, primary 
silicon particles, θ-CuAl2, β-Al5FeSi, δ-Al4FeSi2 
and α-Al15(FeMnCu)3Si2 phases. 

(2) Re-melting with the arc process of the 
390A alloy causes grain refinement in the phases of 
the microstructure of the 390A alloy. This process 
also results in the number of primary silicon 
particles to increase, their sharp edges or corners to 
be rounded, and more uniform distribution in the 
microstructure of the alloy. 

(3) Re-melting with arc process significantly 

increases the hardness and strength of the 390A 
alloy. 

(4) Re-melting with arc increases the wear 
resistance of the 390A alloy, but decreases its 
friction coefficient. 
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电弧重熔对工业 390A 合金显微组织、 
力学性能和摩擦学性能的影响 
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摘  要：为研究电弧重熔对 390A 合金显微组织、力学性能和摩擦学性能的影响，对采用常规感应熔炼法制备的

390A 合金锭进行电弧重熔。采用光学显微镜和扫描电镜观察合金的显微组织，采用布氏硬度法和拉伸试验测试

合金的力学性能，采用球对盘式摩擦磨损试验机对摩擦学性能进行研究。结果表明，感应熔炼和电弧重熔的 390A

合金中均含有 α(Al)、Al−12Si 共晶相、初生 Si 颗粒、θ-CuAl2、β-Al5FeSi、δ-Al4FeSi2和 α-Al15(FeMnCu)3Si2 相。

电弧重熔使这些相的晶粒细化，α(Al)相与初生硅颗粒分散更加均匀，初生硅颗粒的棱角变圆。与感应熔炼样品相

比，电弧重熔后 390A 合金的硬度由 102 HB 提高到 118 HB，抗拉强度由 130 MPa 提高到 240 MPa。电弧重熔工

艺也使 390A 合金的耐磨性提高，摩擦因数降低。 

关键词：390A 合金；显微组织；力学性能；摩擦学性能；电弧熔炼 
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