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Abstract: The influence of microstructure, heat treatment and alloying addition on mechanical and fracture properties of Ti;Al-based
intermetallic at room and elevated temperatures was studied. Ti3Al-11Nb—1Mo (mole fraction, %) alloy was consolidated via
powder metallurgy processing by mechanical alloying (MA) and hot pressing (HP). MA powders were characterized using XRD and
SEM-EDS. Optimum MA duration was 25 h and HP conditions of 1350 °C, 2 h, 35 MPa. After HP, solution treatment at 1050 °C for
1 h and water quenching a,+f Widmanstitten microstructure is present, while subsequent aging at 800 °C during 24 h induces small
content of O-phase. High fraction of f-phase is a direct consequence of Mo. Compression tests were performed from room
temperature to 750 °C in vacuum. The yield strength of compacts increases with temperature up to 250 °C (pyramidal slip systems
activation), after which it decreases. Ductility increases throughout the whole temperature range. The presence of O phase
contributed to ductility increase in aged alloys, while negligibly lowering yield strength. Registered drop in the yield strength of aged
alloys compared with non-aged ones was mostly influenced by precipitation of a", particles. Mixed fracture modes are operative at

all temperatures.
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1 Introduction

Ordered intermetallic compound Ti;Al [1] (Ni3Sn-
HCP type structure) exhibits low density and good
high-temperature strength and was therefore chosen for
the development of aircraft engine materials. In addition,
its application to nuclear materials has been recently
noticed because the alloy has good devoted temperature
strength, corrosion resistance and low neutron induced
radioactivity compared with those of conventional
nuclear materials like the austenitic stainless steel. This
intermetallic has been proposed as matrix alloy for
intermetallic composites [2,3]. However, low ductility
value at room temperature represents a disadvantage
which decreases all of the mentioned benefits, which is
why the great efforts are made to overcome this specific
problem still causing Ti;Al intermetallic to have very
limited application [4]. Recently, room temperature
ductility and high temperature properties of Ti;Al-based
alloys have been improved by the addition of the g
(BCC)-stabilizing elements such as Nb, Mo, V and

Ta [4-6]. The addition of these elements provides
stability of high-temperature § phase and the existence of
two-phase (a,tf) structure at room temperature. This
contributes to certain increase in ductility at room
temperature as well as at elevated temperatures.
Regarding the mentioned elements, Mo has the highest
stabilizing ability [7]. Aside from providing high strength
at elevated temperatures, this element improves creep
resistance in TizAl intermetallic [8]. On the other hand,
addition of Nb and V leads to occurrence of complex
transformation in Ti—Al system. Namely, while S-phase
with arranged B2 structure is stable in alloys containing
Mo [9,10], in alloys with Nb or V a decomposition to @
and O phases can occur during cooling, as well as during
heating after quenching at medium temperatures (around
500 °C). Formation of these phases is a consequence of
the system’s free energy lowering by diffusion of atoms
and their rearrangement due to B2 instability at these
temperatures. According to other authors [11-13],
ductility of Ti;Al with the addition of f stabilizing
elements does not rise exclusively due to retaining of
p-phase in the structure, but also due to activation of
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additional sliding systems in o, phase. This effect is
particularly prominent with the addition of Nb, which
substitutes Ti atoms in crystal lattice and weakens the
covalent bond between atoms of the same type [14].
Knowledge that the addition of alloying elements from
the transition group improves the properties of TizAl
intermetallic compound represented the turning point in
the following studies on Ti—Al system, which were then
directed towards discovering the chemical composition
that would enable to obtain microstructure with optimum
mechanical and fractographic properties.

Concerning the influence of microstructure, it is
considered that the best combination of strength and
ductility is attained in multi-phase intermetallic alloy
with complex structure comprised of primary «, grains,
fine secondary Widmanstitten a,-phase plates, S-phase
grains and, often, O-phase grains [15]. Formation of this
structure is significantly easier if using powder
metallurgy techniques compared with standard ingot
metallurgy [16,17]. Regardless of this fact, every phase
in synthesis of Ti;Al-based intermetallic by powder
metallurgy requires strict control in order to obtain its
desired characteristics, first of all improved ductility at
room temperature.

Recent investigations of the mechanical properties
of Ti;Al-based intermetallic have focused mainly on the
determination of tensile characteristics. The performance
of these materials under compressive loading has
received only minor attention, in spite of the fact that
these materials have great potential in fields such as
aviation and automotive components (particular motor
parts), where knowledge of the compressive
characteristics is essential.

The aim of this work was to analyze the correlation
between synthesis parameters (mechanical alloying, hot
pressing and thermal processing) and the properties of
final compacts, in order to optimize the microstructure,
compressive and fractographic properties in multi-phase
intermetallic based on Ti;Al.

2 Experimental

TizAl powder with particle size below 125 pm, Nb
powder with particle size below 45 um and Mo powder
with particle size below 45 pum were used as starting
materials. The mixture was homogenized for 1h in
Turbula mixer. The nominal chemical composition of
this mixture is given in Table 1. Homogenized mixture
was mechanically alloyed in Netzsch attritor mill with
ball-to-powder mass ratio of 35:1. Ceramic Y,O; balls
with diameter of 6 mm were used in the mill. Attrition
milling was carried out in protective atmosphere (argon)
for 30 h, with stirring speed of 330 r/min. Mechanically
alloyed powders were characterized by X-ray powder

diffraction (XRD) analysis which was performed using a
Rigaku Ultima IV diffractometer with Cu K, Ni filtered
radiation. Vickers microhardness of mechanically alloyed
powders was determined under the load of 25 g using
MicroMet Vickers microindentation hardness tester
(Buehler, model 5101) (ASTM: E384-11el).

Table 1 Nominal chemical composition of Ti;AI-Nb—Mo
intermetallic powders (mole fraction, %)

Ti Al Nb Mo
66 22 11 1

Mechanically alloyed powders were compacted by
hot-pressing in “ASTRO” furnace under vacuum, at a
pressure of 35 MPa, 1300 and 1350 °C for 1,2 and 3 h to
nearly non-porous homogeneous compacts. Density of
the compacts was determined by Archimedes method in
water (ASTM: B962—13).

Prior to compression tests, compacts were
homogenized by a solution treatment at 1050 °C for 1 h,
followed by water quenching. After homogenization, one
set of samples was aged at 800 °C for 24 h in flowing
argon atmosphere and quenched in water with the aim of
orthorombic ~ O-phase  formation. = Morphological
characteristics of phases in the microstructure of
heat-treated compacts were defined by determining the
relevant stereological parameters. Measurements were
conducted at microscope magnification of 200 and 500x
at 400 measuring areas, depending on the phase share in
the microstructure. Measuring areas were chosen so that
they continue to one another along the same direction, in
multiple zones, in order to investigate the whole surface
of the sample. Calculation of the volume ratio of phases
was done by using Eq. (1):

N
2L

=1L = l;ILT )

where L is linear ratio, L, is the length of phase segment,
N is the number of phase segments, n is the number of
measuring areas, and Lt is the length of measuring line.

Volume ratio of a, phase was measured directly,
while the amount of S phase was obtained as a difference
from 100%.

Compression tests were performed from room
temperature to 750 °C, in vacuum, at a strain rate of
2.4x107° 7', using specimens with dimensions of
4 mm X 4 mm x 8§ mm. The presented values for
measured microhardness, density and compressive
strength, were derived from an average of 10, 3 and 2
indents, respectively.  Uncertainty
determined in accordance with the “Guide to expression
of uncertainty in measurement” (GUM-ENV 13005).

values  were
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Microstructure of powders and compacts was
examined with a JEOL-JSM S5800LV scanning electron
microscope (SEM) at an accelerating voltage of 20 kV,
equipped with an energy dispersive X-ray spectroscope
(EDS). Fracture topography was also examined by SEM.

3 Results and discussion

The choice of alloying elements, as well as
determination of their content in Ti;Al-based inter-
metallic was done on the basis of some studies [9—13].
An alloy of a, type was chosen (Table 1) in which it is
possible to obtain, by appropriate thermomechanical
treatment procedures, numerous different microstructures
which largely determine the mechanical properties.

As can be seen from Fig. 1(a), particles of the
starting Tiz;Al powder had irregular (predominantly) or,
to a lesser extent, nodular shape. Whole amount of
powder had particle size less than 125 pm, but particle

dimensions were characterized by wide distribution.
Mechanically alloyed powders, although having much
narrower particle size distribution, were finer, and their
particles were more nodularly shaped compared with the
starting powder particles (Figs. 1(b)—(¢)).

Figure 1(b) shows that after shorter milling time
(5 h) not all particles have lost their original shape. A
larger number of smaller base powder particles, as well
as niobium and molybdenum, were observed. Only after
15 h, the particles became more uniform and lost their
starting morphology due to cold welding processes
(Fig. 1(c)). With prolonging time to 25 h, physical
mechanisms governing mechanical alloying—fracture,
deformation and cold welding of the particles reach
equilibrium, causing better distribution of the alloying
elements in Ti;Al matrix and more uniform size and
shape of the particles (Fig. 1(d)). Further mechanical
alloying process (30 h) intensifies the formation of
agglomerates from the smallest Al, Nb and Mo particles,

Fig. 1 SEM images of intermetallic compounds powders after different time of milling: (a) Starting Ti;Al powder: (b) 5 h; (c) 15 h;

(d) 25 h; (e) 30 h; (f) EDS analysis of spectrum in Fig. 1(e)
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and also fragmentation of parts from the particles formed
(Fig. 1(e)). Agglomerates could also be observed for
shorter milling time, only in significantly smaller
number.

By analyzing the spread of diffraction lines (caused
by lattice strain, ¢, and the presence of nano-sized
crystallites, D) it is possible to obtain information about
the material microstructure [18]. Diffractograms of the
powders confirm that the mechanical alloying (MA) of
TizAl powders occurred (Fig. 2). Namely, the peaks
corresponding to TizAl, i.e., a, phase, have somewhat
lower intensity in Ti;AlI-Nb—Mo mechanically alloyed
powder. Also, lattice parameters of a, phase, calculated
based on diffractograms, show that the parameters a and
¢ in case of mechanically alloyed powder are larger than
those in pure TizAl (Table 2). These spotted differences
in peak intensities and values of crystal lattice
parameters are a direct consequence of the solution of
alloying elements in the HCP lattice of TizAl. The
presence of alloying elements inside mechanically
alloyed Ti;AlI-Nb—Mo powder particle was confirmed
also by EDS analysis (Fig. 1(f)).

For calculation of dislocation density modified
Williamson—Hall method [19] was used:

Py =—+a(d'Ti ) +0@ ) @

where d'=2sin 6/2; coefficient o is the mean square value
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Fig. 2 XRD patterns of TizAl-based alloy powders

Table 2 Lattice parameters of Ti;Al phase obtained from XRD
patterns of powders

Powder a c c/a
TizAl 0.5776 0.4640 0.8033
Ti;AI-Nb—Mo (MA 5 h) 0.5779 0.4642 0.8032
Ti;AI-Nb—Mo (MA 15h)  0.5801 0.4653 0.8021
Ti;AI-Nb—Mo (MA 25h)  0.5807 0.4656 0.8018

value of coefficient 4 depends on the type of dislocation,
and b is the Burgers vector. Hence, dislocation density (p)
can be determined by applying [20]
NS

p=2 b (3)

Figure 3 shows that longer mechanical alloying time
leads to increased dislocation density in Ti;Al matrix due
to intensified deformation of particles. Optimum milling
time, providing the maximum density of dislocations in
Ti3AI-Nb—Mo alloys, is 25 and 30 h. Dislocations
cumulating around the obstacles caused the formation of
new boundaries and hence decrease of the crystallite size.
Enhancement of microhardness with prolonged
mechanical alloying time (Fig. 3(b)) was anticipated due
to the lower grain size in particles, and also more
uniform distribution of alloying elements in the matrix
structure. The highest microhardness was obtained after
25 and 30 h which is in accordance with dislocation
densities in Fig. 3(a). More uniform powder particles
size distribution along with better distribution of alloying
elements in Ti;Al base also caused lower deviation in
microhardness measurements. Powder chosen for further
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Fig. 3 Dislocation density (a) and microhardness (b) variations
of Ti;AI-Nb—Mo powder particles versus mechanical alloying
time
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work was the one treated in attritor for 25 h, having the
best characteristics concerning the size of alloyed
particles, microhardness and distribution of alloying
elements in the matrix alloy.

Table 3 lists the hot pressing parameters of
Ti;Al-Nb—Mo powder alloyed for 25 h in attritor and
compact densities obtained.

Table 3 Density of Ti;Al-Nb—Mo alloy as function of hot

pressing parameters

Sample Temperature/ Time/ Pressure/ Density/ Open

No. °C h MPa  (grem®) porosity/%
1 1300 1 35 4.20+0.30 6.0
2 1300 2 35 4.28+0.15 4.0
3 1300 3 35 4.30+0.14 3.5
4 1350 1 35 4.38+0.22 2.1
5 1350 2 35 4.45+0.10 1.7
6 1350 3 35 4.45+0.08 1.8

In order to reach high density of compacts based on
TizAl intermetallic compound, pressing should be done
at high temperatures. Depending on the pressure and
time of compaction, hot pressing temperatures of this
material are between 1000 and 1400 °C [21-23]. In our
case, temperatures were high (1300 °C and 1350 °C),
since the applied pressure was relatively low (35 MPa)
because of the graphite mould used. As the powder was
composed of extremely hard particles (Fig. 3(b)), it was
not unexpected that at 1300 °C, even after 3 h, full
density was not achieved. It happened only after
temperature increased by 50 °C during longer time, i.e.,
at 1350 °C deformation of material by heat activated
dislocation movements is enabled so time-dependent
mechanisms of densification-primarily diffusion and
power law creep, were considerable relative to total
densification rate. After hot pressing, samples were
annealed in two-phase (a,1f) area and quenched in water,
so that both phases would be maintained in the structure.
In the present case, volume fractions of phases in the
structure were ¢(02)=21.73% and ¢(5)=78.27%.

The view of etched and unetched surfaces of the
hot-pressed and subsequently annealed compacts is
shown in Fig. 4. In unetched surface (Fig. 4(a)) primary
particle boundaries (PPB) are clearly visible, while
etched surface (Fig. 4(b)) shows maintained completely
transformed Widmanstitten microstructure with fine
lamellae of a, phase appearing in § matrix.

EDS analysis enabled quantitative determination of
the content of elements present in this intermetallic
compound, which is represented in Fig. 5 and Table 4.

It can be seen from Table 4 that the content of
alloying elements at the primary particle boundary was

Fig. 4 SEM images of hot-pressed Ti;Al-Nb—Mo intermetallic
compound: (a) 7=1350 °C, =2 h, p=35 MPa, unetched surface;
(b) T=1350 °C, =3 h, p=35 MPa, surface etched in Kroll
solution, homogenization annealing at 1050 °C for 1 h, water
quenching

Fig. 5 Microstructure and locations for EDS analysis of
elements present in hot pressed and homogenization annealed
TizAl-Nb—Mo intermetallic compound (Spectrum 1—inside of
particle; Spectrum 2—particle boundary)

somewhat higher than that inside the particle, and
regarding the elemental distribution in the present phases,
Fig. 5, Ti is present in all phases, most of Al is
incorporated in Ti;Al compound, i.e., a, phase, while Nb
and Mo were distributed in f matrix. As shown in Fig. 4,
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Table 4 Results of quantitative microchemical analysis of hot-pressed and homogenization annealed Ti;AI-Nb—Mo intermetallic

compound
x(Ti)/% x(AD)/% x(Nb)/% x(Mo)/%
Inside of Particle Inside of Particle Inside of Particle Inside of Particle
particle boundary particle boundary particle boundary particle boundary
70.23 70.82 24.81 19.83 7.26 10.05 0.7 0.9
small pores are present in certain locations in the 1.8
structure, spherically shaped as a consequence of 1.6 _(a) -
vaporization of free Al in the intermetallic compound. ial
Also, in the course of intermetallic synthesis certain loss & ] —
of Nb and Mo occurred, which can be noted by Ej Lidr —
comparing the results shown in Table 1. Unlike free 5 101 ]
aluminium which is lost during hot pressing, Nb and Mo f_:’ 0.8
have lost their starting contents in mechanochemical = 0.6
process, due to retention of the particles of these ;E 04k
elements on the inner steel attritor walls.
The effects of temperature on the yield strength and 0
ductility of Ti;AlI-Nb—Mo intermetallic compound 0 20 250 350 500 750
during compression investigations are shown in Fig. 6. Temperature/°C
Figure 6(a) shows that the yield strength increases 40 (b)
from room temperature up to 250 °C when it reaches its 35+ —
maximum. Further temperature rise causes the decrease 30k
of strength. Anomaly in the yield strength dependence on "
the investigation temperature, reflecting in the QE, 25¢ —
occurrence of maximum around 250°C, is a T 201 ]
consequence of prominent anisotropy of strength, A Isk
ductility and fracture depending on the operative slip
system in this material [24]. Values of resolved shear 101
stress for basal, pyramidal and prism slip systems in HCP 5+
systems are very different, and also their temperature 0

differences vary. Namely, resolved shear stress for
slipping over pyramidal systems increases with
temperature up to the maximum value occurring around
500 °C, while for prism and basal slips, after maintaining
a constant value, it starts to decrease between 700 °C and
800 °C. Although the investigated compounds are
polycrystal aggregates, it is quite possible that it is the
activation of pyramidal slip systems, before others, that
is responsible for the occurrence of maximum yield
strength at the temperature of 250 °C. Ductility values
increase with higher temperature due to softening, which
results in higher share of ductile fracture mechanism
through S-phase (Fig. 7).

TizAI-Nb—Mo compacts, consisting of o, and
retained f-phase, exhibit mixed fracture modes at room
as well as at higher temperatures. The prevailing
mechanism is the ductile fracture. Figure 7(a) (room
temperature) shows transgranular fracture,
ductile with characteristic microvoid coalescence and

mainly

dimples, and faceted shear fracture governed by slip
decohesion. With increasing temperature (Figs. 7(b)—(d)),

20 250 350 500 750
Temperature/°C

Fig. 6 Effect of temperature on yield strength (a) and ductility
(strain to failure) (b) of Ti;Al-Nb—Mo compacts during
compression
contribution of ductile fracture increases, which
corresponds to enhanced ductility at higher temperatures.

Influence of heat treatment, i.e., previous water
quenching from 1050 °C and subsequent aging at 800 °C
during 24 h, on the compressive properties of Ti;Al—-
Nb—Mo compact is given in Fig. 8.

Compressive tests from room temperature up to
500 °C show that in heat-treated compacts yield strength
slightly decreases (Fig. 8(a)), while ductility increases to
a greater extent (Fig. 8(b)). If these results are compared
with corresponding results of the compact not subjected
to aging (Figs. 6(a) and (b)), it follows that in aged
sample yield strength decreases by ~4% but, on the other
hand, ductility is significantly increased by around 12%.
Confirmation of the increase in ductility value can be
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Fig. 8 Dependence of compressive properties of Ti;AlI-Nb—Mo compact on heat treatment: (a) Yield strength; (b) Ductility (strain to

failure)

found in the appearance of fracture surfaces for this
compound. Dimples of ductile fracture are more present
in aged sample than in the non-aged one (Figs. 9(a) and
(b)).

It is assumed that the effects of changed yield
strength as well as relative ductility of the aged sample
are a consequence of the formation of O-phase (with
chemical formula Ti,AINb (Fig. 10(b))) which occurs
during aging inside primary formed a,-phase. Namely,
characteristic of alloys containing over 10% of Nb is the
occurrence of orthorombic O-phase. Formation of this

phase is a consequence of Nb diffusion in the
microstructure of samples based on Ti;Al intermetallic
compound, where the mechanism of formation depends
on the amount of Nb and aging temperature. Due to
excessive amount of Nb, a,-phase lattice can no longer
maintain hexagonal symmetry, so it separates to Nb-rich
and Nb-lean regions. Nb-rich areas with composition
close to Ti,AIND transform to arranged orthorombic O-
phase.

Deformation behavior and fracture of heat-
processed samples can be defined relative to the volume
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Fig. 9 Fracture surface of Ti;AlI-Nb—Mo at room temperature: (a) Homogenization annealing at 1050 °C for 1 h, water quenching;

(b) Homogenization annealing at 1050 °C + aging at 800 °C, 24 h, water quenching

(a)

= — TijAl ()
i «—A-Ti

(b)

= — Ti,Al ()
d O ﬁ'TI
< + —Ti,AINb (O)

25 30 35 40 45 50 55 60 65 70 7525 30 35 40 45 50 55 60 65 70

200(°)

20/°)

Fig. 10 Diffractogram of Ti3;Al-Nb—Mo compact: (a) Before thermal treatment; (b) After thermal treatment: Homogenization

annealing at 1050 °C, 1 h + aging at 800 °C, 24 h, water quenching

fraction of the present a,, f and O phases (Fig. 11, Table
5). Although a detailed study of phase transformations
during heat treatment was not the subject of this work,
we can say that the present a,, f and O phases are in
equilibrium after aging process at 800 °C, which has
been confirmed for alloy with similar composition [25].
It can be observed from Fig. 11, as well as Table 6, that
the content of §§ phase after appropriate heat treatments is
above 75% (volume fraction). The contents of S phase is
a direct consequence of Mo presence in alloy and its
stabilizing effect, which has also been observed by other
authors in the studies of intermetallics having similar
composition [25,26]. Fraction of O phase in the alloy
structure is small and the presence of this phase was
often not possible to detect in the microstructure,
although it was confirmed by XRD analysis (Fig. 10).
Figure 11 was given as specific since the O phase is
visible, as lath O and precipitates of fine acicular lath O
phase between a, phases. The presence of all three
phases, after identical heat treatment in alloy with very
similar composition was registered in other studies [25].
Compared with the samples that were not aged, these

Fig. 11 Microstructure of homogenization-treated and aged
TizAl-Nb—Mo compacts

Table 5 Results of quantitative microchemical analysis of
homogenization-treated and aged Ti;AI-Nb—Mo compacts

X(Ti)% x(AD)/% x(Nb)Y% x(Mo)/%

Spectrum in Fig. 11

1 (a2) 684 245 7.1
2(B) 665 159 167 0.9
3(0) 568 242 190
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Table 6 Volume fraction of phases present in microstructure of
heat-treated Ti;AI-Nb—Mo compacts

Intermetallic compound o(a2)/% o(B)/%
TizAlI-Nb—Mo (1050 °C) 21.73 78.27
Ti3Al-Nb—Mo (1050 °C+800 °C) 24.86 75.14

samples have higher partition of a,-phase in the
microstructure (Table 6), so it can be expected that the
fracture occurs with a,-phase splitting [11]. However, the
formation of O-phase during aging affects the occurrence
of crack and its further growth [11,27]. Although the
deformation is concentrated in a,-phase
mechanism is completely different from the alloys
without O-phase. Namely, in primary a,-phase grains
containing O-phase slip bands are inhomogeneous,
contrary to grains without the O-phase, where slip bands
are parallel to each other, and in which the fractures from
op-phase splitting are clearly visible (Fig. 12(a)).
O-phase prevents the fracture of o,-phase grain by
blocking the dislocation slipping, hence the fracture
rarely occurs on primary o,-phase grains. This, however,
is not the case with secondary a",-phase grains
(Fig. 12(b)), formed during subsequent heating, where
fractures do occur. Growth of the fracture formed in this
way is mostly conducted through pg-phase. Increased
ductility of aged alloys compared with the ones that were
not aged is in accordance with the stated fracture
mechanisms. Slight strength decrease, according to

grains,

Fig. 12 Fracture surfaces of homogenization-treated (a) and
homogenization-treated and aged (b) Ti;AI-Nb—Mo compacts
at 350 °C

Ref. [27], is not the result of O-phase formation but the
formation of secondary a",-phase whose splitting
induces fracture.

Figure 13 shows the yield strength and ductility
during compressive tests for Ti;Al intermetallic obtained
by different technologies [28] and Ti;AI-Nb—Mo
intermetallic obtained in this work by powder metallurgy
techniques after heat treatment.

1.7
(a) 1 Ti;Al casting
B Ti;Al compact
151 B3 Ti,Al-Nb-
Mo compact

Yield strength/GPa

20 250 350 500
Temperature/°C

30

(b) 2 Ti;Al casting
B Ti;Al compact
251 B3 Ti;Al-Nb-Mo compact

Ductility/%

20 250 350 500
Temperature/°C

Fig. 13 Dependence of yield strength (a) and ductility (strain to
failure) (b) on production procedure in different Ti;Al-based
intermetallics (Heat treatment: homogenization annealing at
1050 °C, 1 h, water quenching (Ti;Al); homogenization
annealing at 1050 °C, 1 h, water quenching + aging at 800 °C,
24 h, water quenching (Ti;AI-Nb—Mo))

Figure 13  clearly = demonstrates  superior
compressive properties of multi-phase Ti;AlI-Nb—Mo
intermetallic obtained in this work compared with pure
TizAl intermetallic, at room as well as elevated
temperatures. The values of ductility at room temperature
should be particularly pointed out as they are increased
by 55% in multi-phase intermetallic compared with cast
Ti;Al intermetallic, i.e., by 32% compared with Ti;Al
intermetallic  obtained using powder metallurgy
techniques. Every improvement of the properties of this
intermetallic is highly significant due to its potential
application in novel techniques and further advance of its
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characteristics will be the subject of our future
investigations.

4 Conclusions

1) Mechanical alloying of the starting Ti;Al
powders with Nb and Mo powders was achieved in
attritor for 30 h in argon atmosphere. Mechanically
alloyed Ti;AI-Nb—Mo powders showed the best
distribution of alloying elements in Ti;Al matrix after
25 h of attriting. After mechanochemical process, small
loss has been observed in the content of alloying
elements compared with the starting composition of
powder mixture as a consequence of Nb and Mo particles
retention on the inner attritor walls.

2) Ti;AlI-Nb—Mo full density compacts were
obtained by hot pressing at higher temperatures for
longer time (1350 °C, 2 h) since the pressure applied in
the consolidation process was rather low (35 MPa).

3) A two-phase (aptf) Widmanstitten micro-
structure is present in Ti;Al-Nb—Mo alloys with fine a,
lamellae in the f matrix after hot pressing and solution
treatment at 1050 °C for 2h, followed by water
quenching. High content of S phase after appropriate heat
treatment (78.27%, volume fraction) is a direct
consequence of Mo in the alloy and its stabilizing effect.

4) The yield strength of Ti;AI-Nb—Mo compacts
increases with increasing testing temperature up to a
maximum at 250 °C (as a consequence of pyramidal slip
systems activation), after which a decrease occurs.
Ductility increases throughout the whole temperature
range for this intermetallic.

5) Mixed fracture modes are operative for Ti;Al—
Nb—Mo compacts at room and elevated temperatures,
with the ductile fracture as a dominant mechanism.

6) The presence of small amount of Nb-rich
O-phase, formed by aging at 800 °C during 24 h, which
is in equilibrium with a,+f phases
experimental conditions, contributes to the increased
ductility of aged alloys while only slightly lowers yield
strength compared with non-heat-treated compact. Lower
yield strength is mostly influenced by the formation of
particles of secondary a,-phase, representing weak spots
in the microstructure where microcracks occur.
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B . IR T AEERASRAM T BMASR, $UCEMEG SR TisAl 548 [FL GV 725 Re A 2R
PERIZ M. SRV A SAMA)FIFEHP) 7%, 8Id R G 4 T2 EH] Ti;Al-11Nb—1Mo (BE/R 7341, %) & 4.

fiiH XRD 1 SEM-EDS B RAEHUI & AN A, HUME G A6 I S I 8] 2 25 b, il i e £ 22 1350 °C
2h. 35MPa. GE&&MEHILIELE, 7E 1050 °C FREALIE 1 h, BEfE/KEGIEE, &4FAFE atB Widmanstitten
TAALR, ARG &M )E1E 800 °C FHAk 24 h, WA ET /b O . Mo MBI SH MM ER . £
RN EIRE] 750 °C FE TG F AT RARE, MIREF SR 250 °C B, R4V E RGBS K (M IET
P RIZAT), B, ERMNMEEGHE N R4 rE R K. ERNAEET O MFFEER T ERMERIIE R,
T JeE JIR B 5 P BERACPT A2 o AR EURIN S8 64, I 280G 0 T IR B (W BRAR R B2 o "R T AT HA RSN o FEFTAT IR
v B A VR 5 T VR T A2 A 2
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