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Abstract: Formation and sedimentation of Fe-rich intermetallics were studied in a commercial Al−Si−Cu−Fe alloy with extra 
additions of Mn. It is found that the introduction of extra Mn is an effective approach to lower the Fe level in the equilibrium liquid 
phase after sedimentation of solid Fe-rich phase at a temperature between its liquidus and solidus. The higher Mn/Fe mass ratio 
results in the lower Fe content in the retained alloy, during which Mn is also consumed and settled at the bottom of the melt as solid 
Fe-rich intermetallics. Therefore, the final Fe content in the alloy can be controlled by the Mn content and the holding temperature of 
the melt. The results confirmed a good agreement of the theoretical calculation and the experimental test with a specially designed  
50 mm cylindrical casting. The sedimentation of Fe-rich intermetallics in the Al−Si−Cu−Fe alloy is completed at 600 °C after 10 min. 
The reduction of Fe content in the retained alloy is 31.4% when m(Mn)/m(Fe)=0.5 and 53.3% when m(Mn)/m(Fe)=1.0 in comparison 
with that in the original alloy. The settled Fe-rich intermetallics were identified as α-Al15(Fe,Mn)3Si2, which provided the lower 
balanced Fe concentration in the melt in comparison with other Fe-rich intermetallics. 
Key words: aluminium alloy; solidification; intermetallics; iron removal 
                                                                                                             
 
 
1 Introduction 
 

Aluminium alloys have been extensively used in 
foundry practice for manufacturing structural 
components. They are always regarded as being 
completely recyclable, which represents one of the key 
attributes of this ubiquitous metal with far-reaching 
economic, ecological and social implications [1,2]. 
However, a major concern in recycled aluminium alloys 
is the concentration increase of some elements that have 
been identified to be detrimental on the mechanical 
properties. One of the most significant elements is iron, 
which is easily picked up during casting operation either 
from the high iron-containing scraps/contamination or 
from the steel tools used in production. Because Fe has a 
low solubility in aluminium, it reacts with Al and Si to 
form a variety of intermetallic compounds during 
solidification [3,4]. These brittle Fe-rich intermetallics in 
aluminium alloys can act as the resource of cracks under 
loading and therefore decrease the strength and ductility 
of the final products [5,6]. Therefore, the minimization 
of detrimental effect of Fe-rich intermetallics has been 
one of the active research areas in past several decades, 

in which removal of iron from aluminium melt, dilution 
of the secondary aluminium melt with primary 
aluminium, and applying a classification to scraps prior 
to melting are commonly used as industrial solutions. 

Several techniques of iron removal from aluminium 
melt have been developed in past several decades in 
order to reduce the iron levels in the recycled aluminium 
alloys [7]. However, most of these methods are still in 
laboratory research for fundamental understanding. The 
formation of iron-rich intermetallic phases in aluminium 
melt is a fundamental for iron removal during recycling. 
In the conventional and popular practice, aluminium 
alloys are maintained at a temperature below its liquidus, 
which allows the sedimentation of Fe-rich intermetallics, 
followed by a physical separation of liquid and solid 
phase. Obviously, the sedimentation is controlled by the 
amount of Fe-rich intermetallics formed at the holding 
temperature. It has been confirmed that a variety of 
Fe-rich intermetallic phases can be observed in 
aluminium alloys. In Al−Si−Fe system there are five 
main Fe-rich phases: Al3Fe (or Al13Fe4), α-Al8Fe2Si 
(possibly α-Al12Fe3Si2), β-Al5FeSi, δ-Al4FeSi2 and 
γ-Al3FeSi [8,9]. In hypoeutectic Al−Si alloys containing 
Fe,  Mn and Mg, three Fe-r ich phases named as  
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α-Al15(Fe,Mn)3Si2, β-Al5FeSi and π-Al9FeMg3Si5 
compounds have been identified [10,11]. In the 
commonly used Al−Si−Mg cast alloys, the Fe-rich 
intermetallic is believed as the body centred cubic 
α-Al15(Fe,Mn)3Si2 when Mn/Fe mass ratio is over 0.5 
and β-Al5FeSi phase when Mn/Fe mass ratio is below  
0.5 [12]. The Mn/Fe mass ratio has been identified as 
sludge factor in aluminium alloys [13,14]. The recent 
study has shown that the Fe-rich intermetallics are 
α-AlFeSi and β-AlFe in Al−Mg−Si cast alloy [6]. 
According to the principle of thermodynamics, because 
of the difference between structure and formation 
temperatures for various types of Fe-rich intermetallic 
phases, the balanced Fe concentration in the liquid phase 
should be different. However, it is still not very clear 
how Fe is balanced between the solid intermetallics and 
the liquid phase, although Fe has been commonly 
believed to be precipitated in the sedimentation sludge. 

On the other hand, manganese has been known to 
suppress the formation of long needle-shaped Fe-rich 
phases and to promote the formation of compact Fe-rich 
phases in aluminium alloys [6]. It had been found that 
Mn could enlarge the area of forming α-AlFeMnSi phase 
in the equilibrium phase diagram of an Al−Mg−Si−Mn 
alloy and thus the α-Al12(Fe,Mn)3Si phase could be 
obtained at a higher Fe level by controlling the Mn 
content in the melt. In the meantime, the composition of 
β-AlFe phase was identified as Al13(Fe,Mn)4Si0.25 in the 
same alloy, which was formed at even higher Fe content. 
These results indicated that the addition of Mn could 
alter the solidification path and promote the formation of 
intermediate Fe-rich phase in the melt, which was able to 
reduce the balanced content of iron in the liquid phase. 
This is particularly important if the remained Mn is still 
within the specification requirement after adding extra 
Mn for Fe removal. More importantly, during recycling 
of Al alloys, the Fe level in the retained alloys should be 
controlled at an acceptable level, rather than the lowest 
level because of the economical limitation and the 
requirement for different applications. Therefore, more 
works are necessary to consolidate the fundamental 
understanding of the formation of Fe-rich intermetallics 
in aluminium melt with Mn addition and the 
microstructural characterization of different phases in the 
retained Al alloys and in the sedimentation materials. 
The combination of thermodynamics calculation and 
CALPHAD modelling with the experimental evidence 
for the formation of intermediate phases in aluminium 

alloys will provide fundamental understandings for 
Fe-rich intermetallics in the liquid phase and in the solid 
phase, which is a useful guidance for technological 
development of iron removal. 

The present study aims to investigate the formation 
and sedimentation of Fe-rich intermetallic phases in 
Al−Si−Cu−Fe alloy with increasing Fe content and 
different levels of Mn addition using thermodynamics 
calculation and CALPHAD modelling. The relationship 
between the added Mn and the remained Mn content in 
the alloy after sedimentation of Fe-rich intermetallics 
will be set up for industrial application. The experimental 
determination of Fe content in the retained alloy is 
achieved by analyzing the alloy composition at different 
positions of cylindrical castings under different solidified 
conditions. The discussion is focused on the 
solidification, microstructural evolution and the 
sedimentation process during holding the melt in the 
solid−liquid co-existing state. 
 
2 Experimental 
 

Commercial A380 alloys with the composition of 
Al−8.3%Si−3.46%Cu−1.90%Zn, Al−20%Mn and 
Al−80%Fe master alloys were used to make 
experimental Al−Si−Cu−Fe alloys to simulate the 
recycled materials by adding Fe element and to examine 
the formation of α-AlFeMnSi intermetallics by adding 
different levels of Mn in the melt. 8−10 kg melt was 
prepared in a SiC crucible located in an induction 
furnace. The alloy was melted at 750 °C for 30 min 
before taking sample for composition analysis. A    
d50 mm×60 mm cylindrical sample was made by casting 
the melt directly into a steel mould for the composition 
analysis. The casting was cut across the diameter at   
15 mm from the bottom and ground down to 800 grid 
abrasive grinding paper. The alloy composition was 
obtained by an optical mass spectroscope, in which at 
least four spark analyses were performed and the average 
value was taken as the chemical composition of the alloy. 
Some elements were further confirmed by area energy 
dispersive X-ray (EDX) quantification with scanning 
electron microscope (SEM). The alloy compositions used 
in current research were analyzed as shown in Table 1, in 
which the major difference was the Mn content and the 
other elements were essentially at the same level. 

After composition analysis, the melt was manually 
filled into a d50 mm×2500 mm cylindrical metal mould  

 
Table 1 Alloy compositions with different Mn additions used in experiment (mass fraction, %) 

Alloy Si Fe Mn Cu Zn Others Al 

A 8.3±0.08 1.0±0.05 1.0±0.04 3.5±0.06 1.9±0.1 0.3±0.06 Bal. 

B 8.3±0.08 1.0±0.05 0.5±0.05 3.5±0.06 1.9±0.1 0.5±0.05 Bal.  
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with a wall thickness of 2 mm. The internal surface of 
the mould was coated by BN coating and dried at    
200 °C. The pouring temperature was 650 °C measured 
by a K-type thermocouple. The castings were made by 
two different methods. In the first method, the melt was 
cooled directly and continuously cooled from 650 °C to 
ambient temperature to form castings without 
interruption and extra processing, which was referred as 
conventional castings. By the second method, the melt 
was cooled from 650 to 600 °C and then controlled 
isothermally at 600 °C for different time, followed by 
quenching the alloy with mould into a water tank with 
constant water flowing. This was referred as 
sedimentation castings. 

To test the chemical composition at different 
locations in the castings, each cylindrical casting was cut 
radically into two halves. Then one half was used for 
composition analysis. The longitudinal section was 
ground down to 800 grid abrasive grinding paper before 
analyzing the composition with the same optical mass 
spectroscope as described above. The centre of each 
spark burning mark was taken as the location of analysis 
and the average value of three castings was taken as the 
final composition of each location. 

The specimens for microstructure characterization 
were taken from the same location as for the composition 
analysis. Following a standard procedure of grinding and 
polishing, the specimens were examined by a Zeiss 
optical microscopy with an AxioVision 4.3 Quantimet 
digital image analysis system and a Zeiss SUPRA 35VP 
SEM, equipped with EDX. The quantitative EDX 
analysis in SEM was performed at an accelerating 
voltage of 20 kV on a polished sample, and the libraries 
of standard X-ray profiles for EDX were generated using 
pure elements. In situ spectroscopy calibration was 
performed in each session of the EDX quantification 
using pure copper. To minimize the influence from the 
interaction volume during the EDX quantification, five 
point analyses on selected particles were conducted for 
each phase and the average was taken as the 
measurement. 
 
3 Results 
 
3.1 Thermodynamics calculation of multi-component 

Al−Si−Cu−Fe−Mn system 
In order to understand the effect of alloying 

elements on the solidification and microstructural 
evolution, the multi-component Al−Si−Cu system with 
varied Mn and Fe was thermodynamically calculated 
using Pandat software [15], where the α-AlFeMnSi was 
treated as a stoichiometric phase during the modelling. 
The calculated equilibrium phase diagram on the cross 
sections of Al−8.3Si−3.5Cu−1.9Zn−xMn−yFe is shown 

in Fig. 1. It was seen that the calculated equilibrium 
phase diagram could be divided into several regions with 
different levels of Fe contents. When the Mn addition 
was at 0.5%, the phase formation could be described as 
 
L→α-AlFeMnSi+α-Al+Si+θ-Al2Cu, w(Fe)<1.35% 
 
L→α-AlFeMnSi+β-AlFeSi+ 

α-Al+Si+θ-Al2Cu, w(Fe)>1.35% 
 

In both situations, α-AlFeMnSi phase was the prior 
phase, although the subsequent solidification would form 
different types of phases. When the Mn content was 
increased to a higher level of 1.0%, the solidification 
process could be described as 
 
L→α-AlFeMnSi+α-Al+Si+θ-Al2Cu, w(Fe)<2.0% 
 
L→α-AlFeMnSi+β-AlFeSi+α-Al+Si+θ-Al2Cu, 

w(Fe)>2.0% 
 

It was seen that the prior α-AlFeMnSi phase 
showed no change, but the formation range was enlarged 
to 2.0% Fe, representing an increase of 65%. This was 
further confirmed by the increase of Mn content to 2.0% 
Mn, the solidification could be also divided into two 
areas and could be described as  
L→α-AlFeMnSi+α-Al+Si+θ-AlCu, w(Fe)<3.2%  
L→α-AlFeMnSi+β-AlFeSi+α-Al+Si+θ-AlCu, 

 w(Fe)>3.2%  
It should be noted that the formation of β-AlFeSi 

phase in the as-cast microstructure was also significantly 
affected by the Mn content in the alloy, which started 
from 1.35% Fe when Mn content was 0.5%, and from 
2.0% Fe when Mn content was 1.0% in the experimental 
alloys. 

 

 
Fig. 1 Equilibrium phase diagram of Al−8.3%Si−3.5%Cu− 
1.9%Zn alloy with different Fe and Mn contents 

 
According to the equilibrium phase diagram as 

shown in Fig. 1, Mn increased the area of forming 
α-AlFeMnSi intermetallic compound in the alloy. With 
three levels of Mn contents of 0.5%, 1.0% and 2.0%, it 
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was seen that the liquidus line of α-AlFeMnSi formation 
was moved to higher temperatures for the increased Mn 
content in the alloy. This confirmed that the addition of 
Mn increased the liquidus temperature of alloys. It was 
also seen that the Fe content to form β-AlFeSi phase was 
also raised to higher values with the increase of Mn 
content in the alloy. In other words, with the increase of 
Mn content in the alloy, the α-AlFeMnSi phase was 
formed as prior phase at a lower level of Fe content in 
the alloy. Therefore, the processing window to form the 
α-AlFeMnSi phase was significantly enlarged with the 
increase of Mn content in the alloy. In the meantime, it 
was seen that the addition of Mn reduced the equilibrium 
concentration of Fe in the liquid aluminium melt. This 
was important as it indicated that Fe content in the melt 
could be controlled through the addition of Mn into the 
alloy, which provided the fundamentals for the iron 
removal in aluminium alloys. 

The variation of Fe, Mn and Si contents during 
solidification could be understood more clearly by 
calculating the equilibrium concentration in the liquid 
with different Mn/Fe mass ratios. The results are shown 
in Fig. 2, where the calculated equilibrium 
concentrations of Si were located at the upper left corner 
 

 
Fig. 2 Equilibrium concentration of Fe, Mn and Si in liquid 
phase of alloy A during solidification, calculated from 
equilibrium phase diagram: (a) m(Mn)/m(Fe)=0.5; (b) 
m(Mn)/m(Fe)=1.0 

as inserts. It was seen that the balanced concentrations of 
Fe and Mn in the liquid phase were significantly reduced 
with the decrease of the temperature in the interval of 
liquidus and solidus. When m(Mn)/m(Fe)=0.5 in     
Fig. 2(a), the equilibrium concentration of Fe was 
decreased from 1.05% to 0.72% at 600 °C in the liquid 
phase. In the same time, the initial content of 0.5% Mn at 
650 °C was decreased to 0.2% Mn at 600 °C in the liquid 
phase, showing a significant reduction. However, the 
content of Si only showed a slight reduction from 8.34% 
to 8.26% at 600 °C in the liquid phase. The results 
confirmed that Mn and Fe contents could be significant 
altered while the Si content kept constant in the alloy. 
The similar situation could also be observed when 
m(Mn)/m(Fe) was set at 1.0. The equilibrium Fe content 
was decreased from initial 1.05% at 650 °C to 0.49% at 
600 °C. The equilibrium Mn content was decreased from 
1.02% at liquidus temperature to 0.27% at 600 °C. 
Similarly, the Si content did not show significant change 
in the same temperature variation. It was 8.34% at 
liquidus temperature and 8.22% at 600 °C. From these 
calculations, it was confirmed that Si content had no 
obvious variation with different levels of Mn in the alloy. 
However, the increase of m(Mn)/m(Fe) ratio resulted in a 
significant decrease of Fe content in the liquid phase of 
alloy when it was maintained at a temperature between 
the liquidus and the solidus. Therefore, Fe content in the 
liquid could be controlled by adjusting the m(Mn)/m(Fe) 
ratio and temperature in practical operation. 
 
3.2 Composition variation in Al−Si−Cu−Fe alloy 

during processing 
Figures 3(a)−(c) respectively showed the content 

changes of Fe, Mn and Si on a longitudinal section of  
continuously cooling from 650 °C to room temperature 
in alloy A with m(Mn)/m(Fe)=1.0. It was seen that 
although the contents of these elements presented a very 
slight increase from the top to the bottom of the casting, 
their content is close basically to the original content, 
indicating a basic uniform distribution of solute elements 
across the longitudinal section on the cylindrical casting 
when alloy A was directly cooled from a temperature 
above the liquidus to the ambient temperature. It was 
also confirmed that there was no obvious sedimentation 
for the Fe-rich intermetallics in the conventional casting 
under normally solidified condition. However, if the 
alloy was maintained at a temperature between the 
liquidus and the solidus, the prior phase α-AlFeMnSi 
was formed and then settled at the bottom of the liquid 
because of the density difference between the solid 
α-AlFeMnSi phase and the liquid aluminium phase. 
Figure 4 showed the contents of Fe, Mn and Si along a 
longitudinal section of the sedimentation casting for  
alloy A, which was maintained at 600 °C for different  
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Fig. 3 Contents of Fe (a), Mn (b) and Si (c) along radial cross section of d50 mm × 250 mm casting made by continuously cooling of 
alloy A from 650 °C to room temperature (conventional solidification) 
 

 

Fig. 4 Contents of Fe, Mn and Si along radial cross section of d50 mm × 250 mm casting made by alloy A continuously cooled from 
650 °C to 600 °C and isothermally maintained at 600 °C for different time, followed by water quenching of alloy with mould at 3, 7, 
10 and 15 min 
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time. With the prolonged holding at 600 °C, the Fe-rich 
intermetallics were gradually settled at the bottom of the 
cylindrical casting. After 10 min, solid Fe-rich 
intermetallics were almost settled at the bottom of the 
casting. The iron content in the liquid at the top of the 
cylinder casting was obviously much lower than the 
initial content. With the further increase of holding time, 
the depth of the low Fe and Mn layer was increased. It 
was seen that a clear and steep line exists near the bottom 
of the casting to show the difference of the contents of Fe 
and Mn. In comparison with the results shown in Fig. 3, 
it was clear that the contents of Fe and Mn in the liquid 
phase were consistently close to the equilibrium values 
shown in the phase diagram. The detail variations 
between the experimental results and the calculated 
equilibrium values were summarized in Table 2. In 
addition, the similar experiments were also performed 
for alloy B with m(Mn)/m(Fe)=0.5. As seen from   
Table 2, it presented a clear consistency between 
experimental and calculated values no matter which one 
alloy was analyzed. On the other hand, the Si content 
showed no obvious difference with prolonged holding at 
600 °C, although it was measured the clear difference of 
the Si content in the solid α-AlFeMnSi phase and in the 
balanced aluminium liquid phase. For m(Mn)/m(Fe)=1.0 
alloy, after 10 min sedimentation, the Si content was 
8.27% at the top of the cylindrical casting, which was 
recognized as retained alloy, and 8.58% at the bottom of 
the cylindrical casting, which is recognized as 
sedimentation alloy. It was seen that the difference for Si 
content was not significant, only reduced from 8.34% to 
8.27%. This was actually within the error tolerance of 
measuring equipment. 
 
Table 2 Contents of Fe, Mn and Si in melt obtained by 
CALPHAD calculation and experiment 
m(Mn)/
m(Fe) 

Process 
w(Fe)/ 

% 
w(Mn)/

% 
w(Si)/

% 
Calculated from equilibrium 

phase diagram at 600 °C 
0.72 0.20 8.26

0.5 
Measured from casting 

quenched at 600 °C after 
isothermal maintaining 

for 15 min 

0.76 0.23 8.30

Calculated from equilibrium 
phase diagram at 600 °C 

0.49 0.27 8.22

1.0 
Measured from casting 

quenched at 600 °C after 
isothermal maintaining 

for 15 min 

0.51 0.32 8.27

     
 

From the results in Figs. 3 and 4, it was clear that 
the amount of the settled Fe-rich intermetallics was 
inversely proportional to the Fe content in the liquid. In 

other words, in order to obtain lower content in the  
liquid, more Fe should be settled at the bottom of the 
casting, which was essentially controlled by the initial Fe 
content and m(Mn)/m(Fe) ratio with holding temperature 
in solid−liquid co-existing region. As a result, the Fe-rich 
intermetallics solidified in the liquid phase and settled to 
the bottom of the cylinder casting would generate two 
types of materials. This was practically important as the 
top part could be harvested as recycled alloy for common 
engineering application, and the bottom part could be 
taken as special materials for different purposes. Clearly, 
two types of materials would show different 
characteristics of microstructure. 
 
3.3 Microstructure of Al−Si−Cu−Fe alloy before and 

after sedimentation 
Alloy A with m(Mn)/m(Fe)=1.0 was used to observe 

the microstructures before and after sedimentation. 
Figure 5 shows the optical micrograph of alloy A 
obtained in a d50 mm cylindrical casting continuously 
solidified from 650 °C. The primary α(Al) dendrites and 
interdendritic eutectic phases were observed in 
association with the presence of Fe-rich compounds 
showing dendritic morphology with different sizes from 
10 µm to over 80 µm in Fig. 5(a). Three eutectic 
constituents were primarily observed in the interdendritic 
region, in which A showed Fe-rich compounds, B 
marked Si and C marked Al2Cu phase in Fig. 5(b). 
Moreover, coarse irregularly-shaped intermediate phase 
was presented in Fig. 5(c). It was noted that Al2Cu 
intermetallics were always associated with Fe-rich 
intermetallics. The EDX analysis confirmed that the 
Fe-rich intermetallics showed a typical constituent of 
Al15(Fe,Mn)3Si2, as shown in Table 3 marked as original 
alloy. 

In order to examine the microstructure of the 
casting after sedimentation, two samples were taken 
from the casting solidified at 600 °C after holding for  
15 min for alloy A. One was taken at 4 mm from the top 
and the other was taken at 2 mm from the bottom of the 
casting on the longitudinal surface. The results were 
shown in Fig. 6. The microstructure of the retained alloy 
in Fig. 6(a) showed a much less Fe-rich phase in the 
matrix in comparison with that in the original alloy 
shown in Fig. 5(a). The presence of dendritic primary 
α(Al) phase was predominant in the matrix and only a 
few intermetallics were observed in the interdendritic 
area associated with eutectic constituent, which was 
similar to the phenomenon observed in the original alloy. 
However, coarse lamella-shaped precipitates of the 
intermediate phases in Fig. 5 were not observed in the 
sample after sedimentation in Fig. 6(a). The EDX 
analysis confirmed that the Fe-rich intermetallics   
were the same compound with a typical constituent of  
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Fig. 5 Optical micrographs (a, b) and backscattered SEM micrograph (c) showing typical microstructure of d50 mm × 2500 mm 
casting made by alloy A 
 
Table 3 Compositions of Fe-rich compounds identified by SEM-EDX for different samples 

x/% 
Sample Identified compound 

Al Fe Mn Si Cu 
Original alloy Al13(Fe,Mn)3Si2 72.02 7.58 9.51 10.89 − 
Retained alloy Al13(Fe,Mn)3Si2 Cu0.6 70.41 10.29 5.52 10.75 3.13 
Settled material Al13(Fe,Mn)3Si2 72.43 8.46 8.50 10.61 − 

 

 
Fig. 6 Microstructures of retained alloy (a, b) and settled materials (c, d) obtained from d50 mm×2500 mm casting solidified after 
isothermal maintaining at 600 °C for 15 min 
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Al15(Fe,Mn)3Si2 as shown in Table 3 marked as the 
retained alloy. The EDX spectrum also showed the 
presence of Al2Cu phase in the interdendritic area, which 
was marked by the arrow in Fig. 6(b). On the other hand, 
the sedimentation material showed the significant 
enrichment of Fe-rich intermetallic phase, as shown in 
Fig. 6(c). The Fe-rich intermetallics in the sedimentation 
sample showed coarse dendritic morphology with 
obvious faceted characteristics at a size about 0.5 mm. 
The largest ones were several millimetres. These kinds of 
intermetallics were frequently observed in the 
microstructure in all samples after sedimentation. The 
EDX analysis confirmed that the Fe-rich intermetallics 
had the same compound with a typical constituent of 
Al15(Fe,Mn)3Si2 as shown in Table 3 marked as the 
sedimentation material. In order to find out the element 
distribution in the Fe-rich intermetallics, a detailed 
SEM-EDX mapping was carried out for the Fe-rich 
intermetallics at the bottom of the cylindrical casting and 
the results were shown in Fig. 7. The mapped Fe-rich 
intermetallics phase was presented in Fig. 7(a), showing 
that the coarse dendrite was about 600 µm. The mapping 

images in Figs. 7(b)−(e) showed the contents of Al, Si, 
Mn and Fe in the intermetallics, respectively. Significant 
enrichment of Fe and Mn in the intermetallics was seen, 
but the enrichment of Si was not obvious. This was 
consistent with the results from the thermodynamics 
analysis and the composition analysis. It should be 
emphasized that the quantitative EDX results confirmed 
the existence of the same compound close to the 
stoichiometry of Al15(Fe,Mn)3Si2 phase in the alloy 
before and after sedimentation. This confirmed that the 
constituent of the Fe-rich compounds was not changed in 
the sedimentation process. 
 
4 Discussion 
 
4.1 Solidification process and sedimentation of 

Fe-rich intermetallics 
According to the thermodynamics calculation and 

the experimental results, two essential conditions to 
generate sedimentation of Fe-rich intermetallics are that 
the prior phase is Fe-rich intermetallics and the holding 
temperature is below the liquidus but above the solidus.  

 

  
Fig. 7 SEM-EDX mapping for Fe-rich intermetallics obtained at bottom of d50 mm × 2500 mm cylindrical casting made by alloy A 
after isothermal maintaining at 600 °C for 15 min: (a) SEM image; (b) Al mapping; (c) Si mapping; (d) Mn mapping; (e) Fe mapping 
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If the holding temperature is higher than the liquidus, 
there is no solid Fe-rich intermediate phase to be formed. 
Similarly, if the prior phase is not Fe-rich intermetallics, 
the solid phase may be the mixture of different phases at 
the temperature below the liquidus but above the solidus. 
As it is known, the solubility of iron in liquid aluminium 
is 1.7% at eutectic temperature of 655 °C (even higher 
solubility at increased temperature), but it reduces to 
0.05% in solid aluminium [5]. Therefore, most of the 
Fe-rich intermetallics are capable of precipitating during 
solidification. The addition of Mn into the melt plays an 
important role in guaranteeing the formation of 
α-AlFeMnSi as prior phase during solidification and 
minimising the balanced content of Fe in the retained 
melt. Therefore, the amount of Mn addition can be 
adjusted according to the requirement of Fe content in 
the retained melt and the initial content of Fe in the alloy. 
In the experimental Al−Si−Cu−Zn−Mn−Fe system, the 
addition of Mn can lower the balanced content of Fe 
after the precipitation of Al15(Fe,Mn)3Si2 intermediate 
phase. During solidification, the growth of 
Al15(Fe,Mn)3Si2 is controlled by diffusion, which is a 
function of the holding time. It is generally believed that 
the increased size of the intermetallics will also promote 
the sedimentation because of the increased mass. 
Meanwhile, it should be noted that the reduction of the 
holding temperature can also increase the amount of 
intermetallics precipitation, which not only reduces the 
balanced content of Fe in the melt, but also increases the 
sedimentation efficiency. Consequently, lower iron 
content can be achieved in the retained alloys. 

In the experimental alloy, lots of Al15(Fe,Mn)3Si2 
intermetallics as primary phases have consumed other 
elements in the pre-defined stoichiometric proportion. 
Therefore, one expected that the reduction of Fe content 
is associated with that of Mn simultaneously. Therefore, 
the addition of elements in the initial alloy should be 
properly controlled by considering the composition of 
alloy to satisfy the specification requirement. It is ideal 
that the additions of different elements can be consumed 
during the precipitation of Al15(Fe,Mn)3Si2 phase. After 
the processing for Fe removal, the alloy composition is 
still within the specification requirement. It is also 
important to note that the sedimentation of Fe-rich 
intermetallics is not associated to Cu and Zn. Therefore, 
Cu and Zn contents are not changed during 
sedimentation of Fe-rich intermetallics. 
 
4.2 Sedimentation process 

The sedimentation of solid particles in a liquid is 
caused by the variation of density. This can be calculated 
with physical fundamentals. The buoyant force (Fb) on 
the particle can be defined as 

ρ
ρρ
′

=′=
gmgVFb                             (1) 

 
where m is the mass of particle, ρ is the density of liquid, 
V' is the volume of particle, ρ' is the density of solid 
particle, and g is the gravitational acceleration as a 
constant. The gravitational or external force Fg is defined 
as 
 
Fg=mg                                      (2) 
 

The drag force FD or frictional resistance on the 
moving body can be defined as 
 

AvCF ρ
2

2

DD =                               (3) 
 
where v is the velocity of falling, CD is the drag 
coefficient, and A is the area. 

The resultant force on the falling body is 
 

Dbgd
d FFF

t
vm −−=                           (4) 

 
Therefore, 

 

AvCgmmg
t
vm ρ

ρ
ρ

2d
d 2

D−
′

−=                    (5) 
 

The falling of the body consists of two periods: the 
period of accelerated fall and constant-velocity fall. The 
acceleration period is usually very short. Hence, the 
period of constant-velocity fall is the important one, in 
which dv/dt=0. Therefore, the falling speed vt can be 
described as 
 

ρρ
ρρ

D
t

)(2
CA

mgv
′

−′
=                            (6) 

 
Assuming the particles are in spherical shape, 

m=πD′3ρ′/6, A=πD′2/4, where D' is the size of particles, 
therefore, 
 

ρ
ρρ

D
t 3

)(4
C

Dgv −′′
=                           (7) 

 
The drag coefficient for rigid spheres has been 

shown to be a function of the Reynolds number. In the 
laminar-flow region, the drag coefficient is defined as 
[16] 
 

μρ /
24

D vD
C

′
=                                (8) 

 
Therefore, 

 

μ
ρρ

18
)(2

t
−′′

=
Dgv                             (9) 

 
Equation (9) can be used to calculate the falling 

speed of Fe-rich particles. The data for the calculation of 
falling speed are presented in Table 4 [17−19]. The 



Wen-chao YANG, et al/Trans. Nonferrous Met. Soc. China 25(2015) 1704−1714 

 

1713

calculated results indicate that the falling speed is  
0.031 mm/s for a 10 μm spherical particle and is    
1.99 mm/s for a 80 μm spherical particle, indicating a 64 
times difference when these particles fall a same height. 
For the experimental condition, a 10 μm particle formed 
at the top of the melt in a 250 mm long tube can be 
theoretically settled to the bottom in 8065 s, but the settle 
time is only 125.57 s for a 80 μm particle formed at the 
same location. However, the experiments showed that 
the sedimentation time of Fe-rich particles was between 
600 and 900 s. This may be because the shape of the 
solid Fe-rich intermetallics is not in spherical and the 
entrapped liquid in the dendrite arms will affect the 
sedimentation process. On the other hand, the solid 
Fe-rich intermetallics have a wide range of sizes, which 
spread from few micrometres to several millimetres. And 
the location to form solid Fe-rich intermetallics is also 
varied to the maximum falling distance of 250 mm. 
Therefore, the sedimentation time will be different. In 
addition, it is also obvious that the sedimentation is 
actually determined by the size, density of solid particles, 
and the density and viscosity of melt. The larger particles 
with higher density will promote higher falling rate. 
 
Table 4 Relevant parameters used for calculation of sediment 
rate of Al15(Fe,Mn)3Si2 intermetallics in aluminium melt 

Parameter Value Ref.

Density of liquid aluminium at 660 °C, 
ρ/(g·cm−3) 

2.4 [17]

Viscosity of pure aluminium at 660 °C, 
μ/(10−3 N·s·m−2) 

1.4 [18]

Density of solid AlFeMnSi, 
ρ'/(g·cm−3) 

3.2 [19]

 
5 Conclusions 
 

1) The introduction of Mn into an aluminium alloy 
containing high contents of Fe and Si is an effective 
approach to lower the Fe level in the equilibrium liquid 
phase after sedimentation at a temperature interval 
between its liquidus and solidus. The higher Mn/Fe mass 
ratio results in the lower Fe content in the retained alloy, 
during which manganese is also consumed and settled at 
the bottom of the melt as solid Fe-rich intermetallics. 
Therefore, the final Fe content can be controlled by the 
variation of manganese content and holding temperature 
of the melt. 

2) The sedimentation of Fe-rich intermetallics in the 
Al−Si−Cu−Fe alloy can be achieved within a relatively 
short period of time. The most of Fe-rich intermetallics 
can be settled at 600 °C after 10 min. The reduction of Fe 
content in the retained alloy is 31.4% when 
m(Mn)/m(Fe)=0.5 and 53.3% when m(Mn)/m(Fe)=1.0 in 
the original alloy. 

3) The settled Fe-rich intermediate phase should be 
controlled as α-AlFeMnSi phase, typically 
Al15(Fe,Mn)3Si2 in the Al−Si−Cu−Fe alloy, which 
provides the lower balanced Fe content in the melt in 
comparison with other Fe-rich intermetallics. 
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Al−Si−Cu−Fe 合金中富铁金属间化合物的形成和析出 
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摘  要：研究锰添加对工业用 Al−Si−Cu−Fe 合金中富铁金属间化合物形成和析出的影响。发现在液固相温度之间

经过固态富铁相的析出后，锰的加入是一种有效降低平衡液相中铁含量的方法。高的 m(Mn)/m(Fe)质量比会降低

实验合金中的铁含量，在此过程中锰被消耗，并且作为固态富铁金属间化合物沉积在熔体金属的底部。因此，合

金中的最终 Fe 含量可以用锰含量和保温温度来控制。这些结果验证了专门设计的 50 mm 圆柱铸件的理论计算和

实验测试的一致性。在 600 °C 时，Al−Si−Cu−Fe 合金中的富铁金属间化合物 10 min 后全部析出。与原始合金相

比，当 m(Mn)/m(Fe)质量比为 0.5 和 1.0 时，基体中的铁含量分别降低 31.4%和 53.5%。富铁金属间化合物为

α-Al15(Fe,Mn)3Si2, 与其他富铁金属间化合物相比，这种相可以提供较低的平衡铁浓度。 

关键词：铝合金；凝固；金属间化合物；除铁 
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