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Abstract: A thermodynamic assessment of the Al−Fe−Mn−Si quaternary system and its subsystems was performed by the Calphad 
method. First, the Al−Fe−Si ternary description was deeply revised by considering the most recent experimental investigations and 
employing new models to ternary compounds. Significant improvements were made on the calculated liquidus projection over the 
entire compositional range, especially in the Al-rich corner. The Al−Mn−Si system was refined in the Al-rich region by adopting new 
models for the two ternary compounds, α-AlMnSi and β-AlMnSi. The extended solubility of the α-AlMnSi phase into the 
Al−Fe−Mn−Si quaternary system was modeled to reproduce the phase equilibria in the Al-rich region. Special cares were taken in 
order to prevent α-AlMnSi from becoming stable in the Al−Fe−Si ternary system. The obtained thermodynamic descriptions were 
then implemented into the TCAL database, and extensively validated with phase equilibrium calculations and solidification 
simulations against experimental data/information from commercial aluminum alloys. The updated TCAL database can reliably 
predict the phase formation in Al−Fe−Si- and Al−Fe−Mn−Si-based aluminum alloys. 
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1 Introduction 
 

The Al−Fe−Mn−Si quaternary system and its 
subsystems are of great importance to aluminum alloys 
since Fe, Mn and Si are the most common additives 
and/or impurities in aluminum alloys. These alloying 
elements have a fundamental influence on the phase 
formation and thus the mechanical properties of 
aluminum alloys. The addition of these elements in 
aluminum alloys may form the following binary and 
ternary compounds, Al6Mn, Al13Fe4, α-AlFeSi (τ5, 
Al8Fe2Si), β-AlFeSi (τ6, Al9Fe2Si2 or Al5FeSi) and 
α-AlMnSi (τ9). Most ternary compounds are labeled as  
τ together with a sequence number, such as τ1, τ2, τ3. 
throughout the manuscript. The four compounds, τ5- 
AlFeSi, τ6-AlFeSi, τ9-AlMnSi and τ8-AlMnSi, however, 
are denoted with their conventional names, respectively, 
α-AlFeSi, β-AlFeSi, α-AlMnSi and β-AlMnSi. Al6Mn 
may dissolve a noticeable amount of Fe and Al13Fe4 can 
contain a considerable amount of Mn. The α-AlMnSi 
phase exhibits an extended solid solution into the 

quaternary Al−Fe−Mn−Si system and approaching the 
ternary Al−Fe−Si edge. 

A thermodynamic assessment of the Al−Fe−Mn−Si 
quaternary system has not been available in literature 
until the recent work by LACAZE et al [1]. Their work 
has been conducted based on the COST507 database [2], 
in which thermodynamic modeling has been performed 
for the ternary subsystems, Al−Fe−Si, Al−Mn−Si and 
Al−Fe−Mn. As part of the assessment, the Al−Fe−Si 
ternary description has first been refined by the same 
group of investigators [3] by altering the thermodynamic 
descriptions of the Al−Fe−Si phases, α, β, τ2(γ) and  
τ4(δ). In the quaternary system, the solubilities of the 
α-AlMnSi and β-AlMnSi (τ8) phases have been 
considered. Recalculations in the present work using the 
COST507 database with the published parameters [1,3] 
incorporated, however, revealed fatal problems. 
Errors/typos exist in the parameters for β-AlMnSi since 
the published phase diagrams cannot be reproduced and 
this phase becomes obviously too stable. Although the 
phase equilibria associated with α-AlMnSi in the Al−Fe− 
Mn−Si quaternary system can generally be reproduced  
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after the β-AlMnSi phase has been suspended, the 
α-AlMnSi phase becomes stable in the Al−Fe−Si ternary 
system. The Al−Fe−Si ternary description in Ref. [3] 
appears reasonable while the Al−Fe−Mn−Si quaternary 
description in Ref. [1] is unacceptable. 

Calphad is an important branch of computational 
material science [4,5]. Thermodynamic simulation of 
phase formation and calculated phase diagrams, as well 
as kinetic simulation of diffusion-controlled phase 
transformations and multi-particle precipitation, has been 
successfully used as an effective tool in alloy design and 
process optimization of aluminum alloys. The reliability 
of the predictions depends strongly on the quality of the 
thermodynamic and atomic mobility databases that are 
used. A thermodynamic database for multi-component 
aluminum-based alloy, TCAL (recently released version 
2.0), and a kinetic database containing mobility data for 
the liquid and FCC phases in Al-based alloys, MOBAL 
(recently released version 2.0), have been developed by 
Thermo-Calc Software AB [6]. The present work is to 
develop a reliable thermodynamic description for the 
Al−Fe−Mn−Si quaternary system, including its 
subsystems Al−Fe−Si and Al−Mn−Si. This work is under 
a long-term internal project at Thermo-Calc Software  
AB, which aims at a continuous development of the 
TCAL database. 
 
2 Refinement of Al−Fe−Si description 
 

Thermodynamic assessments have been performed 
for the Al−Fe−Si ternary system several times. The most 
recent assessment over the whole composition range 
have been done by DU et al [7]. The two Al-rich ternary 
phases, α-AlFeSi and β-AlFeSi, were treated as 
stoichiometric compounds and their homogeneity ranges 
were assessed to be Al68−72Fe18−19.5Si10−12.5 and 
Al64.5−67.5Fe15.5−16.5Si17−19, respectively [8]. The 
homogeneity ranges are small but should be considered, 
since the phase equilibria involving the two phases are 
critically important aluminum alloys. Moreover, the 
liquidus surface needs to be improved in order to  
account for the phase formation during the solidification 
of aluminum alloys. Additionally, some discrepancies 
with experimental data in Al-rich corner have been 
identified. As aforementioned, ELENO et al [3] recently 
reassessed the Al-rich phase equilibria of the Al−Fe−Si 
system and refined the descriptions of α-AlFeSi, 
β-AlFeSi, τ2-AlFeSi and τ4-AlFeSi within the COST507 
database. However, the Al−Fe−Si description in the 
COST507 database is relatively outdated compared with 
that of DU et al [7]. The present work thus chose to 

perform a further thermodynamic reassessment of the 
Al−Fe−Si system over the entire compositional range 
based on the work of DU et al [7], which has been 
accepted in the TCAL2.0 database, but the models for 
α-AlFeSi, β-AlFeSi, τ2-AlFeSi and τ4-AlFeSi were 
accepted from ELENO et al [3]. For α-AlFeSi and 
β-AlFeSi, the models were changed in order to consider 
the substitution between Fe and Si. As for τ2-AlFeSi and 
τ4-AlFeSi, the models proposed by DU et al [7] are more 
reasonable in the crystallographic point of view, but 
those by ELENO et al [3] facilitate the modeling of the 
homogeneities of these phases. Additionally, the model 
for τ3-AlFeSi was slightly modified from Al55Fe25Si20 to 
Al0.56Fe0.24Si0.20, not only to better account for its 
homogeneity (Al53−56Fe23.5−24.5Si20.5−22.5) experimentally 
determined by KRENDELSBERGER et al [8] but also to 
overcome the difficulty in positioning the liquidus 
surface of τ11-AlFeSi (Al0.60Fe0.25Si0.15) relative to 
τ3-AlFeSi. The model for τ11-AlFeSi was modified from 
Al85Fe30Si15 to Al0.65Fe0.25Si0.10 simply because the latter 
model explicitly reflects its composition. 

MARKER et al [9] have most recently studied the 
phase equilibria of the Al−Fe−Si system by means of 
X-ray diffraction (XRD), optical microscopy (OM), 
scanning electron microscopy (SEM), electron probe 
microanalysis (EPMA) and differential thermal analysis 
(DTA). The isothermal sections at 800 °C in the Al-rich 
corner and at 900 °C in the Fe-rich part, and six vertical 
sections at 27%, 35%, 40%, 50% and 60% Fe and 5% Al 
were consequently constructed. The high-temperature 
modification of FeSi2 (ht) phase was reported to have a 
solubility of Al up to 8.5% and was stabilized by the Al 
addition down to much lower temperatures in the ternary 
system. The low-temperature modification of FeSi2 (rt), 
however, has a limited solubility of Al. As demonstrated 
by MARKER et al [9], the newly measured vertical 
sections cannot be accounted for using the description by 
DU et al [7] and significant deviations were observed. 
Additionally, MARKER et al [9] observed a new ternary 
compound τ12-Fe36Al48Si16 at both 800 °C and 900 °C 
and further experiments suggested that τ12 forms only via 
solid-state reactions. 

In the present thermodynamic optimization, the 
experimental data that were utilized in the previous 
assessments by DU et al [7] and ELENO et al [3] were 
all considered. Besides, the liquidus data on those 
vertical sections constructed by MARKER et al [9], 
together with the solubility of the FeSi2 (ht) phase were 
taken into account. The new ternary phase τ12, however, 
was not considered in this modeling, since it has never 
been reported by other investigators and is insignificant 
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to industrial aluminum alloys. 
Using the obtained description, phase diagrams 

were recalculated and compared with the experimental 
data together with the previous calculations [3,7]. To 
save space, only selected examples were shown in this 
manuscript. Figures 1−3 present the vertical sections at 
5% Fe, 10% Si, and 13.5% Si. For the sake of 
simplification, not all phases were labeled. Comparable 
agreements with experimental data were obtained by 
using the present description and the previous ones [3,7]. 
It should be mentioned that the τ11 phase was destabilized 
compared to that in the previous assessment [7] in order 
to accord with the assessment by KRENDELSBERGER 
et al [8]. As a result, the τ11 phase does not appear in the 
presently calculated vertical section at 10% Si in Fig. 1. 
 

 

Fig. 1 Calculated Al−Fe−Si vertical section at 5% Fe       
(τ5: α-AlFeSi; τ6: β-AlFeSi) 
 

 
Fig. 2 Calculated Al−Fe−Si vertical section at 10% Si       
(τ5: α-AlFeSi; τ6: β-AlFeSi) 

 

 
Fig. 3 Calculated Al−Fe−Si vertical section at 13.5% Si     
(τ5: α-AlFeSi; τ6: β-AlFeSi) 
 

The Al−Fe−Si liquidus surface was well constructed 
in this work, as shown at the Al-rich region in Fig. 4 and 
over the entire composition range in Fig. 5. The Al-rich 
liquidus surface consists of the primary solidification 
regions of (Al), Si, Al13Fe4, τ2-AlFeSi, τ4-AlFeSi, 
α-AlFeSi and β-AlFeSi. Good agreements were observed 
with the invariant equilibrium compositions from 
PONTEVICHI et al [10,11] and the data of the primary 
solidification region of Al13Fe4 from TAKEDA and 
MUTUZAKI [12]. The experimental data corresponding 
to the primary solidification of α, β, τ2 and τ4 from 
TAKEDA and MUTUZAKI [12], MUNSON [13] and 
ZAKHAROV et al [14] are somehow scattered. Note that 
 

  
Fig. 4 Calculated Al−Fe−Si liquidus surface in Al-rich corner 
(The invariant points are from PONTEVICHI et al [10,11] and 
remaining data are from TAKEDA and MUTUZAKI [12], 
MUNSON [13] and ZAKHAROV et al [14]. τ5: α-AlFeSi;    
τ6: β-AlFeSi) 
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Fig. 5 Calculated Al−Fe−Si liquidus surface over entire compositional range (The data are from TAKEDA and MUTUZAKI [12].  
τ5: α-AlFeSi; τ6: β-AlFeSi) 
 
the experimental data of MUNSON [13] and 
ZAKHAROV et al [14] were read from the publication 
of ELENO et al [3] since the original papers were not 
accessible. Although these data cannot be fully fitted to, 
the calculated liquidus surface is believed to be 
reasonable since the invariant points were well 
reproduced (on both compositions and temperatures). 
The presently calculated liquidus surface is not only as 
good as that in the recent work of ELENO et al [3] in the 
Al-rich corner, but also reasonably reproduces the 
primary solidifications areas of most phases beyond the 
Al-rich region. 

Discrepancies are observed in the center region. The 
main problem is that the calculated liquidus surface for 
τ1-AlFeSi is noticeably larger than that suggested by 
experimental data, probably indicating that this ternary 
phase is somewhat too stable. It should be noted that 
some ternary phases, e.g. τ2 and α, have not been well 
distinguished from each other in the early investigations 
[12,15], as pointed out already by ARMAND [16] and 
KRENDELSBERGER et al [8]. Similar difficulties in 

phase identification might exist among the ternary  
phases, τ2, τ3 and τ7. Nevertheless, significant 
improvements were obtained compared with the 
description of DU et al [7]. It is believed (and has latter 
been confirmed in the validation, Section 4) that this 
description can much better simulate the solidification 
process of aluminum alloys. The improvements in the 
liquidus surface also resulted in a much better fitting to 
the vertical sections (5% Al, 27% Fe, 35% Fe, 40% Fe, 
50% Fe and 60% Fe) that had been constructed by 
MARKER et al [9]. As an example, Fig. 6 compares the 
calculated vertical section at 35% Fe with the 
experimental data from MARKER et al [9] and the 
agreement is reasonable. 
 
3 Refinement of Al−Mn−Si and Al−Fe−Mn− 

Si systems 
 

A comprehensive thermodynamic assessment of the 
Al−Mn−Si system was performed by DU et al [17]. The 
description was later updated in order to adapt to the new 
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Fig. 6 Calculated vertical section at 35% Fe of Al−Fe−Si 
system, compared with experimental data from MARKER et al 
[9] 
 
Al−Mn binary description [18]. The updated parameters 
for the Al−Mn−Si system have been incorporated into 
the TCAL database and remains unpublished. The 
α-AlMnSi phase was modeled as Al14Mn4(Al,Si)5 by DU 
et al [17,18]. The substitution between Al and Si on the 
last sublattice allows a much wider composition variation 
than the experimentally determined homogeneity range. 
In other words, the two end-members given by this 
model are far away from the phase composition, which 
increases the difficulty in the modeling, especially in the 
extrapolation into the Al−Fe−Mn−Si quaternary system. 
In this work, α-AlMnSi was remodeled as Al16Mn4- 
Si1(Al,Si)2, following the work of LACAZE et al [1]. 
The β-AlMnSi phase has been modeled as (Mn,Va)6- 
(Mn,Va)2Al12(Al,Si)6(Al,Si)2 [17,18], which resulted in 
16 end-members. The model was too complex to allow a 
reasonable assessment of the Gibbs energy of every 
end-member. Therefore, this phase was remodeled in this 
work as Al6Mn3(Al,Mn,Si)3(Al,Si)1 according to its 
crystal structure [19] and the number of end-members 
was reduced to 6. In order to eliminate the impact on the 
phase equilibria due to the remodeling of α-AlMnSi and 
β-AlMnSi, the descriptions of neighboring phases were 
also adjusted. Figure 7 presents the Al-rich Al−Mn−Si 
liquidus surface, where the monovariant line L+ 
α-AlMnSi+β-AlMnSi is slightly improved compared to 
the previous calculation [17]. Figure 8 shows the 
calculated vertical section at 4% Si, on which the DTA 
data from ROBINSON et al [20] and the unpublished 
data that were cited in the previous work [17] are 
imposed. The phase boundaries of L/L+α-AlMnSi, L/ 
L+β-AlMnSi and L+α-AlMnSi/L+α-AlMnSi+β-AlMnSi  

  

 

Fig. 7 Calculated Al−Mn−Si liquidus surface in most Al-rich 
corner 
 

 

Fig. 8 Calculated Al−Mn−Si vertical section at 4% Si 
 
agree better with the experimental data after the 
refinement. 

The α-AlMnSi phase exhibits an extended solid 
solubility of Fe into the Al−Fe−Mn−Si quaternary 
system and approaching the Al−Fe−Si ternary system 
[21]. The solution phase based on α-AlMnSi plays a 
central role in the Al-rich phase equilibria of the 
quaternary system and has to be well modeled. 
Introducing Fe into the sublattice model results in a new 
model of Al16(Fe,Mn)4Si1(Al,Si)2 and two additional 
end-members, Al18Fe4Si1 and Al16Fe4Si3, for which 
thermodynamic parameters need to be evaluated. 
According to MONDOLFO [22], most of the manganese 
in α-AlMnSi can be replaced by iron, up to a 
composition of 18% Fe, 0.9% Mn and 9.3% Si in mole 
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fraction (31% Fe, 1.5% Mn and 8% Si in mass fraction). 
Therefore, the Gibbs free energy of the two metastable 
end-members were expected to be very close to that of 
the set of stable phases in the Al−Fe−Si system. An 
automatic optimization of the thermodynamic parameters 
without constrains would not work. This explains why 
α-AlMnSi became stable in the Al−Fe−Si ternary 
subsystem in the assessment of LACAZE et al [1]. 
Special cares were taken in this work while assessing the 
Gibbs free energy of the two end-members, in order to 
prevent α-AlMnSi from becoming stable in the Al−Fe−Si 
system. 

Figure 9 presents the calculated liquidus surface of 
the Al−Fe−Mn−Si system at 0.3% Mn, in which the 
boundary between the primary solidification regions of 
α-AlMnSi and β-AlFeSi well agrees with the 
experimental data from MUNSON [13]. Table 1 lists six 
invariant equilibria in the Al−Fe−Mn−Si quaternary 
system, which have been assessed in Ref. [22]. The first 
four, which are associated with (Al) and α-AlMnSi, can 
be well reproduced. To reproduce the latter two, however, 
the α-AlMnSi phase needs to be slightly destabilized 
based on the current description, which would make the  
 

 
Fig. 9 Calculated Al−Fe−Mn−Si liquidus surface at 0.3% Mn 
(α-AlFeSi: τ5; β-AlFeSi: τ6; γ-AlFeSi: τ2; δ-AlFeSi: τ4; 
α-AlMnSi: τ9) 
 
Table 1 Calculated invariant equilibria of Al−Fe−Mn−Si 
quaternary system by MONDOLFO (1976) [22]  
No. Invariant equilibrium Texp/K Tcal/K

1 L+Al3Fe→Al6Mn+(Al)+α-AlMnSi 921 917.7

2 L+Al3Fe→(Al)+α-AlMnSi+Al8Fe2Si 900−905 901.3

3 L+Al8Fe2Si→(Al)+α-AlMnSi+Al5FeSi 870−880 884.5

4 L+Al5FeSi→(Al)+Si+α-AlMnSi 848 847.5

5 Al4Mn, β-AlMnSi, Al6Mn, Al3Fe 1002 − 

6 β-AlMnSi, Al6Mn, Al3Fe, Al8Fe2Si 968 − 

primary solidification region of α-AlMnSi shrink 
accordingly, but make no significant differences in 
predicting the phase formation in industrial aluminum 
alloys. Considering that the invariant equilibria (5) and 
(6) have not been well determined and they cannot take 
place in aluminum-rich alloys, the current description 
was kept to have a better liquidus surface. LACAZE et al 
[1] managed to reproduce the equilibrium (5), but 
calculated a different equilibrium (6) and failed to 
reproduce equilibria (3) and (4), even though they over 
optimized their parameters, which made α-AlMnSi stable 
in the Al−Fe−Si system. 
 
4 Implementation in TCAL2.0 and validation 

against experimental data from industrial 
alloys 

 
Through the above calculations and comparisons, 

the obtained Al−Fe−Si, Al−Mn−Si and Al−Fe−Mn−Si 
thermodynamic descriptions have been proved to be 
reliable in producing the phase equilibria in these 
systems. This work is under an internal project at 
Thermo-Calc Software AB aiming at a continuous 
development of the aluminum-based alloy thermo- 
dynamic database, TCAL, for guiding aluminum alloys 
design and process optimization. Since industrial 
aluminum alloys may contain other additives, especially 
the major alloying elements, such as Cu, Mg and Zn, a 
further validation must be performed within higher-order 
multi-component alloy systems or even real industrial 
alloy compositions. Therefore, the obtained Al−Fe−Si, 
Al−Mn−Si and Al−Fe−Mn−Si thermodynamic 
descriptions were incorporated into the TCAL2.0 
database, which is the previously released version, and 
then a comprehensive validation of the updated database 
was performed by phase equilibrium calculations and 
solidification simulations against experimental data on 
commercial alloys from various literature sources. 

For instance, BÄCKERUD et al [23] performed 
extensive experimental investigations on a wide range 
commercial wrought aluminum alloys and cast 
aluminum alloys, by means of differential thermal 
analysis (DTA), optical metallography (OM) and 
scanning electron microscopy (SEM) with energy 
dispersive analysis of X-ray (EDX). Valuable 
experimental data/information were provided for 
validating the solidification simulations. They not only 
examined the as-cast microstructures and measured the 
phase transition temperatures, but also derived the 
solidification sequences, the phase transition reactions 
and estimated the phase fractions during the 
solidification process. 
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Examples for the solidification simulations of 
commercial aluminum alloys and the validations against 
the experimental results from BÄCKERUD et al [23] are 
to be presented in the following subsections. Through the 
examples, we intend to showcase how well the 
calculations using the updated TCAL database can 
account for the phase formation in industrial aluminum 
alloys, and more importantly, to demonstrate how to 
appropriately interpret the experimental results from 
multi-component alloys with the aid of Calphad 
calculations. 

 
4.1 Wrought AA3003 alloy 

The first example is the wrought AA3003 aluminum 
alloy, which is based on the Al−Fe−Mn−Si quaternary 
alloy system [24]. Figure 10 presents the Scheil 
solidification calculation of the AA3003 alloy using the 
Scheil module of the Thermo-Calc Software package 
[25]. In order to reliably compare the calculated results 
with the experimental results from BÄCKERUD et al 
[23], the real alloy composition (Al98.08Mn1.19Fe0.55Si0.18, 
mass fraction, %) in their experiments was used in the 
present calculation. Using the Scheil module, the 
corresponding equilibrium calculation will be 
automatically performed in additional to the Scheil 
calculation. In a plot of the total amount of solid phases, 
e.g. Fig. 10, the curve from the Scheil calculation is 
presented in solid line and from the equilibrium 
calculation in dashed line for comparison. 

In the alloys solidified at cooling rates from 0.5 °C/s 
to 3.9 °C/s, the two compounds Al6Mn and α-AlMnSi 
were observed in the matrix of the (Al) solution. Both 
 

 

Fig. 10 Total solid phase fraction in Scheil (in solid line) and 
equilibrium (in dashed line) solidification simulations of 
wrought AA3003 aluminum alloy 

compounds dissolve Fe, but the compositions have not 
been reported. Based on the DTA experiments and 
microstructure examinations, probably as well as phase 
diagrams, BÄCKERUD et al [23] derived the complete 
solidification sequence: 
 

(1) L = (Al), 655 °C 
(2) L = (Al) + Al6Mn, 653 °C 
(3) L + Al6Mn = (Al) + α-AlMnSi, 641−634 °C 
(4) L = (Al) + α-AlMnSi 

 
where the temperatures are from DTA experiments at 0.5 
°C/s or 1.2 °C/s. At a first glance, it seems that the 
present solidification calculation makes no sense at all. 
Especially, the three ternary compounds α-AlFeSi, 
β-AlMnSi and β-AlFeSi, which were predicted to form at 
the late stages of the Scheil calculation, have not been 
experimentally detected. The solidification has been 
reported to end at 634 °C at 0.5 °C/s or 1.2 °C/s, while 
the Scheil solidification seems endless and the 
calculation is arbitrarily terminated at 1% residual liquid 
(around 590 °C). 

Before drawing a conclusion, one should keep in 
mind that a real solidification process is usually expected 
to be between the Scheil calculation and the equilibrium 
calculation, and could much more approach to one of 
them than the other, depending on the alloy system, the 
alloy composition, and the experimental parameters such 
as the cooling rate. Therefore, Scheil solidification 
calculations are not always good for accounting for 
experimental solidification processes. In this case, for 
example, the real solidification process at lower cooling 
rates can be much better approximated with the 
equilibrium calculation. Figure 11 separately shows the 
results from the equilibrium calculation by plotting 
 

 

Fig. 11 Phase fractions versus temperature from equilibrium 
calculation of AA3003 wrought aluminum alloy 
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individual phase fractions versus the temperature. First 
of all, the Al13Fe4 phase disappears in the equilibrium 
calculation, which is in agreement with the experimental 
results. Moreover, the equilibrium solidification 
calculation ends at 644.7 °C, which is close to the 
experimental completion temperature of 634 °C. Note 
that one should not expect a precise fitting to the 
completion temperature, since the solidification is after 
all non-equilibrium. Lastly, the equilibrium calculation 
exactly predicts the solidification sequence, from 
reaction (1) to reaction (3). The calculated solidification 
immediately ends after the peritectic-type reaction (3), so 
the formation of extra phases that have been predicted at 
the late stages of the Scheil calculation is avoided. 

It is worth noting that the solidification completion 
temperature significantly decreases with increasing the 
cooling rate, from 634 °C at 1.2 °C /s, to 613 °C at   
3.9 °C /s and 589 °C at 17 °C /s. The last value is quite 
close to the end of the Scheil calculation (about 590 °C 
at 1% residual liquid). This suggests that the Scheil 
calculation might account for the experimental 
solidification at higher cooling rates, where the 
solidification becomes more non-equilibrium. 
Unfortunately, no microstructures have been presented 
for the alloy solidified at 17 °C /s and it was not known 
if extra phases have indeed formed. It can still be 
concluded that equilibrium calculations can better 
account for solidifications at lower cooling rates while 
Scheil calculations can be employed to higher cooling 
rates in this case. 
 
4.2 Wrought AA4004 alloy 

This example presents the calculations for the 
wrought AA4004 aluminum alloy (real alloy 
composition: Al88.55Si9.8Mg1.35Fe0.3, mass fraction, %). 
During the solidification of an Al−Fe−Mg−Si-based 
aluminum alloy, Si, Mg2Si, α-AlFeSi, β-AlFeSi, and 
Q-AlFeMgSi (Al18Fe2Mg7Si10) may form in addition to 
the (Al) solution phase (where Q indicates quaternary 
phases). From this example, we can testify the validity 
of the Al−Fe−Mg−Si quaternary description with the 
updated Al−Fe−Si ternary description integrated. 

As shown in Fig.12, the Scheil and equilibrium 
solidification calculations of alloy AA4004 are quite 
close to each other, in the phases that form, the phase 
formation sequences and even the transition  
temperatures. This feather is quite different from that in 
alloy AA3003 and it has practical significance to the real 
solidification. A small deviation of the Scheil calculation 
from the equilibrium calculation means that moderately 
changing the cooling rate would have a small impact on 
the phase formation sequence. This can be verified by the  

 

 

Fig. 12 Total solid phase fraction in Scheil (in solid line) and 
equilibrium (in dashed line) solidification simulation of 
AA4004 wrought aluminum alloy (Q: quaternary 
Al−Fe−Mg−Si phase) 
 
experimental evidences that the phase transformation 
temperatures remained almost the same in DTA at 
different cooling rates, 0.2, 0.8, 2.8 and 9 °C/s [23]. It 
should be noted that the deviation between the two 
calculations becomes noticeable at late stages of the 
solidification and would result in different phase 
fractions. Also, due to the small deviation, both 
calculations may account for the experimentally 
observed microstructures and the derived solidification 
sequence [23], 

 
(1) L = (Al), 590 °C 
(2) L = (Al) + β-AlFeSi, 584 °C 
(3) L = (Al) + β-AlFeSi + Si, 576 °C 
(4) L + β-AlFeSi = (Al) + Q-AlFeMgSi + Si, 567 °C 
(6) L = (Al) + Q-AlFeMgSi + Si + Mg2Si, 554 °C 

 
The only discrepancy between the calculation and 

the experiment lies in whether β-AlFeSi or Si formed 
first. According to the Al−Fe−Si liquidus surface as 
given in Fig. 4, which have been validated against 
experimental data, Si very probably forms first before the 
β-AlFeSi phase did in this alloy because of the high 
Si/Fe ratio. Therefore, the phase formation sequence 
predicted by the solidification calculations is believed to 
be more reliable than that derived by BÄCKERUD et al 
[23]. In practice, an analysis solely based on finally 
solidified microstructures is usually difficult and 
incomprehensive. Calphad calculations can help to 
advance the analysis of experimental microstructures and 
to fully understand the phase formation sequences. 
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A transformation from β-AlFeSi to the quaternary 
Q-AlFeMgSi phase was observed in the solidified 
microstructures [23], which evidenced the reaction (4). 
Following the peritectic-type reaction, there should be a 
direct solidification of the product phases, i.e. L = (Al) + 
Q-AlFeMgSi + Si (5). In practice, a peritectic-type 
reaction and the direct solidification often 
simultaneously take place [26]. If the solidification 
deviates more from the equilibrium, the peritectic-type 
reaction will be suppressed to a larger extent while the 
direct solidification will be favored. A Scheil calculation 
is the extreme case, where peritectic-type reactions are 
completely prevented from occurring since the 
transformation of solid phases has not been considered. 
As given in Fig. 12, the peritectic-type reaction (4) 
corresponds to a plateau on the equilibrium curve but just 
an infinitely small point on the Scheil simulation curve. 
In either case, the direct solidification stage is 
unavoidable unless the liquid has been completely 
consumed. 

This stage is also needed in order to complete the 
solidification sequence from reaction (4) to reaction (6). 
Since the investigated alloy is actually a quaternary one, 
its solidification terminates at the five-phase eutectic 
reaction (6), which was presently calculated at 558 °C. 
BÄCKERUD et al [23] reported the invariant reaction 
temperature to be 547 °C in the first volume of their 
book but 554 °C in the second volume. The latter is 
exactly the same as that evaluated by MONDOLFO [22] 
in an assessment of the Al−Fe−Mg−Si quaternary system 
and is a good agreement with the present calculation. 
 
4.3 Wrought AA5182 alloy 

The solidification in the wrought AA5182 
aluminum alloy (real alloy composition: Al94.54Mg4.74- 
Mn0.34Fe0.28Si0.10, mass fraction, %) is more complex 
than that in Al−Fe−Mn−Si-based AA3003 and Al−Fe− 
Mg−Si-based AA4004, because of the competition 
among the Fe-, Mg-, Mn-, and Si-containing phases. 
However, a perfect agreement was obtained between the 
experiments and the Scheil calculation, on the phase 
formation, the solidification sequence and even the 
transition temperatures. Figure 13 presents the 
solidification simulations of this alloy. In this case, the 
Scheil calculation significantly deviates from the 
equilibrium calculation but can better account for the 
experiments [23], which is given below,  

(1) L = (Al), at 632 °C 
(2) L = (Al) + Al6Mn, at 621 °C 
(4) L = (Al) + Al13Fe4, at 586 °C 
(6) L = (Al) + Al13Fe4 + Mg2Si + β-AlMg 
 
The solidification starts with the primary formation 

 

 

Fig. 13 Total solid phase fraction in Scheil (in solid line) and 
equilibrium (in dashed line) solidification simulation of 
AA5182 wrought aluminum alloy 
 
of (Al), followed by Al6Mn and Al13Fe4. Similar to the 
example of AA4004, there should be a reaction, (3) L + 
Al6Mn = (Al) + Al13Fe4, between reactions (2) and (4), as 
predicted by the present Scheil solidification simulation. 
The peritectic-type (although not a real peritectic) 
reaction corresponds to an infinitely small point on the 
Scheil simulation curve as given in Fig. 13, which means 
that the transformation from Al6Mn to Al13Fe4 is 
suppressed. In this example, the experimental 
solidification much more approaches to the Scheil 
calculation than the equilibrium calculation and this 
might suggest that the direct solidification of (Al) + 
Al13Fe4 is favored. 

During the late stages of the solidification, the 
Mg2Si and β-AlMg phases form via eutectic reactions. 
The quaternary eutectic reaction (6) has been evidenced 
by the observation of the complex eutectic 
microstructure (Al), Al13Fe4, Mg2Si and β-AlMg in the 
solidified alloy [23]. Before the reaction (6), however, in 
theory there should also be a four-phase eutectic reaction 
L = (Al) + Al13Fe4 + Mg2Si (5). BÄCKERUD et al [23] 
assumed that the reaction (6) started to occur at 557 °C 
and lasted until the end of the solidification. Although 
the alloy contains five components, the five-phase 
eutectic reaction (6) acts very much like an invariant 
equilibrium probably because Mn has been depleted in 
the liquid, as revealed in the Scheil calculation. 
Therefore, the reaction at 557 °C should correspond to a 
“monovariant” reaction, i.e. the four-phase eutectic 
reaction (5). The solidification ends at the quaternary 
“invariant” reaction (6), which is calculated to occur at 
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450 °C. It is in a good agreement with the value of 448 
°C evaluated by MONDOLFO [22] in the assessment of 
the Al−Fe−Mg−Si quaternary system. Note that 
BÄCKERUD et al [23] failed to determine the 
solidification completion temperature but roughly 
estimated a value of 470 °C based on the Al−Fe−Si 
ternary phase diagram of MONDOLFO [22], which was 
20 °C higher than the assessed value and was thus 
discarded. 
 
4.4 Cast 319.1 alloy 

This example is on the cast 319.1 aluminum alloy, 
which has a quite complex composition, 5.7% Si, 3.4% 
Cu, 0.92% Zn, 0.62% Fe, 0.36% Mn, 0.14% Ti and 
0.10% Mg (mass fraction, %). Figure 14 presents the 
solidification simulations of this alloy, where the total 
solid phase fractions are imposed on the plot at specific 
stages of the solidification, estimated from the 
experimental DTA traces by BÄCKERUD et al [23]. 
Although the data are somewhat scattered, a reasonable 
agreement of the Scheil calculation with these data is 
observed. Moreover, not only all the phases that have 
been found in the microstructures are predicted by the 
Scheil calculation, but also the phase formation sequence 
is reproduced: the (Al) dendrites solidify primarily, the 
formation of α-AlMnSi, β-AlFeSi and Si follows 
successively, and Al2Cu and the quaternary Al−Cu−Mg− 
Si phase precipitate in the late stages. This is a 
remarkable agreement considering the complexity. 
 

  
Fig. 14 Total solid phase fraction in Scheil (in solid line) and 
equilibrium (in dashed line) solidification simulation of cast 
A319.1 aluminum alloy 
 

Despite of the good agreement in the phase 
formation sequence, however, not every calculated 
reaction for each stage of the solidification accords with 

that proposed by BÄCKERUD et al [23] as given below, 
 
(1) L = (Al), 609 °C 
(2) L = (Al) + α-AlMnSi, 590 °C 
(3) L = (Al) + α-AlMnSi + β-AlFeSi, 590 °C 
(4) L = (Al) + Si + β-AlFeSi, 575 °C 
(5) L = (Al) + Al2Cu + Si + β-AlFeSi, 525 °C 
(6) L = (Al) + Al2Cu + Si + Q-AlCuMgSi, 507 °C 

 
Only the first three reactions were confirmed. 

Actually, the above derived reactions are not consistent, 
since one phase disappears and another appears from 
reaction (3) to reaction (4) and also from reaction (5) to 
reaction (6). As aforementioned, it is difficult to 
comprehensively derive the solidification sequence from 
the analysis of the finally solidified microstructures, not 
to mention to postulate the phase transition reaction for 
each stage of the solidification. Any attempt based on 
only experimental microstructures could be tentative. 
Knowledge of phase equilibria of the alloy system and its 
subsystems must be comprehensively taken into account, 
which is, however, impractical in such a multi- 
component system without the aid of the Calphad 
method. One of the major merits of the Calphad method 
is that it enables one to extrapolate the phase equilibria to 
multi-component systems from well-assessed subsystems, 
so as to predict the phase formation in multi-component 
multi-phase alloys. 
 
4.5 Cast 332.1 alloy 

Figure 15 presents the solidification calculation of 
the cast 332.1 alloy (real composition: 9.9% Si, 2.82% 
Cu, 0.97% Zn, 0.91% Mg, 0.67% Fe, 0.25% Mn, 0.07% 
Ti; mass fraction, %). All the eight phases that have been 
experimentally identified [23] are confirmed by the 
Scheil solidification simulation. All the phases appearing 
in the calculation have been experimentally observed. 
Moreover, the calculation completely agrees with the 
proposed solidification sequence by BÄCKERUD et al 
[23]: (Al) solidifies primarily and immediately followed 
by α-AlMnSi; β-AlFeSi and (Si) form afterwards; at the 
late stages, Q-AlFeMgSi and Mg2Si, Q-AlCuMgSi and 
Al2Cu form successively. Note that BÄCKERUD et al 
failed to determine the sequence between β-AlFeSi and 
(Si) and that between Q-AlFeMgSi and Mg2Si. The total 
solid phase fractions are imposed on the plot at specific 
stages of the solidification, estimated from the 
experimental DTA traces by BÄCKERUD et al [23]. The 
data from experiments at lower cooling rates (0.3 K/S 
and 0.5 K/S) can generally be approximated with the 
Scheil calculation. The data at higher cooling rate (4.5 
K/S) are somehow scattered. 

It makes no sense to compare the calculated 
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Fig. 15 Total solid phase fraction in Scheil (in solid line) and 
equilibrium (in dashed line) solidification simulation of cast 
A332.1 aluminum alloy 
 
reactions with those proposed by BÄCKERUD et al [23] 
in such a complex case (even more complex than the last 
example where the reactions cannot be fully derived), 
considering the fact that the proposed solidification 
sequence is incomplete. Based on the excellent 
agreements on the observed phases and the phase 
formation sequence, together with the phase fractions, it 
can be concluded that the present calculation reasonably 
accounts for the solidification. It is suggested to directly 
use the Scheil simulation to interpret the detailed 
reaction corresponding to each stage of the solidification. 
 
4.6 Cast A413.1 alloy 

The final example is on the die-cast A413.1 
aluminum alloy (experimental composition: 11.0% Si, 
1.1% Zn, 0.46% Fe, 0.18% Mn, 0.09% Cu, and 0.03% 
Mg; mass fraction), which contains most main alloying 
elements of aluminum alloys. The phase formation and 
the microstructure, however, are quite simple since the 
contents of Cu, Mg and Zn are too low to form 
compounds. Note that the Zn solubility in the (Al) 
solution is very high. Only Si, β-AlFeSi and α-AlMnSi 
have been experimentally observed in the solidified 
microstructures, in addition to the (Al) matrix. 

It is clear that the solidification starts with the 
formation of the (Al) dendrites, but the difficulties in the 
experiments had prevented BÄCKERUD et al [23] from 
unambiguously determining the formation sequence of 
the remaining phases, because the relevant phase 
reactions occur in a very narrow temperature interval. 
Solidification simulations were thus performed, as 
presented Fig. 16, in order to reveal the details of the 

 

 

Fig. 16 Total solid phase fraction in Scheil (in solid line) and 
equilibrium (in dashed line) solidification simulation of cast 
A413.1 aluminum alloy 
 
solidification. The Scheil calculation agrees with the 
equilibrium calculation except for the late stage of the 
solidification. Both calculations predict the same phase 
reaction sequence as follows: 

 
(1) L = (Al), 581 °C 
(2) L = (Al) + Si, 574 °C 
(3) L = (Al) + Si + α-AlMnSi, 572.6 °C 
(4) L = (Al) + Si + α-AlMnSi + β-AlFeSi, 572.6 °C 

 
Si is the secondary phase following the primary 

solidification of (Al) due to the significantly high Si 
content. Since the stage (2) the slopes of the 
solidification curves abruptly become gentle (If reversing 
the axes, i.e. the solid phase fractions versus the 
temperature, the slop actually becomes steep), which 
indicates that the solidification becomes fast. Especially, 
the temperature interval from the start of the stage (2) to 
the completion of the solidification is less than 5 °C for 
the equilibrium calculation. The Scheil solidification, 
however, is slowed down at the late stage (say less than 
20% residual liquid) and the slope is getting more and 
more steep, which seems endless. The Scheil calculation 
can better account for the data of total solid phase 
fractions evaluated from the experiment [23], especially 
those at the higher cooling rate. The α-AlMnSi phase 
starts to form at 572.6 °C via the eutectic reaction (3), 
which is immediately followed by the five-phase eutectic 
reaction (4). This indicates that α-AlMnSi starts to form 
slightly earlier than β-AlFeSi by less than 0.1 °C, which 
is indeed negligible. Basically, β-AlFeSi and α-AlMnSi 
form simultaneously. It should be mentioned that a slight 
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change of the Fe/Mn ratio will reverse the formation 
sequence of the two phases, as expected and confirmed 
by additional calculations. Reaction (3) will become L = 
(Al) + Si + β-AlFeSi when β-AlFeSi forms earlier. This 
might be another factor which has puzzled the 
experimental investigators — A slight composition 
deviation or heterogeneity in the alloy will alter the 
experimental observations. Although reaction (4) starts to 
occur at the last, the eutectic formation of (Al), Si, 
α-AlMnSi and β-AlFeSi dominates the solidification 
procedure as evidenced in Fig. 16. The Scheil calculation 
ended with the eutectic solidification at about 545 °C 
(with a residual liquid of 1%), which agrees well with the 
completion temperature of 546 °C at 5 °C/s [23]. 
Lowering the cooling rate makes the solidification shift 
toward the equilibrium calculation. As shown in Fig. 16, 
the solidification completed at much higher temperature 
(575 °C) at lower cooling rates (0.3 and 0.7 °C /s). 
 
5 Conclusions 
 

1) The Al−Fe−Si ternary description has been 
deeply revised over the entire compositional range and 
significant improvements were made on the calculated 
liquidus surface. 

2) The Al−Mn−Si system was refined in the Al-rich 
region by adopting new models for α-AlMnSi and 
β-AlMnSi. The extended solubility of the α-AlMnSi 
phase into the Al−Fe−Mn−Si quaternary system was 
modeled. A reliable Al-rich thermodynamic description 
was derived for the Al−Fe−Mn−Si quaternary system for 
the first time. 

3) The obtained thermodynamic descriptions were 
implemented into the TCAL database and extensively 
validated by phase diagram calculations and 
solidification simulations. The resulting updated 
database can reliably predict the phase formation in 
multi-component alloy systems and industrial aluminum 
alloys. 
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Al−Fe−Si、Al−Mn−Si 与 Al−Fe−Mn−Si 体系 
热力学描述的更新 
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摘  要：采用 Calphad 方法对 Al−Fe−Mn−Si 四元系及其子体系进行热力学评估。首先，通过考虑文献中最新的实

验研究结果以及对部分三元化合物应用新的热力学模型，修正 Al−Fe−Si 三系的热力学描述，显著地改善了整个

成分范围内、尤其是富 Al 角的液相面投影图。随后，对三元化合物 α-AlMnSi 和 β-AlMnSi 采用新的模型，精修

Al−Mn−Si 体系富 Al 角的热力学描述。然后，通过模拟 α-AlMnSi 相在 Al−Fe−Mn−Si 体系中的固溶度，优化

Al−Fe−Mn−Si 四元系富 Al 角的热力学描述。在优化时，对 α-AlMnSi 作特殊考虑并加入限制条件，以确保其不会

在 Al−Fe−Si 三元系中变得稳定。最后，将所获得的热力学描述加入 TCAL 数据库，通过一系列的相平衡计算与

凝固模拟、以及与商业铝合金的实验数据的比较，对所获得的热力学描述进行全面的验证。更新后的 TCAL 数据

库能够可靠地预测 Al−Fe−Si 基与 Al−Fe−Mn−Si 基合金中的相形成。 

关键词：Al−Fe−Si；Al−Fe−Mn−Si；铝合金；热力学模拟；凝固 
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