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Abstract: The 7xxx series alloys are heat treatable wrought aluminium alloys based on the Al-Zn—Mg(—Cu) system. They are
widely used in high-performance structural aerospace and transportation applications. Apart from compositional, casting and
thermo-mechanical processing effects, the balance of properties is also significantly influenced by the way in which the materials are
heat-treated. This paper describes the effects of homogenisation, solution treatment, quenching and ageing treatments on the
evolution of the microstructure and properties of some important medium to high-strength 7xxx alloys. With a focus on recent work
at Monash University, where the whole processing route from homogenisation to final ageing has been studied for thick plate
products, it is reported how microstructural features such as dispersoids, coarse constituent particles, fine-scale precipitates, grain
structure and grain boundary characteristics can be controlled by heat treatment to achieve improved microstructure—property
combinations. In particular, the paper presents methods for dissolving unwanted coarse constituent particles by controlled high-
temperature treatments, quench sensitivity evaluations based on a systematic study of continuous cooling precipitation behaviour, and
ageing investigations of one-, two- and three-step ageing treatments using experimental and modelling approaches. In each case, the
effects on both the microstructure and the resulting properties are discussed.
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1 Introduction

High-strength age-hardened 7xxx series Al-Zn—
Mg—Cu alloys are widely used for aircraft structures,
where they are subjected to demanding operating
conditions. Important properties that must be considered
for these applications are strength, ductility, modulus,
corrosion and damage tolerance (e.g. fracture toughness
and fatigue resistance). Most of these properties can be
controlled through appropriate alloying, processing or a
combination of these. Age-hardenable 7xxx series
aluminium alloys for high-performance structural
applications are typically processed in the form of plates,
extrusions or forgings. For thick plate products, a typical
processing schedule involves casting, homogenising, hot
rolling, solution treating, quenching, stress relieving by
stretching and age hardening, as shown in Fig. 1.

The focus of this paper is on some of the recent
metallurgical developments related especially to the heat
treatment processes of homogenisation, solution
treatment, quenching and ageing. This paper describes
some important effects of these heat treatment processes

on the evolution of the microstructure and properties of
some important medium to high-strength 7xxx series
alloys. Focused around work carried out at Monash
University from about 2005 to 2013, the paper describes
how metallurgical features such as Al;Zr dispersoids,
coarse constituent particles (e.g. AlL,CuMg, MgZn,,
Mg,Si and Al;,Cu,Fe), fine-scale precipitates (e.g. '), the
grain structure and grain boundary characteristics can be
controlled to achieve desirable microstructure—property
combinations. It is important to note that the whole
processing route from homogenisation to final ageing has
been investigated on commercial materials in significant
detail. This is valuable since most studies focus either
only on experimental lab-scale materials or just on the
beginning or end of the processing route due to
difficulties in obtaining commercial materials from
intermediate processing stages. In particular, the paper
presents findings about 1) the dissolution of unwanted
coarse constituent particles by means of controlled high-
temperature heat treatments, 2) the quench sensitivity
investigated under continuous cooling conditions, and
3) the ageing behaviour during one-, two- and three-step
ageing treatments, including retrogression and re-ageing
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Fig. 1 Semi-schematic processing schedule for high-strength Al-Zn—Mg—Cu plate (Some commercial and experimental variations

are indicated by dashed lines)

(RRA). In each case, the effects on both the
microstructure and the resulting properties are discussed.

In order to set this discussion into the broader
context of the whole processing schedule shown in
Fig. 1, some general introductory comments will first be
made about casting, homogenisation and hot rolling.
Although hot rolling could here be substituted by
extrusion or forging (either with or without subsequent
solution treatment), for simplicity and clarity only hot
rolling is discussed here.

Casting: When the aluminium alloy is cast, the
most rapid cooling and solidification occurs near the
surfaces of the casting. Dendrites of the aluminium-rich
o-phase grow in the direction of the temperature flow,
resulting in compositional differences on both the macro
(cm to m) and micro-scales (< mm). Micro-segregation
may be removed by a suitable homogenisation treatment.
Macro-segregation occurs on a scale where subsequent
annealing heat treatments are unable to redistribute the
solute, and can lead to material having localised areas
outside the nominal specifications. The solidification
process also produces equilibrium or metastable
constituent phases that are formed by a liquid-solid
eutectic reaction [1]. These coarse particles are often
insoluble in the solid state after casting, incoherent with
the matrix, and normally form interdendritically. A
variety of constituent particles have been identified in
7xxx series Al alloys, such as the Fe- or Si-containing
Al,CuyFe and Mg,Si phases. Copper contents are usually
limited in 7xxx series alloys to curtail the formation of
large intermetallic particles, such as S-phase (ALL,CuMg).
Modelling shows that this compound is formed at mass
fractions of Cut+Mg >3.6% in 7xxx alloys containing
around 6% Zn [2]. The volume fraction of constituent
particles is normally 1%—5%, while their sizes range

from about 5 to 30 um, depending on processing
conditions [3]. The presence of relatively large
constituent particles can be detrimental to the strength,
fatigue resistance, and fracture toughness of the alloy.
Therefore, most modern high-strength Al alloys have low
Fe and Si contents in order to improve the mechanical
properties [4].

Homogenisation: typically
carried out at 450—500 °C, but temperatures can vary
widely depending on the alloy composition. One of the
main purposes is to reduce the micro-scale segregation
formed during casting. In 7xxx series alloys, alloying
elements such as Cr, Mn and Zr form dispersoid particles
during homogenisation, which have the effect of
reducing grain growth and inhibiting recrystallisation
during subsequent high-temperature processing. In 7xxx
series alloys, dispersoids account for volume fractions of
about 0.05%—0.2%, with typical particle sizes ranging
from about 20 to 500 nm [3]. Dispersoid phases such as
Al;gMg;Cr, or Al;Mg,Cr (size: 50—300 nm) may form
in Cr-containing alloys [5,6], the Al;Zr phase
(size: 20—60 nm) in Zr-containing alloys [5,6], and both
AlgMn and Mn;Si,Al;s have been reported in
Mn-containing alloys [7]. Dispersoids containing Cr or
Mn are generally incoherent with the matrix, while
Zr-containing dispersoids may be coherent with the
matrix [8]. There is a gradual increase in the fracture
toughness of alloys with a particular composition when
the dispersoid type changes from predominantly
Mn-based, to Cr-based, to Zr-based. This increase in
fracture toughness may stem from a decrease in the
average dispersoid size, although other factors such as
the increasing modulus of the dispersoid phase, and
differences in dispersoid particle cohere all compound
and complicate the actual effects of dispersoid type on

Homogenisation is
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fracture toughness [3].

In modern high-performance alloys, Al;Zr is the
preferred dispersoid due to its improved ability to inhibit
recrystallisation (which can also increase the toughness)
without significantly increasing the quench sensitivity. It
has been demonstrated for alloys AA7050 and AA7150
that an improved size distribution of L1, Al;Zr
dispersoids and recrystallisation inhibition effect may be
obtained by performing two-step homogenisation
treatments aiming at first stimulating nucleation at <440
°C and subsequently promoting controlled growth at
>450 °C [9-11]. The higher temperature step may also
be used to dissolve coarse MgZn, or AlL,CuMg
constituents, although these may re-precipitate during
slow cooling and promote particle-stimulated nucleation
(PSN) of recrystallisation during subsequent solution
treatment [12]. In this respect, a relatively fast cooling
rate from a high-temperature homogenisation treatment
has been demonstrated to decrease both the particle size
and the final recrystallised fraction [12,13]. In cases
where the required fast cooling rates are not practically
achievable for large rolling slabs, similar improvements
may be achieved by performing the homogenisation
treatment as a preheating treatment just before hot rolling
[12]. This could also translate into overall improvements
in productivity and energy consumption.

Hot rolling: During hot rolling, ingots up to 1 m in
thickness are reduced to 50—150 mm in thickness using
multiple passes at ~ 400 °C. The grain structure develops
an elongated pancake-type morphology as a result of the
rolling. Constituent particles are broken up and dispersed
in the direction of rolling (stringers). Significant dynamic
recovery usually occurs during hot rolling, whereby
dislocations rearrange themselves to form sub-grains or
cells with low-angle boundaries characterised by <15°
misorientation.

Recrystallisation involves the nucleation and growth
of relatively defect-free grains within deformed grains,
with growth occurring through the movement of
high-angle grain-boundaries (>15° misorientation). It is
usually the high-angle grain boundaries that are
associated with higher internal energy and lower
activation energy for mobility than low-angle boundaries
during recrystallisation [14]. Full recrystallisation only
occurs in the most highly strained regions since
dispersoid particles inhibit it in most areas. These
particles pin the movement of both dislocation-cell
boundaries  (low-angle) and grain  boundaries
(high-angle). Therefore, hot rolled material will not
completely recrystallise under normal solution treatment
conditions as there is no enough stored internal energy to
overcome the pinning effects of the dispersoids. Hot

rolled commercial 7xxx series alloys typically comprise
a partially recrystallised grain structure, with constituent
particles and recrystallised grains distributed along the
grain boundaries of un-recrystallised grains, as illustrated
in Fig. 2.
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Fig. 2 Schematic illustrations of (a) a typical grain structure
after hot rolling and (b) the sub-structure within one partially
recrystallised grain (Sub-grains are bounded by dislocation
tangles that form low-misorientation boundaries, while
recrystallised grains are relatively defect-free and do not exhibit
sub-grains. Dispersoids pin grain and sub-grain boundaries.)

2 Materials and methods

This paper is focused on the work that has been
carried out mostly at Monash University on a range of
important 7xxx series alloys. The composition ranges of
some of these alloys are shown in Table 1. Most of the
work was associated with 75—80 mm thick plates. Only
the AA7020 and some of the AA7075 materials were in
the form of extruded products. Since the paper describes
aspects from the work of three PhD students and several
research fellows at Monash University, it is not possible
to describe all the mechanical testing and microstructural
characterisation methods in this section. Apart from the
specific comments below, the reader is referred to the
relevant references throughout the paper.

The quench sensitivity of several 7xxx series alloys
was evaluated using a continuous cooling differential
calorimetry (DSC) developed
recently at the University of Rostock [15—18]. Samples
were solution treated in a DSC device at 480 °C for 0.5
to 1 h and were then cooled in various DSC devices at a
series of linear cooling rates ranging from 0.005 to 3 K/s.
Based on a combined evaluation of the DSC data

scanning technique

(e.g. plots of excess specific heat capacity vs temperature
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Table 1 Composition ranges and upper limits for selected 7xxx series alloys (mass fraction, %)
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Alloy Si Fe Cu Mn Mg Cr Zn Ti Zr
AA7020 0.35 0.40 0.20 0.05-0.50 1.0-1.4 0.10—0.35 4.0-5.0 - 0.08-0.20
AA7022 050  0.50 0.50-1.0 0.10-0.40 2.6-3.7 0.10-0.30 43-5.2 - -
AA7075 040  0.50 1.2-2.0 0.30 2.1-2.9 0.18-0.28 5.1-6.1 0.20 -
AA7079 030  0.40 0.40—0.8 0.10—0.30 2.9-3.7 0.10—-0.25 3.8-4.8 0.10 -
AA7050 0.12 0.15 2.0-2.6 0.10 1.9-2.6 0.04 5.7-6.7 0.06 0.08-0.15
AA7150  0.12 0.15 1.9-2.5 0.10 2.0-2.7 0.04 5.9-6.9 0.06 0.08-0.15
AA7055 0.10  0.15 2.0-2.6 0.05 1.8-2.3 0.04 7.6-8.4 0.06 0.08—0.25
AA7085  0.06 0.08 1.3-2.0 0.04 1.2-1.8 0.04 7.0-8.0 0.06 0.08-0.15

and precipitation heat vs cooling rate), hardness data and
microstructural characterisation of precipitates, novel
continuous cooling transformation diagrams were
derived initially for alloys AA7020 and AA7150.
Cooling rates beyond the limits of conventional DSC
devices were achieved using a Bihr DIL 805A/D
quenching dilatometer. The DSC/quenching experiments
were carried out at the University of Rostock and
microstructural characterisation was performed at
Monash University.

The retrogression and re-ageing model was
developed by Prof. Chris DAVIES and Dr. Adrian
GROSVENOR at Monash University. It was based on
the precipitation models of MYHR and GRONG [19]
and NICOLAS and DESCHAMPS [20]. There are two
main concepts. First, the precipitate size distribution is
divided into a series of discrete size classes. The stability
of each class can then be determined independently,
enabling the evolution of the full precipitate size
distribution to be tracked. Second, the continuous
time-evolution of the particle distribution is divided into
a series of small sequential time steps. This removes
problems related to changing microstructural, physical
and thermodynamic properties. Model inputs include the
initial precipitate size distribution and details of the
thermal treatment (i.e. temperatures, ramp rates, etc). For
each time step, the dissolution or growth of precipitates
in each size class is determined by classical equations
describing nucleation and growth. Precipitates above the
critical size will grow, thereby boosting the next larger
size class. After each time step, the remaining solute in
solution is recalculated and used for the next time step.
Model outputs include the evolving precipitate size
distribution, the mean precipitate radius and the
precipitate volume fraction. Experimental measurements
of these entities may be used to calibrate or verify the
model. The model was programmed in MatLab. Full
model details and predictions for retrogression and
re-ageing of alloy AA7075 were recorded in the PhD
thesis of GROSVENOR [21].

3 Results and discussion

Selected results from the homogenisation, solution
treatment, quenching and ageing work are presented and
discussed under several headings in this section.

3.1 High temperature treatments to dissolve coarse
constituent particles

Following hot rolling, AA7150 alloy plates were
solution treated at 471—482 °C for up to several hours
[22] to dissolve particles that remain from previous
processing steps. Dispersoids and Fe-containing particles
remain insoluble during solution treatment. Recovery or
recrystallisation can occur during solution treatment,
depending on the degree of stored strain energy from
prior deformation and the effectiveness of the dispersoids
in pinning grain boundaries. Since it is desirable from a
fracture toughness point of view to minimise the degree
of recrystallisation, the solution treatment time and
temperature should be kept as low as possible while still
achieving the maximum dissolution of soluble particles
for the sake of strength and corrosion resistance. These
competing effects have been extensively investigated on
AA7150 thick plate at Monash University [23—26]. It has
been demonstrated that most coarse # precipitates
(nominally MgZn,) remaining from previous processing
steps can be dissolved in AA7150 alloy within 5 min at
475 °C [26]. This is ascribed to the relatively low solvus
temperature of the #x-phase and the relatively fast
diffusivity of Mg and Zn. For similar reasons, the
T-phase (nominally Al,Mg;Zn;) should also be easy to
dissolve. However, T-phase was not observed in our
AA7150 materials [25].

By contrast, the S-phase (nominally Al,CuMg) is
much more difficult to dissolve since its solvus
temperature is close to the solution treatment temperature
and Cu diffuses more slowly than Mg and Zn.
Furthermore, incipient melting temperatures associated
with the # and S phases in AA7150 have been
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determined to be 478 °C and 488 °C, respectively
[25,26]. If the material is heated rapidly to these
temperatures, then localised melting and property
deterioration may occur. However, XU et al [23—26]
have demonstrated that such melting can be avoided if
the material is heated very gradually. By means of very
carefully controlled slow heating and/or step heating, it is
possible to increase the solution treatment temperature of
AA7150 alloy to slightly over 500 °C without
overheating [25,26].

The DSC results in Fig. 3 show endothermic peaks
associated with the melting of the # and S phases. In the
as-rolled condition, melting peaks associated with both #
and S phases are observed (Fig. 3(a)). It is evident from
Fig. 3(b) that after solution treating at 475 °C for 8 h, no
n-phase remains, but a considerable though smaller
amount of S-phase is still present. However, the amount
of S-phase decreases with increasing solution treatment
temperature until no S-phase remains after the multi-step
treatment of (475 °C, 8 h) + (485 °C, 4 h) + (495 °C, 2 h),
as illustrated by curves 1-3 in Fig. 3(b). Interestingly, the
vertical dashed lines suggest that the melting onset
temperature associated with the S-phase, which was
measured to be 488 °C after hot rolling, has increased to
about 497 °C after solution treating at 475 °C and/or 485
°C. It is therefore possible to increase the solution
treatment temperature gradually in small increments until
all of the S-phase has dissolved. This is facilitated by
both the higher temperature with respect to the S-phase
solvus, and the more effective removal of local
concentration gradients around dissolving particles
(and/or segregation at grain boundaries) due to the
increased diffusion rates at these higher temperatures.

The fractographs in Fig. 4 show that a significant
amount of rounded S-phase particles are visible on
AA7150 tensile fracture surfaces (tested in the short
transverse direction after RRA) following a solution
treatment of 8 h at 475 °C. By contrast, no S-phase was
observed on tensile fracture surfaces after the multi-step
treatment of (475 °C, 8 h) + (485 °C, 4 h) + (495 °C,
2 h). Instead, the particles that remain are mainly
Al;Cu,Fe. The only issue here is that the degree of
recrystallisation has increased somewhat after this
particular multi-step solution treatment, as shown in the
optical micrographs in Fig. 4. Once all of the S-phase has
dissolved, there is no more risk of incipient melting
around S-phase particles below 500° C. Instead, incipient
melting will then start to occur at grain boundaries and
triple junctions above 500 °C. These two types of
incipient melting were discussed in Ref. [25].

It has been demonstrated that the dissolution of the
S-phase by multi-step solution treatment leads to
improvements in corrosion, stress corrosion cracking,
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Fig. 3 Partial DSC curves for AA7150 alloy showing incipient
melting onset temperatures associated with # and S phases in
different conditions: (a) As-rolled condition; (b) After solution
treatments (All curves are based on a DSC heating rate of 10
°C/min; curves 1, 2, 3 were measured after RRA, adapted from
[25,26])

strength and damage tolerance properties with negligible
change in ductility as long as great care is taken to avoid
overheating and excessive recrystallisation [23—-26].
Some similar findings about property improvements
arising from more complete dissolution of soluble coarse
constituent particles at elevated solution treatment
temperatures have been reported for other 7xxx alloys in
China in recent years [27—30].

Attempts have also been made to dissolve the
S-phase during the homogenisation treatment. In recent
work on DC-cast AA7150 at Monash University, WANG
et al [13] found that although the as-cast eutectic starts to
melt at around 474 °C, a two-step homogenisation
treatment of 40 h at 465 °C followed by 4 h at 480 °C
can be used to completely dissolve the #- and S-based
constituents. However, the heating rate must be very
slow above 455 °C to avoid overheating, since localised
melting may occur at relatively low temperatures due to
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Fig. 4 Backscattered electron SEM images of tensile fracture surfaces and optical micrographs from polished sections corresponding
to DSC curves 1 and 3 in Fig. 3: (a, b) Rounded S and agglomerated Al,Cu,Fe particles; (c, d) Al;Cu,Fe particles

the heavily segregated cast microstructure. Another
challenge is the fact that #- and S-phases may precipitate
again during cooling after homogenisation or during
subsequent elevated temperature processing. If the
post-homogenisation processes are well controlled, at
least the particles will not be as coarse as after casting
and will therefore be easier to dissolve during solution
treatment. Other strategies explored at Monash
University to make it easier to dissolve the S-phase
during solution treatment and thereby improve the
overall balance of properties include compositional
adjustments to lower the solvus temperature and severe
rolling reductions to break up the coarse particles. Some
of these options may also be helpful to reducing harmful
effects from less soluble coarse intermetallics such as
Al;Cu,Fe and Mg,Si. It is well known, for example, that
the damage tolerance can be improved by reducing the
alloy Fe and Si contents.

Some alternative solution treatments that have been
tested are shown in Fig. 1. Multi-step high temperature
treatments have been described utilising consecutively
increasing temperatures to dissolve more coarse

constituents. Another treatment, described in China as a
high temperature pre-precipitation (HTPP) treatment, is a
multi-step solution treatment utilising consecutively
decreasing temperatures to increase the corrosion
resistance by means of an improved grain boundary
precipitate distribution and chemistry [31,32]. This is
similar to the two-step solution treatment patented by the
Reynolds Metals Co. [33,34], which was designed to
improve  the exfoliation corrosion  resistance.
Unpublished work at Monash University on AA7150
alloy revealed that this Reynolds process with 2-step
solution treatment plus 2-step ageing is capable of
achieving a higher electrical conductivity and a similar
or slightly lower hardness than a standard T7751 process
with 1-step solution treatment and 3-step ageing [35].
This is consistent with claims that such a process can
improve the corrosion resistance.

3.2 Quench sensitivity and continuous cooling
precipitation behaviour
Following solution-treatment, products are rapidly
quenched in cold-water to produce a super-saturated
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solid solution. Rapid quenching also retains a high
concentration of vacancies, which may subsequently
facilitate nucleation of the fine-scale strengthening
precipitates. Rapid quenching produces significant
residual stresses attributable to non-uniform cooling rates
through the thickness of the plate and local differences in
rates of contraction. Less severe quenching rates are
sometimes used to reduce the magnitude of such residual
stresses and/or distortion. This may be achieved
industrially by reducing the heat transfer rate using
methods, such as: 1) quenching into warm water,
2) saturating the quenching water with CO, gas, and/or 3)
chemically treating the product surface to reduce surface
heat transfer [36]. If the quench rate is too high, inter-
granular cracking may occur. The risk of such quench
cracking occurrence and its severity increase with
increasing cooling rate, higher quench temperatures,
increasing product size and increasing alloy content [37].

During a slow quench, longer diffusion time may
allow coarser precipitates to develop at the grain
boundaries, at interfaces with constituent particles, and at
dispersoids, thereby reducing the amount of solute
available for fine-scale hardening precipitates to form
during subsequent ageing [6,38]. If an alloy is
susceptible to such precipitation during slow quenching,
it is described as being quench sensitive. This is a major
issue with thick products, where the quench rates, and
therefore the properties, may vary significantly across
the thickness of the product. Typically, Zr-containing
alloys are less quench sensitive than Cr- or Mn-
containing alloys since Al;Zr dispersoids are more likely

to be coherent with the a(Al) matrix and therefore less
likely to act as heterogeneous nucleation sites during
quenching [39].

Recent work at Monash University on alloy AA7150
has shown that the whole ageing curve after air cooling
achieves a clearly higher hardness at the centre of an
80 mm thick plate than on the plate surface. After water
quenching, the difference in the ageing curves between
surface and centre locations is negligible. This suggests
that more solute is lost to non-hardening precipitates
during air cooling at plate surface than at plate centre
locations, namely the surface is more quench sensitive
than the centre. The main microstructural difference
between the plate surface and the centre locations is that
the surface exhibits a higher degree of recovery and
recrystallisation as a result of the more severe rolling
deformation on the surface compared with the centre.
This results in more heterogeneous nucleation sites such
as grain and sub-grain boundaries on the plate surface
compared to the plate centre locations. Interestingly,
however, SEM and TEM studies at Monash University
have shown that metastable coherent L1, Al;Zr
dispersoids in unrecrystallised grains can transform into
incoherent L1, Al;Zr dispersoids after recrystallisation.
These incoherent L1, Al;Zr dispersoids are much more
likely to act as heterogeneous nucleation sites than their
coherent precursors and are believed to be part of the
reason why the plate surface is more quench sensitive
than the centre. Some of these findings are illustrated in
Fig. 5. Some similar findings have recently been reported
for AA7050 sheet in China by ZHANG et al [40].
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Fig. 5 Bright field TEM images from AA7150 alloy plate centre locations after (a) water quenching and (b) air cooling from a

solution treatment temperature of 480 °C. In each case, the lower part of the micrograph shows a fully recrystallised grain, while the

upper part shows un-recrystallised sub-grains. The fine dots are L1, Al;Zr dispersoids. After air cooling, a large amount of

non-hardening precipitates are observed in recrystallized grains but not in un-recrystallised grains. These coarse #-phase precipitates

have typically been nucleated on incoherent L1, Al;Zr dispersoids. The plot in (c) shows hardness results after 24 h of ageing at 120

°C for both plate surface (S) and centre (C) locations in air cooled (AC) and water quenched (WQ) conditions.
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By contrast, studies at Monash University have
shown that there is no significant difference in the aged
hardness between the samples that were water quenched
or air cooled after homogenisation (i.e. without hot
rolling). This lack of quench sensitivity before
thermo-mechanical processing, but after coherent L1,
Al3Zr  dispersoids  have  precipitated  during
homogenisation, further supports the that
recrystallisation during solution treatment can increase
the quench sensitivity by making L1, Al;Zr dispersoids
incoherent with the matrix. Equilibrium DO0,; AlZr
dispersoids have been reported to be incoherent with the
matrix and may also increase the quench sensitivity of
7xxx alloys [9,41,42]. However, such equilibrium D0y
Al;Zr dispersoids were not observed in this soon-to-be
published work at Monash.

The quench sensitivity of 7xxx series Al alloys has
been studied for over 50 years. During this time, many
interrupted quenching and isothermal holding studies
carried out to determine time—temperature
transformation (TTT) or time—temperature property
(TTP) diagrams [43—46]. In recent time, however, there
has been a growing interest in studying the more
industrially-relevant continuous cooling transformation
(CCT) behaviour. Recent studies in China have focused
on characterising the continuous cooling behaviour of
various 7xxx series alloys by utilising a Jominy end
quenching procedure [47,48]. By contrast, recent work in
Europe has focused on performing continuous cooling
DSC experiments [15—18, 49—51]. The method that was
recently developed at the University of Rostock
(described in Section 2) was adopted at Monash
University because it allows the quench-induced
reactions to be quantified. A snapshot of some of the
recent results obtained by this method for alloys AA7020
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and AA7150 is shown in Figs. 6—8. Full details were
given in Ref. [52]. The results in Figs. 6—8 and in
Ref. [52] show that the more concentrated alloy AA7150
has higher precipitation heats, higher hardness values
and a significantly higher quench sensitivity than alloy
AA7020. The continuous cooling precipitation (CCP)
diagrams in Fig. 8 show the identities of the various
quench-induced precipitation reactions and their
locations in continuous cooling temperature—time space.
Further microstructural characterisation by electron
microscopy and small-angle X-ray scattering is currently
underway, as is similar work for several other 7xxx
series alloys. One of these is AA7085, which is part of a
new generation of high-strength alloys with high Zn/Mg
ratio and reduced quench sensitivity [53—55].

3.3 Ageing behaviour and property implications

After solution treatment, quenching and stress
relieving, 7xxx series alloys are aged as shown in Fig. 1.
Some typical ageing parameters for aerospace plate
products are shown in Table 2. Peak strength may be
achieved by means of a one-step or two-step ageing
treatment. Two-step ageing treatments consist of low
temperature ageing followed by higher temperature
ageing. Improved combinations of properties may be
achieved by more complex treatments such as
retrogression and re-ageing (RRA) or interrupted ageing
[56]. During ageing, the size and spacing of matrix
precipitates increase, with the initial precipitates usually
being coherent, and then becoming semi-coherent, and
finally incoherent. These changes result in increasing
strength associated with an increasing fraction of fine-
scale precipitates reaching some optimum distribution at
a maximum hardness, followed by decreasing hardness
associated with precipitate coarsening that results in a
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120 °C for 24 h, as a function of continuous cooling rate; adapted from Ref. [52]
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Table 2 Typical ageing parameters for selected 7xxx alloy
aerospace plate products [22,58]

Alloy Temper Ist ageing step 2nd ageing step
AA7075 T6 121 °C,24h -
AAT150 T6 121 °C,24h 154°C, 12 h
AAT050 T76 121 °C,3-6h 163 °C, 12-15h
AAT050 T74 121 °C,3-6h 163 °C,24-30 h
AAT050 T73 121 °C,4-24h 177 °C, 8-16 h
AA7075 T73 107 °C,6-8h 163 °C,24-30 h

progressive reduction in the number of particles and an
increase in average particle spacing. The peak hardness
and yield strength for high-strength 7xxx series alloys
are typically in the range of VHN 160-200 (450—
570 MPa), although higher levels can be achieved.
Precipitates formed at high-angle grain boundaries
are usually the equilibrium phase (e.g. #), and are usually
much larger than those formed in the matrix (e.g. #'),
owing to preferred nucleation and accelerated growth
due to faster diffusion of solute along grain boundaries
than in the matrix. Grain boundary precipitates drain
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solute from adjacent regions so that there is insufficient
solute to form matrix precipitates near the grain
boundaries. Hence, precipitate-free zones (PFZs) form
adjacent to grain boundaries (and around some coarse
particles). The formation of PFZs is also influenced by
interfaces acting as vacancy sinks, leading to reduced
vacancy concentrations and precipitation kinetics around
the interfaces.

Early aircraft designs were built with strength-to-
weight ratio as the primary design parameter, and hence
the peak-aged (T6) heat treatment was first widely
adopted for this purpose. The incidence of corrosion-
related failures in 7xxx series alloys prompted research
into over-aging (T7X) heat-treatments, which were
developed in the early 1960s to improve the resistance to
stress corrosion cracking (SCC) by means of the T73
temper and resistance to exfoliation corrosion by means
of the T76 temper. No SCC service failures have been
reported for over-aged AA7075-T73 components [57].
Typically, T73 heat treatments involve a two-stage
over-ageing process as shown in Table 2 [22, 58]. Such
over-ageing heat treatments reduce the strength by
10%—15% compared with the peak-aged T6 condition.
For the tempers shown in Table 2, increasing over-ageing
along the sequence T6—T76—T74—T73 progressively
decreases the strength but increases the corrosion
resistance. Significant weight penalties therefore arise in
T73 components designed to carry the same loads as T6
components. Moreover, over-ageing treatments were
successful in Al-Zn—Mg—Cu alloys containing >1% Cu,
and appeared to be ineffective in some low Cu alloys
such as AA7079 for reasons believed to be related to the
microchemistry and electrochemical activity of the
anodic grain boundary precipitates [59].

In order to improve the SCC resistance of 7xxx
series alloys without reducing the strength significantly
below T6 values, a three-stage heat treatment known as
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retrogression and re-ageing (RRA) was developed in the
early 1970s [60]. The process originally involved
re-treating an already peak-aged alloy at 200—260 °C for
7-120 s, followed by re-ageing the material using the
original T6 heat-treatment (e.g. 24 h at 121 °C for
AA7075). However, since such times and temperatures
do not provide adequate through-heating of thick-
sectioned materials, lower retrogression temperatures
(180—200 °C) and longer times (45—90 min) were used
to make it practical for aircraft components [61]. The
RRA process has since been commercially developed as
the T77 temper (e.g. AA7150-T7751 and AA7055-
T77511) with proprietary ageing parameters, but is
widely described as a three-step RRA treatment and is
used in the present generation aircraft such as the Boeing
777 [4]. The improvement in corrosion properties for the
T77 heat treatment has been attributed to changes in
grain boundary precipitate characteristics, such as their
microchemistry, electrochemical activity, size and/or
distribution [4, 24].

Electrical conductivity and hardness measurements
can be used to monitor the precipitation activity during
the RRA process, as shown for AA7075 in Fig. 9. The
aim of this work at Monash University by KNIGHT [59]
was to achieve an electrical conductivity of ~38% IACS
(T7 heat-treatment specification) whilst maintaining the
hardness higher than 90% of the peak-aged hardness.
Broadly speaking, retrogression results in a decrease in
hardness and an increase in electrical conductivity as
small precipitates are dissolved and large precipitates are
coarsened. Such coarsening occurs in a wide range of
7xxx alloys and is illustrated for AA7150 alloy in Fig. 10.
Based on the detailed experimental and modelling work
at Monash University described in Section 2 (including
SAXS to wvalidate the model), GROSVENOR [21]
identified three distinct stages of microstructure
evolution during the retrogression of alloy AA7075:
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Fig. 9 Effect of retrogression time and temperature (180, 195 and 210 °C) on properties of AA7075: (a) Vickers hardness;
(b) Electrical conductivity (The re-aging treatment in this case at 120 °C for 24 h [59])
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stretching + ageing for 24 h at 120 °C + 1.5 h at 185 °C

1) Rapid dissolution of precipitates but similar
overall mean precipitate radius during heating to the
retrogression temperature.

2) Increases in precipitate volume fraction and mean
radius due to the nucleation and growth of precipitates.
This coincides with the secondary hardening observed on
the R(180 °C) and R(195 °C) curves in Fig. 9(a) between
about 10 and 20 min.

3) Precipitate coarsening in the later stages of
retrogression. This coincides with the drop in hardness at
long retrogression times.

Re-aging, on the other hand, restores some of the
hardness due to a re-precipitation of some matrix
precipitates and is accompanied by a further increase in
electrical conductivity. GROSVENOR [21] identified
two distinct stages of microstructure evolution during
re-ageing:

1) An increase in the volume fraction of precipitates
together with a small increase in mean radius in the early
stages of re-ageing. This coincides with the increased
strength.

2) A slight coarsening of the precipitates with no
observable change in volume fraction at long re-ageing
times.

Both this work by GROSVENOR on AA7075 and
other work at Monash University by ROMETSCH and
XU on AA7150 indicated that there is relatively little
change in the microstructure and hardness at re-ageing
times between about 12 h and 48 h at 120 °C.

The TEM results in Fig. 11, from work at Monash
University on alloy AA7075 [59], showed that
over-ageing from a T6 to a T7 temper results in the
following microstructural changes:

1) An increase in the matrix precipitate size and
spacing;

2) An increase in the grain boundary precipitate size,
area fraction and spacing;

3) An increase in the width of the precipitate-free
zone.

The same work at Monash University also showed
that over-ageing causes a transition from planar type slip
to wavy slip. Similar grain boundary microstructures and
slip-modes were observed for low-Cu AA7079 and
higher-Cu AA7075 for similarly aged T6 or T7
conditions, suggesting that microchemistry may be the
cause for different susceptibilities to SCC (up to three
orders of magnitude difference in the T7 condition) [59].
Over-ageing was found to increase the SCC resistance
(decreased plateau velocities) substantially for slowly
quenched AA7079 and AA7022 alloys (with bulk Cu
contents of 0.6%—0.9%), contrary to the general view in
the literature that over-aging is ineffective for 7xxx series
alloys with less than 1% Cu (by mass).

Measurements of the open circuit potential of
initially un-corroded brittle intergranular fracture
surfaces (produced by fast fracture at —196 °C), and
measurements of the changes in potential with time of
immersion in aqueous environments, are a novel way of
estimating the differences in potential between grain
boundary precipitates and adjacent regions. For
over-aged alloys, there was an approximately linear
relationship between the plateau velocities (on a log
scale spanning 4 orders of magnitude) and the potential
at the start of corrosion (when the potential was
influenced by the large area fraction of up to 30% of
grain boundary precipitates) [59,62]. The initial open
circuit potential (OCP) and SCC velocity of over-aged
alloys appeared to be mainly controlled by the Cu
content of the grain boundary precipitates: lower Cu
contents result in larger differences in potential between
MgZn,_,Cu, precipitates and adjacent areas, thereby
resulting in higher anodic and cathodic reaction rates
(and more hydrogen embrittlement).

Increased Cu levels in grain boundary precipitates
have also been achieved as a result of high temperature
pre-precipitation (HTPP) in both a low-Cu alloy
(Al1-4.4%2Zn—2.4%Mg—0.13%Cu) [32] and a high-Cu
AA7055 alloy (Al-8.4%Zn—2.4%Mg—2.6%Cu) [63].
The effects of higher Cu composition were associated
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Fig. 11 TEM images (a—c) showing increase in size of matrix and grain boundary precipitates for AA7075 alloy with over-ageing in
different conditions: (a) TEM image, T651; (b) TEM image, T7 (T651 + 16 h at 160 °C); (¢) TEM image, RRA (T651 + 45 min at
195 °C + 24 h at 120 °C) [59]; (d) Corresponding grain boundary precipitate lengths and PFZ widths

with increased resistance to intergranular corrosion and
SCC. XU et al [24] showed that an increased effectively
available Cu content from increased S-phase dissolution
resulted in a higher Cu content in grain boundary
precipitates after RRA, which translated into an
increased corrosion resistance after RRA. Anomalous
small-angle X-ray scattering has been used to show that
the Cu substitution for Zn also occurs in the matrix
precipitates when an Al-Zn—Mg—Cu alloy is
isothermally aged at 160 °C. This result, combined with
atom probe tomography that showed the concentrations
of Mg and Al in matrix precipitates during the heat
treatment to be relatively constant, suggests that the
partial substitution was real [64,65].

All the recent work at Monash University supports
the view that elevated temperatures (e.g. during over-
aging, pre-precipitation or retrogression treatments)
activate Cu diffusion, which results in favourable
changes in the microchemistry of the grain boundary
precipitates and thereby increases the resistance of the
alloy to intergranular corrosion and SCC. It is therefore
believed that the improved corrosion resistance of the
T77 and other T7 tempers is more related to the
microchemistry of the grain boundary precipitates than to
their size or spacing [59,66].

As mentioned above, heat treatments of 7xxx series
alloys can affect the distribution of grain boundary
precipitates, PFZ width and matrix precipitate
distribution (and slip-mode), which in turn affect the
fracture behaviour. When there is a large PFZ and a
small area fraction of grain boundary precipitates,
significant plastic work is required for voids to grow and
impinge on one another during the micro-void
coalescence process. However, when there is either a
small PFZ width (e.g. peak-aged) or a large area fraction
of grain boundary precipitates (e.g. over-aged), voids do
not expend much plastic work before growing to a size
where they impinge on each other and cause micro-void
coalescence. The relative strengths of the PFZ and grain
interior determine the extent of strain localisation at
grain boundaries and thereby affects the fracture
toughness [67]. For this reason it is important to control
the quench rate and extent of ageing such that
microstructures do not lead to unfavourable properties.
Of course, this only applies in the case of ductile
intergranular fracture. Other fracture modes (e.g. dimple
transgranular) have their own dependency on heat
treatment conditions primarily by slip-mode dependence.
There are also many other factors that affect the damage
tolerance. The improved fracture toughness of 7150-
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T7751, for example, has been attributed largely to its
un-recrystallised microstructure (giving a more tortuous
crack propagation path) and its reduced volume fraction
of coarse intermetallic particles [4,68]. As a result, a
holistic alloy and process design approach (covering the
alloy composition and the whole processing schedule
outlined in Fig. 1) is needed if the overall balance of
properties is to be improved.

4 Conclusions

This paper has provided an overview of some recent
developments in the heat treatment of 7xxx series
aluminium alloys that researchers at Monash University
have contributed to. The effects of homogenisation,
solution treatment, quenching and ageing treatments on
the evolution of the microstructure and properties of
some important 7xxx series alloys have been discussed.
In particular, it has been demonstrated how
improvements in the microstructure and properties can
be obtained by 1) dissolving unwanted coarse constituent
particles such as the S-phase through well-controlled
high temperature treatments, 2) controlling the quench
rate and factors that influence the quench sensitivity, and
3) performing ageing/precipitation treatments at elevated
temperatures to increase the Cu content of grain
boundary precipitates to render them less anodic with
respect to the matrix. Heat treatments 1) and 3) in
particular have been found to be very effective in
improving the corrosion resistance without decreasing
the strength. The quenching work described here
demonstrates how the DSC technique recently developed
at the University of Rostock may be used to quantify the
quench sensitivity by means of continuous cooling
precipitation analyses for the purpose of alloy and
process design. It must be emphasised that the
development of 7xxx series alloys and processing
treatments is a complex matter that has been widely
studied for over 50 years. If further improvements in
microstructures and properties are to be achieved, it is
vital that the whole processing route from alloying and
casting to final ageing be studied in detail.
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